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Abstract 
pagsj 

Alloys based on the intermetallic phase TiAl are of interest due to their low density and attractive 

mechanical properties, however, industrial application is currently limited by the poor ambient 

temperature ductility of the alloys. The goal of this work is to clarify the influence of microstructure 

and orientation relationships on the mechanisms of room temperature deformation of two-phase TiAl / 

TÌ3AI alloys. Although the basic relationships between microstructure and mechanical properties are 

being established in these two-phase alloys, little is known about the underlying deformation 

mechanisms. Moreover, the influence of the orientation relationships which exist in these two-phase 

alloys on the deformation behavior also need to be defined. 

Therefore, a cast two-phase Ti-47.5Al-2.5Cr alloy was heat treated to produce two 

microstructural conditions for detailed study of the deformation mechanisms using transmission 

electron microscopy (TEM). The two microstructures studied were a transformed lamellar 

structure with a bimodal lamellar distribution and an equiaxed microstructure which consisted of 

elongated TÌ3AI particles dispersed in a matrix of equiaxed TiAl grains. Samples of the heat-treated 

materials were then deformed 2% in compression at room temperature and the resulting deformation 

mechanisms were identified. Consistent indexing methods were established and used to determine the 

unique orientation relationships between grains which subsequently allowed for the spatially correct 

determination of the deformation mechanisms. In order to identify the influence of these orientation 

relationships on the deformation process, a geometric compatibility factor has been introduced 

which can be used to measure the relative alignment of the slip systems in adjacent grains. This 

relative alignment is significant since it is expected to control the transfer of deformation across the 

grain or lamellar boundaries. 

Analysis of the deformation mechanisms and orientation relationships in many grains has been used to 

show that the active deformation mechanisms are determined by both the Schmid and geometric 

compatibility factors. It is also shown that deformation twinning of the type 1/6<112](111} and glide 

of ordinary 1/2<110] dislocations on the close-packed f i l l ) planes are the preferred deformation 

modes. <101] and 1/2<112] superdislocations are usually only present in grains where twinning and 

ordinary dislocations are not easily activated. This asymmetric deformation behavior is understood by 

consideration of the ordered LIo structure and the polarity of the twinning process. Furthermore, it 

has been shown both experimentally and theoretically that the 120° type orientation rotation provides 

the best geometric compatibility of slip systems in adjacent grains. The geometric compatibility factor 

has been shown to be useful in predicting the activation of slip systems in response to a stress 

concentration and activation of the required slip systems in the fine lamellar structures. Finally, the 

deformation behavior of the TÌ3AI phase is shown to have a notable impact on the deformation 

characteristics of the lamellar structure. 

Ti-47.5Al-2.5Cr


pane li 

These findings indicate that the transmission of deformation across grains is, as expected, controlled 

by the orientation relationship between the grains. Since different relationships provide differing 

compatibilités od slip systems in the adjacent grains, it is expected that the ductility of two-phase 

alloys can be modified through careful control of the microstructure to obtain the maximum number of 

favorable 120° rotations. In this light, it is expected that the equiaxed microstructure possesses a 

superior ductility due to the relative ease of activation of deformation twinning, increased localized 

deformation and a favorable distribution of orientation relationships. In grains where the favorable 

ordinary dislocations and twinning are not easily activated, superdislocations are necessary. 

Understanding the behavior of these dislocations with the aim of increasing their mobility still remains 

an important route for improving the ductility of these TiAl alloys. 
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1. Tntroducíion and Literature Review 

1,1 General Introduction 

The useful potential of many current high temperature structural alloys has been, to a great extent, 

already exploited. This is especially true, for example, for nickel and titanium base alloys [1-4]. 

Therefore, alternative materials or materials systems are being sought for die next generation of 

aerospace vehicles and engines, to improve the efficiency of industrial equipment and to reduce die 

burden on the environment. One possibility for the attainment of materials which present a 

revolutionary improvement in properties is the family of materials designated intermetallic phases. In 

general terms, an intermetallic compound may be defined as a phase which crystallizes in a structure 

different from that of its components, where this structure is ordered such that the individual atomic 

species assume well defined positions within the crystal lattice and whose composition is usually near 

a simple stoichiometric ratio. 

Although intermetallic phases were identified nearly 100 years ago [5], it has been only recently that 

attempts have been made to isolate them for use as monolithic materials [6]. Intermetallic alloys based 

on the aluminides are the most widely researched and developed materials. These materials are highly 

desirable due to their low density and inherent corrosion and oxidation resistance. While their 

development is largely driven by the aerospace industry [7-9], demand for improved materials for 

fossil fuel plants [10], industrial turbines [4] and automotive applications [11-13] also exists. The 

long range order present in intermetallic phases can have dramatic effects on the mechanical properties 

due to the combination of metallic and covalent types of bonding [5,14]. These effects generally 

include increased strength and temperature resistance which are, unfortunately, almost always 

accompanied by decreases in ductility. It is this brittle behavior of virtually all intermetallics that 

has, so far, limited their widespread application. 

A comparison of the state-of-the-art in 1966 [6] with recent review articles [15,16] shows just how 

much progress has been made towards the development and understanding of intermetallics. One of 

the most frequently investigated alloy systems is the Ti-Al system where diree intermetallic 

compounds can be identified. For titanium-rich compositions near the stoichiometric ratio 3:1 Ti/Al 

exists the compound TÍ3 Al1 one of the first compounds to be extensively developed and which is, to a 

large extent, responsible for the current interest in intermetallics [2]. At nearly equiatomic Ti-Al 

compositions exists the TiAI ordered phase. Alloys based upon this phase are currently the most 

active area of research in intermetallics [7,11] and will be the focus of this thesis. Finally, for 

aluminum-rich compositions, the stoichiometric line compound AI3TÎ can be identified. 
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1.2 The Intcrmeiallic Phase TiAl 

The intermetallic phase TiAl, commonly referred to as the gamma phase or y-TiAl, forms for nearly 

equiatomic compositions of Ti and Al. A range of compositions from 48-55 atomic % aluminum are 

stable depending upon temperature and alloy purity. TiAl possesses the LIo ordered structure which 

is composed of alternate (002) layers of titanium and aluminum atoms [17]. Although the structure is, 

strictly speaking, face-centered tetragonal (fct), the low c/a axial ratio (=1.02) indicates that the 

structure can be roughly treated as cubic for most purposes. The phase is fully ordered up to the 

melting temperature of approximately 145O0C and, combined with the low density (=3.8 gem-3), give 

the alloy desirable specific and elevated temperature properties. However, the first survey of TiAl 

alloys in 1956 indicated that, although the alloy exhibited interesting strength, hardness and thermal 

stability, it was extremely brittle at room temperature [18]. Unfortunately, even after substantial 

research and development efforts, single-phase TiAl alloys remain very brittle and are no longer 

considered potentially useful materials. However, two-phase alloys based on TiAl and TÌ3AI do show 

good potential for industrial utilization and these will be discussed in detail in Section 1.4. 

1.2.1 Crystallography 

The Ll 0 unit cell is shown in Figure 1.1. The alternate (002) planes of aluminum and titanium are 

readily seen in üiis diagram. Since the c/a ratio is almost unity, the unit cell can, for most purposes, 

be considered cubic. However, while the dimensions of the cell are nearly cubic, theLlnordering 

indicates that not all directions within the same family are 

equivalent. For instance, [110] is not equivalent to [101] or 

[011], [100] is not equivalent to [001] or [010], and so on. 

In order to simplify the designation of families of equivalent 

directions, a mixed notation has been introduced [19] such 

that equivalent directions are represented by <hfcl]. This 

notation indicates that the h and k indices may be permutated, 

while the 1 index remains fixed. Also indicated in Figure 1.1 

are some of the important directions which could be possible 

perfect dislocation Burgers vectors. In increasing order of 

length, these lattice translation vectors are 1/2<110], <100>, 

l/2<112]and <101].' It should be noted that a translation Figure 1.1 : The LIn unit cell. 

of 1/2<110] would shear the atoms to a chemically correct lat­

tice position. This translation is the same as that of the normal dislocation in a fee crystal and is, thus, 

referred to as an ordinary dislocation. In contrast, a translation of 1/2<101] would move the atoms to 

a chemically incorrect lattice site such that a perfect lattice translation requires a displacement twice this 

O Al 

1 Throughout this text, the lattice parameter, a, will be left out of the notation or the Burgers vector. However, its 
presence is always implicit. Furthermore, to be strictly correct, a 1/2<1121 dislocation would be properly indicated by 
use of both the a and c lattice parameters as 1/2<a,a, 2c). 
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length or <101]. This type of translation is commonly referred to as a superdislocation since it is 

composed of two individual 1/2<101] dislocations which glide in pairs separated by a region of 

incorrect atomic stacking called an antiphase boundary, APB. A second possible type of 

superdislocation is the 1/2<112] translation. Finally, a translation of <100> could also be a perfect 

dislocation. It should be noted that both the 1/2<110] ordinary dislocation and <101] superdislocation 

could be expected to be glissile in two close-packed (111} planes, while a 1/2<112] superdislocation 

would only be glissile in one. 

Since the glide planes are of the {111) type, it is useful to look at the stacking arrangement of the 

(111) plane in order to gain more understanding of the possible dislocations and planar stacking faults 

in the LIo structure. A representation of three close-packed planes projected along the [111] direction 

is shown in Figure 1.2. With the aid of this diagram, it is useful to define the three types planar 

stacking faults which are possible in the LIo structure [20] : 

1.) Superlattice Stacking Faults (SSF) - the atomic stacking sequence is modified. A translation of 
the type 1/6<112] creates this type of fault. 

2.) Antiphase Boundaries (APB) - correct atomic stacking is maintained, but chemically incorrect 
first neighbor atoms are introduced. This is created by a translation of 1/2<101], for example. 

3.) Complex Stacking Faults (CSF) - both the stacking sequence and chemistry of the neighbor 
atoms are modified (a combination of both a SSF and an APB). Translations of the type 
1/6<211] will create this arrangement. 

A A layer 
D B layer 
O C layer 

O Aluminum 

A Titanium 

Figure 1.2 : Three layers of close-packed (111) planes projected along the [111] direction. 

The diagram in Fip 1.2 clearly shows that a translation of 1/2<110] leaves the lattice undisturbed and 

is, therefore, a perfect dislocation. As stated above, glide of a 1/2<101] dislocation will create an 

APB and is, therefore, only a partial dislocation. In order to return the stacking sequence back to the 

undisturbed state, a second 1/2<:101] partial dislocation must trail the first dislocation to correct the 
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stacking sequence and, thus, form a <101] superdislocation. It is also evident from this diagram that 

a translation of 1/2<112] will also be a perfect dislocation. This dislocation is also termed a 

superdislocation since, in theory, this dislocation may also dissociate into three parallel partial 

dislocations of I/6<112], These Shockley partial dislocations alter the stacking sequence, but not the 

type of nearest neighbor atom and are, hence, analogous to the Shockley partial dislocations in the fee 

structure. In contrast, the 1/6<211] Shockley partíais will change both the stacking and ordering and 

are, therefore, not analogous to the partíais in the fee crystal. Finally, it could be expected that 

twinning could occur in this alloy by passage of Shockley partial dislocations on successive {111} 

planes. However, it is very important to note that only 1/6<112] Shockley partíais may be twinning 

partial dislocations since these do not modify the ordering sequence during the twinning 

operation [21]. In contrast, passage of 1/6<211] partial dislocations on successive {111) planes 

would result in the creation of a pseudo-twin arrangement - i.e. the lattice sites are sheared into the 

correct lattice orientation for a twin, but the lattice sites are occupied by the incorrect atomic species. 

1.2.2 Room Temperature Déformation Mechanisms 

Now that the crystallography of the LIo structure has been clearly defined, it is possible to discuss the 

dislocations which have been observed in TiAl alloys. The first detailed study of die deformation of 

TiAl identified 1/2<110] ordinary dislocations, <101] superdislocations and 1/6<112]{111) 

deformation twinning [22]. Elongated stacking faults on the (111} bound by 1/6<U2] partial 

dislocations were also observed. In a subsequent deformation study, 1/2<112] superdislocations 

were also identified [20]. Finally, perfect dislocations of die Burgers vector <100> have also been 

observed, aldiough only at very high temperatures [23,24]. The appearance of these dislocations at 

elevated temperatures is similar to the related fee structure and these dislocations will not be 

considered further since they have not been identified at room temperature. To recapitulate, the 

following deformation structures have been identified in TiAl: 

a.) 1/2<110] ordinary dislocations, 

b.) <101] superdislocations, 

c.) 1/2<112] superdislocations, 

d.) deformation twinning, only of the 1/6<112] ( 111} type and, 

e.) stacking faults on {111] planes which are bound by 1/6<112] partial dislocations. 

A summary of the major deformation studies which have been undertaken on single-phase TiAl alloys 

is given in Table 1.1 in order to establish the relative importance of these different mechanisms. 

Firstly, it should be noted there is strong agreement between most studies that the dominant 

deformation mechanisms are 1/2<110] ordinary dislocations and <101] superdislocations with some 

deformation twinning. Stacking faults as described above are also usually identified. Furthermore, 

most of the studies indicate diat the 1/2<112] dislocations are much less frequent and it is suggested 

that diese dislocations are usually a reaction product [33,37]. Notwithstanding this general agreement 
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between the studies, discrepancies exist on the relative importance of the 1/2<110] and <101] 

dislocations. For instance, many authors [20,22,25,31] indicate that 1/2<110] dislocations are the 

dominant deformation mode in these alloys, while, in contrast, several others [29,32,36] have 

concluded that the <101] superdislocations are the dominant deformation mode. In this light, it is 

interesting to rote that several studies have been performed on alloys with very low oxygen contents 

in order to determine the influence of this interstitial element on the deformation mechanisms [30,34], 

In both of the studies, the 1/2<110] dislocations were reponed to be much more important than the 

<101] superdislocations. Therefore, differences in the activity of 1/2<110] and <101] dislocations in 

the various studies could be due to varying oxygen contents in the different alloys. Statistical 

examinations of alloys with varying oxygen content are currently in progress [30], 

As previously stated, stacking fault arrangements on the {111] planes and bound by 1/6<112] type 

Shockley partial dislocations are frequently observed in these alloys [22]. Subsequent work further 

defined the characteristics of these stacking faults as follows [20]: 

1.) They are extrinsically faulted dipoles and the extrinsic nature indicates that they must be 

formed by the passage of two partial dislocations on successive (111) planes. 

2.) They are always associated with 1/2<112] superdislocations which are discontinuously 

dissociated along their length. 

3.) They arealwayselongatedina<101] direction. 

Based on these observations, the following reaction was proposed to account for the formation of 

these faulted dipoles (as they will subsequently be referred to): 

1/2<112] => 1/6<112] + SESF +1/3<112] 1.1) 

where SESF represents an extrinsic stacking fault. A formation mechanism for these faults was 

proposed based upon the local pinning of a 1/2<112] dislocation into a dipole and the subsequent 

rearrangement of the core of this dislocation to the faulted arrangement [20]. Subsequent studies have 

called the finding of extrinsic faults into question and this sheds some doubt on the validity of the 

proposed formation mechanism [38]. Alternative formation mechanisms have recenüy been 

proposed [37]. Given the widespread observation of these faulted dipoles, it is curious that relatively 

little study has been devoted to these faults; however, diese are the subject of ongoing research [39]. 

Many complex dissociations and core arrangements have been predicted for the LIo structure (40-42]. 

The distances between the dissociated partial dislocations have been calculated using elasticity theory 

[43] and the energies of various non-planar core configurations [42] have also been computed. While 

the importance of the detailed core structure on the mobility of dislocations is well established [44], 
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this is not the object of this work and, thus, will not be discussed here.2 In general, the dislocations 

may split into, for example, supeipanial or Shockley partial dislocations separated by any of the three 

types of stacking faults indicated previously. Furthermore, several decompositions (distinct from 

dissociations in that the resultant dislocations are perfect dislocations rather than partial dislocations) 

have been shown 10 be important in TiAl. 

For compositions near TÎ-25AI, the stoichiometric compound TÌ3AI forms with the DO19 ordered 

hexagonal phase. This phase, commonly designated 0:2, is stable for compositions ranging from 

approximately 22 to 35% aluminum and undergoes an order-disorder transition at a maximum of 

1200°C. The DO19 structure is shown below in Figure 1.3. As can be seen in the diagram, the a 

lattice parameter is twice that of the disordered hexagonal phase, a, while the c parameter remains the 

same. However, the standard hexagonal system is still used to designate the planes and directions in 

this ordered structure, forinstance, the [0001] and [2ÎÏ0] have been indicated in the diagram. It is 

necessary to recall that directions and planes will, in general, not be perpendicular in the hexagonal 

system. Three different types of dislocations can be observed in T13AI alloys - namely, <a>, [c] and 

<a/2 + c> dislocations [45]. The 1/6<Ü20> dislocations, or dislocations <a> type usually travel in 

superdislocation pairs [46] and are the most 

' J commonly observed dislocations [47-49]. 

These dislocations are usually glissile on 

the [Í100) prism planes, although they 

have also rarely been observed on the 

(0001) basal plane [50]. The <a/2 + c>, or 

<1126>, type dislocations which are 

glissile on the {1121 !pyramidal planes are 

only rarely observed and exhibit a very 

high critical resolved shear stress [48,51]. 

It has been shown that alloying additions, 

for example, Nb, can render the activation 

of these pyramidal dislocations [47] more 

favorable. Pure [c] dislocations, or [0001], 

have also been observed [47,52], although 

Figure 1.3 : DO19 structure of T13AI. only rarely and they are believed to be 

• A l and o Ti atoms. largely immobile. Finally, under the neces-

LDOi9 

~~ TlCp 

2 Far further de tai b concerning the possible dislocation dissociations and decompositions, the reader is referred to, for 
example, [19,41-43]. 
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sary loading conditions, deformation twinning has also been observed [53]. As with conventional 

titanium alloys, interstitial elements such as oxygen are expected to have a large influence on the 

deformation mechanisms and ductility of TÍ3AI alloys. 

1.4 Two-Phase TiAl/TnAl Allovs 

Although single-phase alloys show little technological promise due to their brittle behavior, two-phase 

alloys consisting of the TiAl and T13 Al phases are currently of great interest because of their improved 

ductility and interesting combinations of mechanical properties. For full details of two-phase alloys, 

the reader is referred to a number of excellent reviews [15,54J. For compositions between 35 to 50% 

aluminum, two-phase alloys are possible which consist of the two phases individually described 

above. Typically, alloys under development contain between 47 to 49 % aluminum with further 

alloying additions added to optimize the combination of mechanical properties. In order to understand 

the microstructural development of these alloys, an expanded view of the central portion of the TÎ-A1 

phase diagram is shown in Figure 1.4. For these alloys, a single-phase disordered a phase region 

exists between 135O0C and 145O0C. Upon cooling from this phase region, the ordered y phase will 

begirt to precipitate from the disordered a phase. Depending upon the exact composition, two 

reactions are possible upon further cooling. For aluminum-rich compositions, at some temperature 

within the two phase y + a phase region, the disordered a phase may undergo an ordering 

transformation to form the ordered ct2 phase [54]. For leaner compositions, any remaining cc phase 

will decompose into me 0:2 and y phases at the eutectoid temperature of 11200C 

1.4.1 Orientation Relationships 

When the y phase precipitates either from the disordered a phase or ihe ordered <X2 phase, the two 

phases will exhibit the following crystallographic orientation relationship [55]: 

[2UO]a2//<Qn>y and (0001)¾// (HlJy 1.2) 

Yamaguchi has subsequently shown that this relationship is more properly written as [56] 

<2110>ct2//[lI0J¥ and (0001)¾// {111 )Y 1.3) 

since only the <110] direction is exactly parallel toa<2110> direction in the 02. while the <101] 

directions are usually 0.2-0.3° from being exactly parallel due to the tetragonality of the LIo structure. 

According to this orientation relationship, the basal plane of the oç and a ( 111} octahedral plane in the 

y phase will be parallel and, therefore, define the interfacial boundary plane between the two phases. 

Due to this orientation relationship, the two-phase microstructure will tend to be composed of aligned 

lamellae of the two phases. 
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Figure 1.4 : The central portion of the binary aluminum - titanium phase diagram from 157]. 

In these lamellar structures, it is also possible for adjacent y phase lamellae which may come into 

contact to exhibit defined orientation relationships. Feng et. al. [58] was the first to observe that 

adjacent lamellae could exhibit both a twin relationship, defined using the notation of a deformation 

twin as <112](111), and a pseudo-twin relationship defined by <121](111). The existence of these 

supposedly forbidden pseudo-twin adjacent lamellae was rationalized by the presence of a thin layer of 

TÌ3AI between the adjacent y lamellae. It was later shown that there must not necessarily be a thin ct2 

layer and that adjacent y lamellae of all orientations may come into contact [59]. Subsequently, 

Schwartz and Sastry showed thai, in addition to these twin and pseudo-twin relationships, a "stacking 

fault"-Iike relationship could also be observed in which all planes within the two lamellae are 

parallel [60]. It was later shown that this relationship could be described as a 90° rotation about a 

<010> cube axis [61]. Differently oriented regions within a single lamellae have also been observed 

[61,62] and these are always described by the 90° type rotation about a cube axis. 

T • 1 « 1 « r 
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On the basis of these observations, several authors [62-64] proposed that a total of six orientational 

variants of the y lamellae could be formed and that four of these could be individually distinguished. 

These relationships have most clearly been described by Yamaguchi [ 15,64-6S] and his notation will 

be used throughout this text. Simply, the orientation relationship between the 7 and 03 shown in 

equation 1.10 is obeyed such that the <110]y may be parallel to any one of the three <1120> 

directions in the aj. Referring to the schematic diagrams of the atomic stacking and important 

directions in both the fOOOl)^ and 011 >y shown in Figure 1.5. it is evident that the fi 101 direction 

in Y (designated A) may be parallel to any of the three <1120> directions in 0¾ (designated a, b and c). 

If the anti-parallel directions are included, the [Ì10]y may be aligned in a total of six different 

orientations with respect to the 0¾. 

Figure 1.5 : Schematic diagram 

of the planar stacking and 

important directions a.) of the 

(0001) basal plane of T13AI and 

b.) the (111) plane of TiAl. 

For the direction A parallel or 

anti-parallel to the directions a, 

b and e in TÌ3AI, the orientation 

relationship given in equation 

1.10 is fulfilled. Atomic posi­

tions of these two planes match 

across the interphase interface 

with only a slight misfit, 

however an abrupt change in 

chemical composition exists. 

Referring to Fig },?. these six orientational variants can be described as : 

Affa AfTb AÍtc 1.4a) 

Alia AlIb AUc 1.4b) 

where ft and Ii indicate parallel and anti-parallel operations, respectively. As a consequence of these 

orientational variants, adjacent TiAl lamellae will also exhibit a defined orientation relationship. These 

are most conveniently defined as a rotation of multiples of 60° about the normal to the (111) plane as 

follows: 

[1210] 

[101] 

180° A U A 60° A1ÏB 300° AJlC 1.5a) 
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O0AfTA 240° AÜB 120°AÏÏC 1.5b) 

These Y / y orientation relationships can now be described as follows. For the rotations listed in 

equation l.Sai. the ABCABC stacking sequence changes to CBACBA in the adjacent grain. 

Therefore, the A Ü A 180° rotation describes a true twin relationship, while the 60° or 300° rotation 

describes a pseudo-twin relationship. In contrast, for the rotations given in equation 1.5bì. the 

ABCABC stacking sequence is maintained in both grains. The 0° rotation results in translatíonal order 

fault and has only recently been observed [66J. The 120° or 240° rotation is commonly observed and 

results in a 120° rotational fault with the c-axes orthogonal in the two grains. Therefore, these 120° 

type rotations are also equally described by a rotation of 90° about a <010> cube axis. On the basis of 

these works, it has been proposed that six orientation relationships exist between adjacent y regions. 

However, only four of these have been experimentally verified. The observation of only four is due 

to the fact that the 60° and 300° or the 120° and 240° rotations are crystallographically equivalent 

operations. The four types of y / y orientation relationships which exist are : 

I.) the true twin, 180° relationship 

n.) the pseudo-twin relationship described by either a 60° or 300° rotation 

m.) the rotational fault with orthogonal c-axes described by 120° or 240° 

IV.) the translational order fault, 0°. 

All of the above types of rotations have been observed for adjacent lamellae. However, several 

authors have noted that the 180° true twin relationship is the most common between adjacent y lamellae 

and this is understood by energetic considerations of the possible boundary types [64]. For 

differently oriented regions within the same lamellae, only the 120° type rotation has been observed 

[61-62]. Finally, it should be mentioned that various types of dislocations have been observed in the 

various types of interfaces [67-75] and it has been suggested that alloying additions can be used to 

alter this interfacial structure in order to, ultimately, improve the ductility [76-77]. 

1.4.2 Microsmicrures 

As mentioned above, the crystallographic relationship between the CC2 and y phases indicates that a 

lamellar structure will commonly form for two-phase alloys. Cast alloys will generally consist of a 

lamellar microstructure. As expected, however, appropriate thermomechanical treatments can be used 

to modify this lamellar structure in order to create a variety of microstmctural distributions. In part, 

these thermomechanical treatments can be compared to those of, for instance, steel such that the 

microstructure resulting from a specific treatment can be predicted. In contrast with steels, the 

eutectoid lamellar structure is not a classical eutectoid reaction • i,e. where the lamellar structure is 

formed through the cooperative growth of both phases. Rather, the lamellar structure is created by the 

precipitation and growth of individual y phase plates from the a or ri2 phases [78]. Furthermore, it 
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should be noted that the phase transformations in these alloys are generally very sluggish [79-80] such 

that long-time aging treatments may be required to achieve the necessary structural modifications and, 

in some instances, the required changes may be induced only by sufficiently hot-working the cast 

structure. 

An efficient and simple microstructural classification system has been devised by Kim [81-82]. 

Rigorous microstructural investigations were performed in order to define four types of common 

microstructures : near gamma, duplex, near lamellar and fully lamellar. Depending upon the alloy 

composition, aging treatments performed just above the eutectoid temperature (>11200C) result in a 

microstructure which is composed largely of y grains. Fine <X2 grains or discrete particles may be 

dispersed throughout this near gamma structure. For higher heat treatment temperatures in die a + y 

phase field, a duplex microstructure consisting of y and lamellar 0 2 / 7 grains. This structure is 

formed when the heat treatment temperature is chosen so that nearly equal portions of a and y phases 

exist at elevated temperature. During cooling, the y-phase grains are retained, while the cc-phase 

grains decompose into the lamellar structure consisting of alternating plates of 0.2 and 7. This 

structure is generally the finest with grain sizes ranging from 20-50 Jim, Aging just below the alpha-

transus temperature in the a + y field, near lamellar microstructures will be formed which consist of 

large lamellar grains with few primary y grains dispersed at the grain boundaries. Finally, for the 

highest heat treatment temperatures, i.e. - in the a phase region, fully lamellar structures similar to 

those of the as-cast structure will be formed. Grain growth is rapid in this phase field and fully 

lamellar structures are generally very coarse. An alternative to the duplex structure could also be 

envisioned with a dual phase structure consisting of equiaxed 02 and y grains [57]. These different 

types of microstructures are schematically represented in Figure 1.6. It should be noted that the 

formation of each of these structures will clearly depend on alloy composition. Moreover, the 

addition of third elements may alter these microstructures by changing the reaction kinetics [83-84], 

Obviously, many microstructural parameters will be important in describing the final microstructures 

resultìng for any given heat treatment [15] such as: 

•• the grain size, 

•* the fraction and distribution of the various types of grains, 

•* the chemical composition of the phases. 

•• thickness of the individual 02 and y lamellae, 
•• the volume fraction of 0¾ lamellae, 

*- die size of the oriented domains within the y lamellae, 

• • the distribution of orientation relationships between adjacent y lamellae. 

It has been shown that die lamellar thickness can be varied through appropriate control of die cooling 

rates [85-86] while, in addition to well defined lamellar structures, quenching treatments have been 

used to produce Widmanstatten and acicular, massively transformed 0:2/7 structures [78,87-89 ]. 
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a.) Near Gamma b.) Duplex c.) Dual Phase 

Figure 1.6 : Various micro-

structures of two-phase alloys 

that can be created through 

appropriate thermomechanical 

treatment as described in the 

text. 

d.) Near Lamellar e.) Fully Lamellar 

1.4.3 Mechanical Properties 

The most remarkable difference between the mechanical properties of two-phase alloys versus single-

phase alloys is the dramatic increase in tensile ductility [1,28,90-92]. While single-phase alloys 

generally fracture prior to appreciable plastic deformation, two-phase alloys have been developed 

which exhibit up to 3.5% tensile elongation prior to failure [I]. The maximum tensile ductility is 

generally achieved for compositions with 47-48 % aluminum [90-91]. Further alloying additions of 

2-3% Cr [57,93-94], V [95] and Mn [96] have also been shown to improve the ductility of two-phase 

alloys. However, these alloying additions have not been shown to improve the ductility of the single-

phase alloys. Several explanations have been proposed to account for the mechanism of the improved 

ductility of the two-phase alloys including reduced tetragonality of the lattice, altered atomic bonding 

characteristics, gettering of interstitial elements by the (Xz phase, reduced grain sizes and increased 

dislocation sources [32]. 

Furthermore, the specific microstructural distribution will greatly influence the mechanical properties 

of the alloys and defining these structure / property relationships has been the focus of a number of 

studies [57,79,81,97-99]. Shown in Fipure 1.7 is a schematic description of the general influence of 

microstructure on the mechanical properties of binary alloys. In general, duplex alloys exhibit the best 

ductility, but rather poor strength [57,82], In contrast, lamellar alloys exhibit greater strength but with 

a corresponding decrease in ductility. The lamellar alloys also exhibit rather high values of fracture 

toughness (up to 35 MPaVm [100]) in comparison to the duplex structures (approximately 10-12 

MPaVm). Therefore, there exists a definite tradeoff in the ductility versus fracture toughness in TiAI 

alloys [54,81,98-99] which runs contrary to the common expectations for metallic materials. 
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Figure 1.7 : Schematic relationships 

between the microstmcture and 

mechanical properties. (NG) is near 

gamma, (NL) near lamellar and (FL) 

fully lamellar and (GS) is the grain size. 

Mechanical properties include fracture 

toughness, tensile strength and 

elongation (FX), impact resistance (IR) 

and creep resistance (CR). After [54]. 

NG Duplex NL FL 

The large variety of heat treatment schemes which results in a seemingly endless variety of 

microstructures gives a correspondingly wide range of mechanical properties. For example, a Ti-48 Al 

alloy can be heat-treated to yield strengths ranging from 260 MPa to 400 MPa, while the tensile 

ductility ranges from 0.4 to 2.0 % [99]. The ductility did not always vary inversely with the yield 

strength, which indicates that both ductility and strength depend upon the multitude of microstructural 

parameters in a complex manner. Similarly wide variations in mechanical properties for the same 

alloy have been observed by other investigators [81,93]. 

It has been shown that microhardness, strength and ductility may be correlated with the fraction of 

primary or morphologically large y regions [79] and these results are reproduced in Figure 1,8. These 

data clearly show that hardness and yield strength decrease with increasing proportions of primary 

gamma. The opposite is observed for the ductility - i.e. the tensile elongation prior to failure increases 

with increasing amounts of primary y. Other studies have shown that the yield strength rapidly 

augments with increasing <X2 content [101], increasing from 400MPa for 0% up to 700MPa for 15%, 

though details of the microstructural distribution were not given. The yield strength has been shown 

to increase with decreasing grain sizes according to a Hall-Petch relationship [95,101]. Finally, the 

ductility has also been shown to dramatically increase with smaller grain sizes for both duplex 

[95,102] and lamellar structures [54,81,103]. 

Studies on lamellar colonies with a well-defined orientation have shown that the mechanical properties 

of the lamellar structure are sensitive to the orientation of the lamellae with respect to the loading 

direction [65,104-105]. Namely, the yield strength is found to be very large for loading orientations 
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Figure 1.8 : Relationship between the primary y 

phase content of Ti-43Al and Ti-47Al alloys with 

6 v/o% TÍB2 and the room temperature 

mechanical properties a.) microhardness, t>.) 

tensile 0.2% yield strength and c.) tensile 

elongation. From [79]. 

at angles of 0° and 90° from the normal to the lamellar plane, while the strength is a minimum at 45° 

[65]. The variation of yield strength is not symmetric around 45° such that the orientations of 90° are 

relatively stronger than the 0° orientations- This effect is even more pronounced in [105] which 

indicates that the effect could be related to lamellar thickness or alloy composition. These effects are 

summarized in Figure 1.9. Furthermore, the ductility varies inversely with the yield strength and 

plastic elongations up to 20% have been observed near the 45° orientation [65]. This clearly indicates 

that the y phase in these lamellar structures is itself ductile and that the brittle behavior of lamellar 

structures must be related to interfacial effects, grain boundary effects or the deformation behavior of 

the CI2 phase. This dramatic difference in behavior with loading orientation has lead to the definition 

of two deformation modes [65]. The hard mode indicates that deformation proceeds on slip planes 

inclined to the lamellar plane and is predicted to be active for loading orientations near 0° and 90°. The 

high strength is then due to the large resistance of the lamellar boundaries to the propagation of shear. 

In contrast, the easy mode indicates that slip proceeds primarily on the {111 ] slip planes parallel to the 

lamellar interface and is dominant for loading orientations near 45°. This effect is, however, unable to 

explain the asymmetric behavior of the orientation - strength curve shown in Figure 1.9. It is 

important to note that deformation in the lamellar structure occurs predominantly in the y phase as 

discussed in the following section. 
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Figure 1.9 : Room temperature 

yield strength of PST 

(polysynthetically twinned) 
crystals as a function of the angle 

¢. <f is defined as the angle 

between the loading direction 

and the normal to the lamellar 

plane as schematically shown in 

the diagram. Taken from [65]. 
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Finally, the yield strength of oriented lamellar crystals has also been shown to be strongly dependent 

upon the average lamellar spacing as shown in Figure 1.1Q. Although diese data were measured on 

different binary alloys such that the volume fraction of 0¾ phase was not controlled, they demonstrate, 

nevertheless, that the lamellar spacing will play an important role in the strength of lamellar structures. 
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Figure 1.10 : Room temper­

ature yield stress as a function 

of the reciprocal square root of 

the average lamellar spacing 

for binary alloys ranging from 

48.1 to 51.6% aluminum. 

Note that the influence of die 

loading direction is again 

observed. Taken from [105]. 

Reciprocal Square Root Lamellar Spacing <il0 m 

In conclusion, it has been shown that die basic microstructure - property relationships in two-phase 

alloys are currendy being developed. Based on me observations mat 

1.) the two-phase microstniciures can be modified to achieve optimal combinations of 

mechanical properties and 



I.IntTOduamn page 17 

2.) two-phase alloys exhibit much greater ductility than their single-phase counterparts, 

it is clear that only the two-phase alloys possess the potential for successful commercial exploitation. 

However, more work is necessary in order to further understand the mechanisms underlying these 

structure - property relationships, especially from the standpoint of the mechanisms of plastic 

deformation. 

1,4,4 Mechanisms of Plastic Deformation 

The earliest documented deformation study of a two-phase material indicated that the deformation 

structure was dominated by 1/2<110] ordinary dislocations, while the <101] superdislocations were 

rare in comparison to single-phase materials [106], Subsequently, many studies have attempted to 

link the enhanced ductility of the two-phase alloys to the corresponding deformation mechanisms. 

Table 1,2 provides a summary of the studies which have reported detailed deformation mechanisms 

for two-phase materials. All studies indicate that 1/2<110] ordinary dislocations and deformation 

twinning are the primary deformation modes. In contrast, the <101] superdislocations and faulted 

dipoles are generally not observed and the 1/2^112J dislocations are only infrequently encountered. 

Therefore, several important differences are observed between the deformation mechanisms for 

single-phase materials as summarized in Table 1.1 and the two-phase alloys in Table 1.2. It has, 

therefore, been proposed that the increased activity of twinning and the greater mobility of the 

ordinary dislocations is responsible for the improved ductility of the two-phase alloys [93,107]- This, 

in tum, has been correlated with decreased tetragonality of the unit cell with decreasing aluminum 

contents, reduced stacking fault energy with higher Ti/AI ratios [32] and the gettering of interstitial 

oxygen by the 0¾ phase which alters the directional bonding of the y phase [29,1OS]. Alloying with 

third elements may also result in improved ductility, however, it is unclear if these improvements are 

associated with further changes in the modes of deformation or if they are due to structural changes 

that may occur such as grain refinement or modification of the volume fraction of phases present [95]. 

While these general deformation mechanisms have been determined and appear valid for both 

equiaxed y grains and the 7 lamellae in equilibrium with the 0:2 phase, the pecularities of the deforma­

tion mechanisms in the lamellar structures have only recently been addressed. In these structures, 

synergistic effects between the two phases and may influence the deformation mechanisms. The 

mechanical properties of the lamellar structures outlined in the previous section indicate that the 

deformation behavior is complex. In addition to deformation in the y phase, the deformation of the 0:2 

phase may also become important while the properties of the interfactal boundaries will be critical. 

The role of the interfaces has been shown to be both as potential sources for dislocation nucleation 

[70,73,99] and as obstacles for the propagation of slip between adjacent lamellae 

[64,73,81,95,99,105,109]. Indeed, it is believed that the transfer of slip across adjacent lamellae is 

the most important factor regarding the strength and ductility of the lamellar structures [64,99]. 
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Initially, it was believed that the Ct2 phase deformed only slightly [69,108] or not at all [28,64,70] 

during deformation of the lamellar structures since it is the stronger of the two constituents. 

Therefore, little importance was attached to understanding the deformation characteristics of this 

phase. While it is generally accepted that the ai phase does deform less than the y phase, it has 

recently been shown that the deformability of the ct2 phase may indeed be the factor which controls 

the strength of the lamellar structures [105]. It has also been suggested that the crystallographic 

relationship between deformation modes in both phases plays a decisive role in the ability of slip to 

transfer through the 0:2 phase [105,110]. These crystallographic relationships could explain why 

some investigations have observed shearing [77,105] of the 0:2 lamellae by deformation in the 

surrounding y when others have not observed this [64,77,81,95,111], Also, the thickness of the 02 

lamellae may be important in limiting the propagation of deformation across the lamellar colonies 

[70,101,110], 

It has been shown that y/Y interfaces present less resistance to the propagation of deformation 

[64,95,109]. The transfer of slip between differently ordered regions in the same lamellae has been 

shown to be rather easy [48,64] and Inui et. al. have reported that this transfer is facilitated by the 

possibility of slip continuity on the same plane with only a change in the direction of slip across the 

boundary. Several other works have shown that the impingement of a deformation twin at the 

interface may lead to the emission of dislocations in me adjacent grain [64,70,73,99]. However, no 

systematic study has been performed in order to look at the resistance of the various possible 

boundaries in a systematic way. Given the importance of the transfer of slip across the different types 

of boundaries, it is clear that this is an area that is relatively unexplored and certainly requires further 

study in order to advance the understanding of the deformation behavior of lamellar structures. 

1.5 Deformation Models 

1.5.1 Resolved Shear Stress for Single Crystals 

One way to predict the active slip systems in a single crystal sample is through the application of the 

Schmid law which states that slip will begin for a given system when the shear stress on the slip plane 

and in the direction of slip exceeds a critical value. This critical value is known as the critical resolved 

shear stress, CRSS. In order to mathematically determine the shear stresses from an applied normal 

load, the angle between the direction of the axial loading and the slip direction, X, plus the angle 

between the loading axis and the normal to the slip plane, (p must be calculated. These angles are 

shown in Figure 1.11 and equation 1.6 is then applied to calculate the resolved shear stress : 

t = a • cos X • cos tp 1.6) 
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The term cos X • cos <p is commonly referred to as the Schmid factor, m. 

Loading 1 
Direction S 

Figure 1,11 : Schematic diagram of the 

geometrical construction for the calculation of 

the Schmid factor, m. Once the angles <p and X 

have been determined, the resolved shear 

stress for any slip system is easily calculated 

with the knowledge of the applied axial stress. 

1.5.2 Geometric Compatibility for Polvcrvstalline Deformation 

For deformation of polycrystalUne materials, continuity must be maintained at the grain boundaries. 

This concept has gained widespread acceptance since it was first used by, von Mises [112], 

Taylor 1113] and Bishop and Hill [114] to understand polycrystalline deformation behavior. The 

concept of continuity at the grain boundaries was first applied in order to predict the transfer of slip in 

adjacent grains by Livingston and Chalmers [HS]. Starting with a set of continuity equations at die 

grain boundary, they sought to predict slip activation at a pile-up by considering slip as a 

homogeneous shear process. By considering slip in one grain as a homogeneous shear, it is possible 

to resolve this shear stress onto the slip systems in the adjacent grain according to the following 

resolution factor : 

N = <ei • e,)(gi • g¡) + <ei • gjXej • gi) 1.7) 

where e is die normal to the slip plane, g is the slip direction, 1 represents the directions in the initia] 

grain and the factor N is used to resolve the shear stress on the ¡ slip system in the adjacent grain. 

This equation is derived direcdy from die rotation of die stress tensor onto the set of axes aligned with 

the slip system i. Using slip line trace analysis, it was shown mat this calculation could be used to 

predict die additional slip systems in the boundary regions of bicrystals. The applicability of mis 

concept has been further confirmed in the analysis of various bicrystals [116-117]. The parameter 

was also successfully used in two-phase brass bicrystals [118]. In each of diese works, slip line trace 

analysis was applied and, thus, only indirect confirmation was obtained. 

Only recently has this resolution parameter been applied in polycrystalline materials [119]. In this 

study, TEM examination was made in order to directly observe the active slip systems. During in-situ 

Slip 
Direction 

Slip Plane 
Normal 
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observations, it was generally found that this parameter was not able to adequately predict transfer of 

slip across grain boundaries. In contrast, these authors found that the slip plane in the adjacent grain 

was predicted by the trace of slip plane on the grain boundary, while the slip direction was predicted 

by the full calculation of the anisotropic stress field associated with the pile-up. It was not made clear 

why the resolution parameter was successfully applied for the bicrystal slip transfer but did not seem 

to adequately apply in the polycrystal case. However, the authors did note that the types of grain 

boundaries present will play an important role. They were also able to show that the stress required 

for slip to transmit across the boundary varies greatly between different types of boundaries. For a 

geometric situation where the slip directions were collinear in die two grains, this stress was found to 

be a low value. 

Both of the above approaches have emphasized the influence of the stress fields on the activation of 

slip systems in the adjacent grain. Contrarily, it is possible to predict the activation of slip systems on 

the basis that similar shape changes must occur in adjacent grains. Continuity at the grain boundary 

requires that : 

e » 1 - ^ B12^enP e«' = exzn 1.8) 

where £ is the strain component indicated and I and II indicate the two grains separated by the 

boundary plane defined in the X-Z plane. Slip systems in the adjacent grains will most nearly fulfill 

these boundary continuity conditions only if the slip systems are geometrically compatible within each 

grain. When the slip systems are not compatible, additional strains will occur at the boundary which 

will result in large stress concentrations which must either be relieved by additional plastic flow or 

failure will ensue. Therefore, it is interesting to be able to determine the compatibility of deformation 

systems in adjacent grains. This compatibility can be defined by the introduction of a geometric 

compatibility factor which indicates the alignment or similarity of the slip systems. This 

geometric compatibility factor, designated as m', can be calculated from the knowledge of two angles : 

1.) the angle between the slip directions in grains I and II. K. and 2.) the angle between the normal to 

the slip planes, 0. A schematic representation of slip systems in adjacent grains is given in 

Figure 1.12 which clearly shows these two angles. The geometric compatibility factor is, thus, 

calculated as: 

m' = cos 0 • cos K 1.9) 

Using this definition, the geometric compatibility of slip systems in adjacent grains may vary between 

0 and 1. For m' = I, complete compatibility exists between the slip systems in the adjacent grains 

and, in this case, both the slip directions and the slip planes in each grain will be parallel. Such 

deformation would be expected to be easily transmitted across the grain boundary. In contrast, m' = 0 

indicates that the slip systems are completely incompatible such that either the slip directions or slip 
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planes are orthogonal. Such systems would be expected to result in unfavorable conditions at the 

grain boundaries. In general, m' will assume intermediate values between 0 and 1. 

In order to calculate this geometric parameter, it is necessary to be able to express the appropriate 

directions in grain I in the grain II coordinate system. This can be done easily if the orientation 

relationship between the two grains can be defined by an appropriate rotational matrix, R. Finally. 
the choice of the symbol m' in this text is used to emphasize the similarity of this factor with the 

common Schmid factor, m. The Schmid factor represents the ratio of the resolved shear stress to the 

axial stress. In a similar way, the compatibility factor, m', resolves the strain due to slip in grain I 

onto (he slip systems in the adjacent grain n. 

R 

Figure 1.12 : Slip systems in adjacent grains showing the construction used for determining the 

angles used in the calculation of the geometric compatibility factor, m\ 
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2. Experimental Procedure 

This section will provide the experimental details concerning the materials and methods of analysis 

used in this work. Of special importance are the procedures used in the transmission electron 

microscopy including the methods used for the determination of orientation relationships which 

permits the spatially consistent identification of déformation modes in adjacent grains. 

2.1 Materials and Heat Treatments 

The starting material for this study was graciously supplied by Alusuisse-Lonza (Neuhausen, 

Switzerland) in the as-cast form with a nominal composition Ti - 47.5 Al - 2.5 Cr (atomic percent). A 

disc 1cm thick and 1 Ocm in diameter was removed from the bottom section of a larger cast billet and 

used for detailed study. Heat treatments were performed on slices 3.2 - 4,0 mm thick and 3-4 cm in 

length which were cut from the original casting. In order to minimize contamination during the 

elevated temperature heat treatment, the slices were encapsulated in quartz tubes which were evacuated 

and back-filled with argon several times prior to being sealed under argon at =2/3 atmospheric 

pressure. 

Preliminary heat treatments were done in order to understand the development of microstructure. 

Subsequently, two heat treatments wtK selected for in-depth study : 

I.) 12700C for 64 hours. 

II.) 10000C for 168 hours. 

Both alloys were cooled to room temperature in the furnace which resulted in a cooling rate of 

approximately 5°C/min. From the phase diagram shown in Fipure 1.4. it can be seen that the first heat 

treatment was performed above the eutectoid temperature in the two-phase a + y field, while the 

second was performed below the eutectoid temperature in the 0¾ + y field. After the heat treatment, 

the materials were removed from the encapsulation and the surface layers were mechanically polished 

to remove the slight oxidation layer that was created during the heat treatment. These slices were then 

subsequently machined into the appropriate dimensions for further study. Compression samples were 

made either by eiectrodischarge machining or mechanical grinding, while the other samples were 

sectioned with the diamond wheel. 
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2,2 Methods of Analysis 

2.2.1 Optical Microscopy and Microhardness 

Samples were mounted by conventional metallographic techniques and mechanically polished using a 

final polishing step with a 200A alumina slurry. Chemical etching was done with a solution of 10 

parts H20,5 parts HNO3 and 1 part HF (immersion for «5s). For the microhardness measurement, 

mechanical polishing was performed as above. The Vickers hardness was then determined on 

unetched samples by applying a 20Og load for 30s Goading and hold time). 

2.2.2 Compression Testine 

Compression testing was performed on cylindrical samples with a nominal diameter of 3mm and 6mm 

in length. The surface of the cylinder was used in die as-machined condition, while die end surfaces 

were mechanically ground until parallel. Compression tests were performed on a Schenck RSA 

universal testing machine in laboratory air at room temperature. The nominal crosshead speed was 

O.lmm/min which corresponds to an initial strain rate of approximately 3^10-4 s-'. Changes in 

sample length were measured with a gauge attached immediately adjacent to die sample on the 

compression ram and stationary block. Finally, all tests were interrupted at 1.5 to 2.0% plastic strain 

in order to observe die dislocation structures by transmission electron microscopy. 

2.2.3 Bend Testing 

3-point bending tests were performed to failure on samples which were nominally 3.0mm thick 

(parallel to tiie direction of the applied load), 3.5mm wide and 20mm long. A span lengdi of 16mm 

was used. The sample surface was prepared by conventional mechanical polishing wiüi die final 

polish of 200Ä alumina slurry. The sample surface was optically examined prior to testing to ensure 

that all surface scratches were eliminated. The testing was performed under laboratory air at room 

temperature and with a constant crosshead displacement of O.lmnVmin. The stress and strain 

corresponding to die tensile side of the sample were calculated using standard equations. 

2.2.4 X-Rav Diffraction 

X-ray diffraction was used to confirm die phases present in the materials and to determine the lattice 

parameters. A Philips PW 1880 Diffractometer system operating at 4OkV and 30mA with 

monochromatized CuKa radiation was used for this analysis. Step scans of 29 from 20-100° were 

made wiüi a step size of 0.005° and a count time of 10s at each step. Lattice parameters were 

calculated using die least-squares fitting method. 
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2.2.5 Electron Microscopy 

For observation of the microstnitture using scanning electron microscopy (SEM), samples were 

prepared as for optical microscopy. In addition, the final polishing step was done in an automatic 

container under gentle agitation with a 200Â alumina slurry. Observations were carried out on a 

Cambridge Stereoscan 360 using 15kV and a working distance from 14-16mm. Quantitative analyses 

using scanning electron micrographs were carried out with the aid of a Cambridge Quantimet 920 

image analyzer. 

For observations using transmission electron microscopy (TEM), discs 275^m thick were removed 

from the compression samples (03mm), perpendicular to the compression axis, using a diamond cut 

off wheel. After preparing uniform surface conditions using 1000 and 500 grit abrasive paper, the 

discs were electrolytically thinned into thin foils using a Tenupole twin jet polishing system. Two sets 

of conditions were found to give adequate results. An electrolyte of 8% perchloric acid (concentration 

70%) in 92¾ methanol at -400C with an applied tension of 13-15V was successfully used. 

Alternately, a 12 % perchloric acid (70%) and 35 % butoyxethanol in 53 % methanol electrolyte was 

used at -1O0C and tension decreasing from 25 to 8 V during the thinning also yielded appropriate thin 

foils. Subsequent examination of the thin foils was carried out on a Philips CMI2 electron 

microscope operating at 12OkV. A double tilt stage (±40°, ±30°) was used for controlled tilting 

experiments. 

2.3 Consistent Indexing Methods for TEM 

A major emphasis in this work is the detailed determination of the orientation relationships between 

adjacent grains which subsequently allows a spatially consistent determination of deformation 

systems. Therefore, this section is devoted to describing the methods of specimen tilting, 

determination of the orientation relationships and matrix transformation operations used to relate the 

deformation systems in adjacent grains. 

Due to the lower symmetry of the LIo structure in comparison to the related fee unit cell, the choices 

for indexing a zone axis corresponding to an observed diffraction pattern are correspondingly 

reduced. As discussed in Section 1.2.1 [110] * [101] or [Oil], etc., thus, the diffraction patterns 

corresponding to these zone axes may also be distinguished. Using this information, in conjunction 

with an appropriate Kikuchi map, controlled tilting experiments may be performed widiin a single 

grain. Once an initial zone axis has been indexed, the specific indices of subsequent zone axes are 

defined by comparing the motion of the Kikuchi lines during tilting with the constructed Kikuchi map. 

Tilting between these zones is then accomplished by rotating along the necessary Kikuchi road - i.e. 

by keeping the electron beam parallel to the plane common to both zones during the entire rotation 
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operation. The Kikuchi map for the LIo structure along with the diffraction patterns for the important 

zone axes are given in Appendix 9.1. These tilting methods are identical to those described in 

standard texts - for example, see [120]. 

2.3.2 Definition of Orientation Relationships and Consistent Indexing of Adjacent Qrains 

In the manner described above, the orientation of any individual grain may be defined. However, for 

grains which are related by a specific orientation relationship, it is desirable to index the zones in a 

manner which is spatially consistent with the orientation relationship rather than treating each grain as 

an independent entity. In order to perform this indexing procedure, it is necessary to orient the thin 

foil so that the electron beam is simultaneously parallel to a zone axis within each grain. This is 

generally possible when the zones in the adjacent grains are contained within the plane of the rotation. 

For instance, with grains which are related by a rotation (a multiple of 60°) about {ï Î1], if the electron 

beam is parallel to [101] in one grain, it will also be parallel to a <110> direction in the adjacent grain. 

[112] would also be parallel to a <211> in the adjacent grain, etc. 

Now, in order to determine the unique orientation relationship between the grains and, at the same 

time, to index die zone axes in a consistent manner, it is necessary to identify at least two zones 

(preferably three) which are common in each grain and that tie within the plane of rotation. These 

diffraction patterns contain a common <111> reflection and mis reflection is then subsequently used to 

define die pole of rotation. It is also desirable to locate another zone which is not contained within this 

plane to confirm the final analysis. The orientation of these zone axes and the position of any 

superiattice reflections which are present will then be used to determine the exact orientation 

relationships. This is most easily accomplished with the aid of a <111> standard projection such as 

that shown in Appendix 9 j fFip 9.2ai. This projection is constructed such that the ( 1 I l ) plane of 

rotation (i.e. the common <111 > reflection) is taken as the pole of the projection. In this manner, die 

zones which contain this plane are all located along the circumference of the projection. Rotation of a 

second projection by multiples of 60° relative to the stationary projection will dien define the directions 

which are parallel in both grains. As an example, assume that the adjacent grain is rotated 60° about 

[ÏÏ1] relative to the grain described by the stationary projection. This situation is shown in Fig 9.2b 

and it is readily seen that [101] in the initial grain is parallel to [011] in the adjacent grain, while [112] 

in die initial is parallel to [Ï21] adjacent If the electron beam is oriented parallel to [101] or [112] in 

the original grain, the zones in the adjacent grain must then be [011] or [121], respectively. In this 

manner, the presence of superiattice spots and tile orientation of die zone defines the orientation 

relationship relative to the reference grain which has already been indexed using the standard 

techniques. Details about this memod and further diagrams are given in Appendix 9.1. 

Consequently, it is possible to construct a table which gives the predicted zone axes and their 
orientation as a function of rotation about, for example, the [Hl ] . Three zones in die (ÏÏ1) plane are 
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assumed to have been identified for the reference grain as [2Ì1], [101] and [112], respectively. 

Table 2.1 gives the zones which should be parallel to these zone axes in an adjacent grain. A fourth 

zone, for example of the <100> type, should also be located in each grain to confirm the analysis. 

It can be seen that for the <112> type zones, only the presence of superlattice spots will give 

information about the rotation. In contrast, the <110> zones give information not only concerning the 

nature of the zone (i.e. <110] venus <101]), but the orientation of the zone will provide further 

information. For the 120° and 240° rotations, the orientation of zone B is die same in both grains 

since the ABCABC stacking sequence of the ( 111} planes is the same in both grains. In contrast, the 

orientation of zone B is rotated for the 60, 180 and 300° rotations since the ABCABC stacking 

sequence is changed to ACBACB in the adjacent grain. As a consequence, zone D (which is not 

contained in the plane of rotation) is not parallel for all rotations. This zone will be parallel only in 

grains rotated by 0,120 and 240° or 60,180 and 300°. Nevertheless, it is useful to examine a zone 

which is not contained in die (ï Ï1) plane since the position of the superlattice spots can be used to 

confirm diat the correct indexing has been done. Hence, both die orientation relationship and the 

consistent indexing of the zone axes can done at the same time. 

Table 2.1 : Schematic diagrams of simultaneous zone axes in a (Hl ) plane of rotation in adjacent 

grains for various orientations. • represents fundamental reflections, 0 superlattice reflections and 

• the common [ i l l ] reflection. Note that zones A, B and C are in the plane of rotation such that 

AAB = 30° and BAC = 30° about the [ î ï 1 ]. However, zone D is located away from this plane and, 

consequently, does not contain the [111] reflection. 
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It should also be noted that both the 60° and 300° or the 120° and 240° rotations are 

crystallographically equivalent rotations. For any two adjacent grains, the relationship could be 

equally described by 60° or 300° (or 60° clockwise rotation and 60° anti-clockwise). However, if a 

collection of more than two grains is examined, then there will be a difference between adjacent grains 

rotated by 60° or 300° and it is necessary to appreciate this difference in order to correctly determine 

the unique orientation relationships and relative deformation mechanisms in each grain. 

2.3.3 Matrix Transformations 

Tt should be noted that the convention used throughout this work is that the orientation relationship can 

be described as a rotation about the <111 > direction which is perpendicular to the {111} plane of 

rotation (which has generally been taken as [ï Ï I]). Using this convention, it can be seen that for a 

180° rotation the [101] in the reference grain is parallel to [10Í] in the adjacent, rotated grain, etc.1 

Once the orientation relationship between two adjacent grains has been defined by the appropriate 

<111> pole and the rotation as a multiple of 60°, a transformation matrix may be easily calculated that 

allows all directions (and planes) in the reference grain to be converted to the coordinate system of the 

the adjacent grain. This rotational transformation matrix, R, is given by [122] : 

R = cos 6 Lo 
o 

o i 
o o + (1 - cos 6) 

e'e' c*c2 e'e3 

C2C1 C2C2 C2C3 

C3C1 C3C2 C3C3 

+ sin 9 
0 -c3 c2 

c3 0 -c' 
-c2 el 0 

2-1) 

where c1, c2, c3 are the normalized indices defining the pole of rotation such that (c1)2 + (c2)2 + ( c3)2 

= 1 and 6 is the angle of rotation. With this rotational matrix calculated, any direction in the reference 

grain, I, is transformed to the adjacent grain coordinates, II, by simple matrix multiplication. Since 

the <x,y,z> direction is orthogonal to the {u,v,w} plane in the cubic system, this matrix 

transformation applies equally well to the conversion of planes to another coordinate system. 

These results may also be confirmed graphically using the projections given in Appendix ft, ]. Using 

this transformation, it is easily seen that the same results will not be obtained for a 60° and 300° 

rotation in spite of the fact that these are crystallographicaUy equivalent. Similarly, if a grain II is 

rotated 60° relative to a grain I, then grain I is not rotated 60° relative to grain H. This indicates that 

the sense of rotation between adjacent grains needs to be carefully preserved when specific 

determinations are to be made. 

1 This convention is not the same as that commonly encountered in standard textbooks -for example sec [121]. These 
authors generally define the twin relationship such that [101]m,trix is parallel to [101](wüi- However, this definition is 
not consistent with the fact that the twinned grain has been rotated about a fixed axis. 
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2,3.4 FoilNorrnalpeterroinatiòn 

In order to determine the foil normal, a minimum of three zone axes were identified in the grain. The 

coordinate positions of the tilt stage could then be used to determine the angular tilt of each zone axis 

from the foil normal. With three directions and the angle of each direction from the foil normal, the 

foil normal can be readily determined using graphical or mathematical procedures. For instance, the 

foil normal may be determined graphically on the Stereographic projection as the intersection of the 

three small circles drawn about the zone axes at the appropriate angles. It is estimated that the error in 

determining the angle from the zone axis is ±3° such that the foil normal should be determined to 

within approximately ±5°. Since the thin foil discs were sectioned perpendicular to the compression 

axis, it is assumed that the foil normal will then roughly correspond with the compression axis. 
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3. Results : Materials Characterization 

3,1 Microstructure 

3.1.1 As-Cast Material 

Figure 3.1 fai shows that the microstructure of the as-cast alloy at the bottom of the casting consists of 

a fine, equiaxed grain structure typical for the quench zone of a casting. Away from this quench 

surface which extends approximately 1mm thick into the casting, the microstructure consists of 

coarse, elongated grains typical of a dendritic structure as shown in Fig 3 A(V). These elongated 

grains are generally 100-500 ^m wide and up to 2mm long. In both of these regions, the grains are 

composed of alternating lamellae of the y and 0:2 phases and are, thus, referred to as fully lamellar 

grains. The nature of this fully lamellar structure is more clearly visible in the scanning electron 

(SEM) micrograph shown in Fig 3.1 (ci. Finally, it should be noted that a small volume fraction of 

round particles (imaged black in Fip3.1fcìì were distributed inhomogeneously throughout the as-cast 

material. EDS microanalysis showed that these particle consist mainly of aluminum and oxygen and 

are, thus, assumed to be aluminum oxide particles. These would only be expected when the Y and 02 

phases are fully saturated in oxygen. Their role during plastic deformation has not been investigated. 

3.1.2 Heat-treated AHovs 

The general microstnictural features of the materials heat-treated at 10000C for 168h arc shown in the 

SEM micrograph of Figure 3.2fat. As will become visible later in the TEM micrographs, this 

microstructure consists mainly of equiaxed Y grains which are 5-30u.m in size and, hence, will 

subsequently be referred to as the equiaxed microstructure. Distributed inhomogeneously 

throughout this matrix of y grains (in correspondence with the original dendritic distribution) are many 

elongated 02 particles. These particles are 1-2^m in width and up to 40u.m long. Also seen are five 

coarse aluminum oxide particles which are 5-15|¿m in diameter and are usually spherical or blocky in 

shape. The size, shape and volume fraction of these particles is the same as in the as-cast material. 

As-heat treated samples were also observed in the transmission electron microscope to identify any 

deformation structures due to thermal stresses created during the heat treatment process. A 

representative micrograph of the structures which have been observed in the equiaxed microstructure 

is given in Fip 3.2fbi. In mis micrograph, a deformation twin, a pile-up of ordinary dislocations, 

several superdislocations and a faulted dipole are all shown. While these defects will all be discussed 

in more detail in Section 4. it is important to note at this point that all of the possible deformation 

modes have been identified in the as-heat treated material. Although, me density of defects is usually 

rather low, a significant fraction of the as-heat treated grains contains deformation twins. 
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Figure 3.1 : Optical micrographs of the (a) quench side and (b) the interior of the casting. Details of 

the nature of the lamellar structure are evident in the SEM micrograph (backscattered mode) in (c). 
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500nm 

Figure 3.2 : The equiaxed microstructure (100O0C, 168h) : (a) a SEM micrograph showing the 

general features of the structure and (b) a TEM micrograph revealing the defect structures in the as-

heat treated material. 
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The material heat treated at 12700C for 64h has also been examined and a representative SEM 

micrograph is shown in Figure 3.3fa1. The grain size and shape in this material is unchanged from 

the original as-cast state. This micTOStructure is seen to consist of a bimodal distribution of lamellae. 

The coarse lamellae which are imaged dark are y lamellae and these coarse y regions may consist of 

one or several individual y lamellae and vary in width from 3-17 um. The lighter gray regions are 

composed of fine lamellae of alternating ct2 and yphases which are similar to the as-cast fully lamellar 

structure. Since this lamellar structure is made up of regions of fine lamellae plus the coarse 

y lamellae, it is referred to as the transformed lamellar structure. It should also be noted that 

regions of discontinuous coarsening [123] can also be seen at the grain boundary. Finally, several 

aluminum oxide particles are again observed in the micrograph. 

The microstructural features of this transformed lamellar microstructure are emphasized by the TEM 

micrographs shown in Figs 3.3fbl&(ci. In Fig 3.3Cb-J. a coarse y lamella is shown which is 

approximately 7 um thick. It can be seen that this region corresponds to a single, thick lamella, 

whereas it is more commonly observed that the coarse y region consists of several individual lamellae. 

It should also be noted that the boundaries of these regions can be either flat, as demonstrated by the 

boundary to the left of the lamella, or rather irregular with fine lamellae ending ac the coarse y as seen 

at the boundary to the right. On both sides of this coarse lamella, fine lamellar regions consisting of 

alternating y and ct2 lamella can be observed and which are shown more clearly in a higher 

magnification TEM micrograph, Fig 3.3fc). Viewed with the electron beam parallel to the interfacial 

plane, the alternating nature of the two phases is clearly seen. Due to absorption and diffraction 

effects, the y phase is imaged lighter while the 0:2 phase is darker and this identification was 

confirmed by diffraction analysis. As indicated by the arrow, adjacent y lamellae may also be present 

with the fine lamellar structure; however, this is a rather uncommon feature. It can also be seen that 

the y lamellae are generally thicker than the 0¾ lamellae. The general nature of the deformation 

structures observed in the as-heat treated material is also clear in this figure. In the coarse y lamellae, 

sporadically distributed individual dislocations and well defined dislocation networks can be 

observed, though the density of dislocations is generally low. Within the fine lamellar structure, 

many dislocations are observed at the lamellar interface as can be seen by the strong contrast behavior 

observed at the interface. In contrast, only few isolated dislocations can be observed within the 

y lamellae, while no deformation structures were observed within the 0:2 phase. It should be noted 

that, in contrast with the equiaxed structure, deformation twins were not observed in this heat-treated 

condition - neither in the coarse y lamellae nor in the fine lamellar regions. 

In order to quantify the distribution of phases in the heat-treated materials, quantitative microstructural 

analysts has been performed using scanning electron micrographs at a magnification of 500 times 

(observed area roughly 30mm2). TEM micrographs were taken as necessary in order to determine the 

lamellar thickness and phase volume fractions in the fine lamellar structures. The transformed lamellar 

structure was found to consist of 48 voI% coarse lamellar regions (ave. thickness 7.7^m), 51 % fine 
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I ^ 0 
Figure i.i : ihe transtormed lamellar microstructure (I¿/ITU, 64h) : (a) üfcM micrograplì snowing 

the general features of this structure and TENl micrographs revealing the defect structures in the coarse 

y lamellae (b) and the details of the fine lamellar regions (c). 
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lamellar regions and 1.2% A^Qj particles (ave. diameter 4.6uJn).- Within the fine lamellar regions of 

this structure, 30% were 0C2 phase lamellae (51 nm thick), while the y lamellae are approximately 

twice as thick (ave. 106 nm). In comparison, the as-cast structure contained 30% ct2 lamellae 

( 115 nm), 68¾ y lamellae (200 nm) and 1.6% AI2O3 particles. Finally, the equiaxed microstructure 

consisted of 89% y grains (grain size between 5-3OMm), 10 % elongated 0:2 particles and 0.7% AI2O3 

(5.O)Xm). Accordingly, the total volume fraction of 0:2 phase for the three alloys is 10,15 and 30% 

for the equiaxed, transformed lamellae and as-cast, respectively. The fraction of oxide particles is 

similar in each material and varies between 0.7-1.6%. This variation is attributed to differences 

present already in the original as-cast sample and not to any effects created by the heat treatment itself. 

It should also be noted that the lamellar structures in both the as-cast fully lamellar material and the 

heat-treated transformed lamellar regions consisted primarily of alternating y and 0.2 lamellae. 

Therefore, the dominant interface between lamellae is of the 02 / y type. The expected orientation 

relationship between these lamellae is always obeyed for the lamellar structures. Occasionally, two 

y lamellae also come into contact in these lamellar arrangements as noted in Fig 3.3(c). In contrast, no 

orientation relationship existed between the 02 and y phases in the equiaxed microstructure. 

Finally, X-ray diffraction was used to confirm the phases which were present and to determine the 

lattice parameters. Analysis on all alloys indicated that the principal phases present were the y - TiAl 

phase and the 0:2 - T13AI phases as expected. Additionally, other minor peaks were observed which 

could be attributed to the a-Al2Q3 phase corundum. These results, combined with the analysis of the 

oxide particles above, confirm that the observed particles are aluminum oxide AI2O3. The determined 

lattice parameters of the y and 0¾ phases were within the ranges given in the literature [94,124]. 

3.1.3 Orientation Relationships 

The expected orientation relationship, <2110>a2 //<011>yand (0001)a2// (HlJy, is obeyed in all 

die lamellar zones - i.e. for the as-cast fully lamellar structure as well as the fine lamellar regions in the 

transformed lamellar structure. This is readily verified in Figure 3.4 which shows that the [2110]tt2 is 

parallel to the [01 l]y. In contrast, as previously stated, this orientation relationship did not exist in the 

equiaxed structure. 

The orientation relationships between adjacent y lamellae or grains will be presented in 

Sections 4.2 and 4,1. respectively. The dominant rotation between adjacent y lamellae is of the true 

twin, 180° type, while the otìier rotations are encountered less frequendy. In contrast to the lamellar 

structures, the probability of all three types (60°, 120° or 180°) is equal in the equiaxed structure. 
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Figure 3.4 : SADPS which demonstrate the orientation relationship between lamellae of the 0¾ and y 

phases (a) [011 ]Y and (b) [211O]0C2. 

3.2 Mechanical Properties 

A summary of the mechanical properties is given in Table 3.3. Microhardness and compressive 

properties were measured for the as-cast material and both heat-treated alloys, while bending tests 

were performed only on the heat-treated materials. 

Structure 

as-cast 

equiaxed 

transformed lamellar 

Hy, GPa 

418119 

339 ± 25 

355 ± 24 

compression 

O 0.2. MPa 

740 

525 

605 

bending 

Ofailure, MPa 

840 

460 

£ failure- % 

=0.1 

<0.05 

Table 3.3 : Microhardness, compressive yield strength and stress and elongation to failure in bending. 

As can be seen from the table, both heat treatments lead to a reduction in strength and hardness 

compared to the as-cast condition. Moreover, both the microhardness and compressive properties 

indicate the same trend in strength - namely, the equiaxed structure exhibits the lowest strength, the 

transformed structure is slightly stronger and the as-cast structure exhibits the highest strength. 

Finally, the bending ductility of both alloys was quite low. For the transformed lamellar structure, no 

plasticity was observed and the samples fractured at a stress below the compressive yield strength. 

However, the equiaxed samples did show some plasticity and, thus, fractured at a much higher stress 

level. It is unclear if this low measured ductility can be attributed to a low intrinsic ductility of the 

materials or if it is due to an external effect such as the coarse oxide particles which are present in the 

current materials. In either case, it should be noted that the equiaxed structure was weaker than the 

transformed lamellar structure and it exhibited a greater tendency to deform prior to failure in bending. 
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4. Results : Deformation Studies 

4.1 Equiaxed Microstructure 

In this section, the deformation mechanisms identified in the equiaxed microstructure after 

compressive deformation at room temperature will be presented. It should be recalled that this 

microstructure was created by the heat treatment at 10000C for 168h. Initially, an aggregate of four 

grains will be presented which will serve to identify some of the typical features of the equiaxed 

structure and present the basic methods of analysis. Subsequently, further details of the individual 

deformation mechanisms will be presented. Finally, the closing part of this section will summarize all 

of the results on this microstructure and attempt to relate the mechanisms of deformation to the grain 

orientation. 

4.1.1 General Characteristics 

An overview of the microstructure created by the 10000C heat treatment is shown in Figure 4.1 which 

clearly reveals the equiaxed nature of this structure. Four neighboring y grains can be seen as 

indicated by the letters A, B, E and F. The y grain size is rather large (¿10 Jim) and round or 

elongated, coarse 03 particles are frequently located at the boundaries between the y grains. The 

interface between grains E and B seen at the far right of the Figure 4.1 can be seen nearly flat and 

appears to be regular and straight along some sections of the boundary. Contrarily, the interfaces 

A/E, A/F and E/F are seen more edge-on and are irregular or curved in nature. The boundary plane 

between these grains cannot be described by a plane. However, there exist well defined orientation 

relationships between each of the grains and these will be presented below. In contrast, the 

orientation relationship between the v and <xj is not retained in this structure and this results in an 

incoherent particle I matrix interface. 

Significant stress concentrations exist within the 0.2 phase as can be seen by the bending contours 

which radiate from the particle / matrix interface. However, no individual deformation structures have 

been identified within these particles. The active deformation mechanisms in the y grains are seen to 

vary from grain to grain. While grains B and F deformed primarily by the glide of dislocations, A and 

E deform by profuse twinning. In addition, various deformation systems can be activated locally 

(usually at grain boundaries or in the vicinity of 0:2 particles) and this is an important and general 

characteristic of the equiaxed microstructure. Since this collection of grains presents many generalities 

of the structure, the deformation mechanisms within each grain will be presented in detail. This 

analysis will also provide typical examples of the methods of identification used in this work. Finally, 

important distinctions are made between deformation mechanisms which are generally active 

throughout a given grain and those which are only found in localized regions of the grain. 
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Figure 4.1 : Four grains showing the typical deformation mechanisms in the equiaxed microstructure. 
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In order to define the orientation relationships between the grains, selected area diffraction patterns 

(SADP) were taken in each grain at various orientations as shown in Figure 4.2(a). For position 1, all 

grains were aligned with the incident beam parallel to a <101] type direction. However, the pattern in 

A is rotated 180° compared to B, E and F. For the tilt position 2, the beam is parallel to a <211] type 

direction in A, B and F, while E exhibits a <112] type zone axis. The common <111> diffraction 

spot in both zones in all grains is taken as the pole of rotation and the orientation relationships are 

defined using the method presented in Section 2.2.2. This common plane of rotation has been defined 

as (111) and, hence, unique identification of the diffraction patterns can be subsequently carried out. 

Schematic representations of the zone axes identified at positions 1 and 2 are shown in Fig 4.2fbi with 

the specific reflections appropriately indexed. These diagrams clearly demonstrate the plane of 

rotation as ( i l l ) which is represented by the large spots in the figure. These rotations defined by the 

first two zones can then be confirmed by the nature and orientation of a third axis, which in this case 

is a <001] type zone axis shown in Fig 4.2(a). Grain A is taken as the 0° reference orientation and 

rotations between individual grains can then be taken by adding or subtracting the necessary rotations. 

It should be noted that, in the strictest sense, the rotations are not fully described as a multiple rotation 

of 60° about <111> since an additional, 2-3° misorientation whose pole is not the primary <111> pole 

is superposed upon the primary 60° rotation. However, this secondary deviation is small and, 

therefore, inconsequential in comparison to the primary rotation. 

With these orientation relationships defined, the specific deformation mechanisms of each of the 

grains will be examined. Shown in Figure 4.3 are the deformation mechanisms for grain B. In 

Fig 4.3(a). an overview is shown which reveals significant activity of dislocations on both sides of an 

elongated CC2 particle and two different twinning systems on each side of the particle. Only few twins 

were present in localized regions of this grain. The Burgers vectors of the dislocations immediately to 

the left of this particle are identified by the contrast experiments shown in Fig 4.3(b) to (dì. Since all 

dislocations are invisible for 002g Fig 4.3(d). it is clear that only ordinary dislocations are present. In 

Fig 4.3(b). the 1/2[HO] dislocations are shown, while the 1/2(110] dislocations are visible in 

Fig 4.3(c). The preferred line direction for both types of dislocation is screw. However, trace 

analysis was performed on segments of the dislocations (usually the ends) which were not in screw 

orientation to identify the active slip systems as 1/2[11O](IIl) and l/2[110](lïl). These 

determinations must be made with due caution since these discontinuities in the line direction at the 

ends can be due to relaxation phenomenon at the foil surface and must not necessarily indicate the 

actual slip plane during deformation. Trace analysis was also used to determine the twin plane as 

(111). However, since these are the only three twins of this type within the grain, they are not 

considered to play an important role in the room temperature compressive deformation. Significant 

inhomogeneity of the deformation mechanisms were seen within this grain. In addition to these 

localized twins, shown in Fig 4.3(e) is an area of the grain which is to the left of the area shown in 

Fig 4.3fa) and borders an adjacent grain. Although only ordinary dislocations are identified in the 

region shown in Fig 4.3fai. significant activity of superdisfocations is seen in Fig 4.3fei. This is 
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Figure 4.2(a) : Selected area diffraction patterns (SADP) corresponding to the grains A, B, E and F 

shown in Figure 4.1 obtained after tilting to the values of the angles (goniometer reading) shown on 

the left of the figure such that specific orientations were reached. From this series of SADPs, the 

specific rotations of each grain about the [Î11] axis have been measured as shown at the bottom. 
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Figure 4.2(bi : Schematic diagram of the SADPs corresponding with the orientations 1 and 2 in 

Fig 4.2faì with selected reflections identified. The large spots correspond with the plane of rotation 

and clearly show the rotation of the reflections about this plane. Solid spots are fundamental 

reflections while the starred spots indicate the position of superlattice spots. 

readily verified since all dislocations visible with the 002g must be of a superdislocation type. 

Unfortunately, the foil thickness in this region prevented unique identification of the Burgers vector of 

these dislocations. 

An overview of the grain F is shown in Figure 4.4fa). It can be seen that this grain is adjacent to two 

of the other regions - namely, grain E bonders to the lower right side while grain A is to the lower left. 

Contrast analysis on the dislocations in the area near A (where the F is positioned in the micrograph) 

is shown in Fig 4,4fbì to (d). Virtually all of the dislocations are invisible in Fig 4.4fdl with the 

002g which indicates that these are all ordinary dislocations. In Fig 4.4(b). the dislocations with 

b=l/2[110] (labelled 1) are visible, while in Fig 4.4(c) all the dislocations visible are of the type 

1/2[1Ì0] (labelled 2). The line direction was again near screw and trace analysts was used to confirm 

that segments of both types of dislocations can be found on both of the possible (111} glide planes. 

A zone along the A/F interface and well removed from this primary region, as indicated by the arrow 

in Fig 4.4(a). has also been examined. It can be seen in Fig 4.4(e) that many superdislocations arc 

visible with a 002g. These dislocations are associated with the twins in A and do not propagate far 

into the grain F. Again, the foil thickness prevented identification of these dislocations; however, it is 

necessary to emphasize the point that the local activation of deformation modes which are different 
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Figure 4.3 : Deformation mechanisms in grain B. 
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Figure 4.4 : Deformation mechanisms in grain F. 
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from the modes that arc homogeneous throughout the grain is an important feature of the deformation 

of the equiaxed structure. This point will be discussed in more detail in Section 4.3. 

It is appropriate to note that both grains B and F have the same orientation with respect to the 

compressive axis during loading (as shown in Figure 4.2) and that they also deform primarily by the 

glide of ordinary dislocations. This would indicate that, as a first approach, the grain orientation with 

respect to the deformation axis plays an important role in activation of the various possible 

deformation modes. 

Overviews of area A are shown in Figures 4.5(a)&ib\ Fig 4.5(a) shows that one twinning system 

is dominant in the grain near the A / F interface, while a second twinning system dominates the 

deformation structure in the region which borders area E as shown in Fig 4.5fbV In order to identify 

the active twinning systems and dislocations in this region, a more detailed analysis was performed on 

the area indicated by the boxed region at the right of Fig 4.5(b). Trace analysis was used to 

determine the twin plane of the system near area E as (1Î1) since the twin plane is viewed parallel to 

the beam direction B=[I21] in Fjg 4.5fdì. Similarly, the twinning system dominant near area F is 

confirmed to be on ( i l l ) in Fig 4.5(c). The majority of the dislocations in this grain have the 

Burgers vector 1/2[HO] since they are visible with 02Og and invisible with l î l g and î l l g 

Figs4.5fd)&fe). Trace analysis showed the line directions of the dislocations to be near [121] and 

[Oil] (30° and 60° from screw orientation, respectively) and, thus, the glide plane is defined as (Ul ) . 

These dislocations were found to be homogeneously distributed throughout the entire grain which is 

in contrast to the activation of the twinning systems that are active in varying density depending upon 

the location within the grain. A minor number of dislocations with the Burgers vector 1/2[HO] were 

identified to be on the (001 ) plane; however, due to the low density of these dislocations plus the fact 

that (001) is not expected to be a glide plane at room temperature, it is assumed that these were created 

during thermal treatment or the subsequent cooling process. 

Finally, it is necessary to identify the deformation mechanisms in grain E as shown in Figure 4.6. 

Two twinning systems are active throughout this grain and a lesser number of dislocations are present 

as shown in Fig 4.6(a). Two regions selected for further analysis are indicated in Fig 4.6(a) with the 

numbers 1 and 2. Analysis of area 1 (Figs 4.6 (bWflïl showed that the direction of intersection of 

the two twin planes is [011] and this fact, combined with trace analysis of the twin plane, determines 

the twin planes as (111) and (ÏÏ1) as indicated in Fig 4.6fdi. The preferred line directions of the 

twinning partial dislocations are screw and 15° from screw, respectively. The dislocations in 

Figs 4.6fb)&(c) become invisible with IUg, thus defining b=l/2[110]. The preferred line directions 

are near [211], [¡01] and [011] (30° and 60° from screw, respectively) which defines the slip plane as 

(111). These dislocations are present throughout the grain in a low density. In contrast, a second 

type of dislocation is seen only locally, as for example in area 2, and is described by b=l/2[l Ï0] as 

shown in Figs 4.6(c)&(f). These dislocations are near the twin / twin intersection and have been 
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Figure 4.5 : Deformation mechanisms in grain A. 

determined to lie on the (001) plane. However, it is not clear whether these are due to the twin 

intersection process or were created during the heat treatment since dislocations on (001) would not be 

expected for this twin intersection geometry. Another example of localized deformation is seen in an 

area to the right of the area shown in Fig 4.6(a). This region is shown in Fig 4.6(g) where twinning 

on the (111) and ( i l l ) planes, as indicated by the arrows, is identified only in this region surrounding 
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Figure 4,6 : Deformation mechanisms in grain E. 
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the c£2 particle. Hence, it has been shown that ordinary dislocations, superdislocations and twinning 

can all be locally activated depending upon the specific stress distribution within the grain. 

A summary of deformation systems which were found to be homogeneously active throughout each 

of the grains is given in the schematic diagram shown in Figure 4.7. Also given in the figure are the 

orientation relationships between the grains defined as a rotation about [Ï11] and the Schmid factor, 

m, for each of the deformation mechanisms. In a general manner, it can be noted that the active 

deformation systems correspond to the possible systems with the largest resolved shear stress. 

However, exceptions to this statement occur regarding the activation of superdislocations. For 

instance, Table 4.1 gives the Schmid factors for the observed twinning and ordinary dislocation 

systems and the highly stressed superdislocation systems which were not observed (or seen only 

locally as in Fig 4.3fei or Fig 4.4Ce)). 

Observed 

Not 

Observed 

Mechanism 

ordinary 1/2<110] 

dislocations 

twinning systems 

superdislocations 

<101] 

superdislocations 

1/2<112] 

Grain A 

.32 

.34 

.29 

.45 

.37 

-

Grain B = F 

.48 

.47 

-

.34 

.32 

.26 

Grain E 

.22 

.47 

.46 

.50 

.48 

.34 

Table 4.1: Schmid factors for the ordinary dislocation and twinning systems which were observed in 

the grains A, B, E and F. Also listed are the Schmid factors for the most highly stressed super-

dislocation systems which were not active. 

As can be seen in the table, there exist several highly stressed superdislocation systems in each grain 

which could be expected to be activated solely on the basis of resolved shear stress calculations. 

However, these systems are not activated and this demonstrates that twinning and glide of ordinary 

dislocations are the preferred deformation modes. Hence, in addition to the resolved shear stress, 

other factors such as elastic energy, Peierls lattice fraction and considerations of the mobility and fault 

energies of these dislocations must play a role in activity of the mechanisms. Likewise, propagation 

of 1/6<112] partial dislocations to form a twin appears to be more favorable than glide of 1/2<112] 

dislocations since the former has been observed in spite of the fact that the resolved shear stress on a 

1/2<112] superdislocation would be the same. 

Finally, it is appropriate to conclude this section with a brief synopsis of some of the essential features 

of deformation in the equiaxed microstnicture: 
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Figure 4.7 : Schematic diagram of the four grains shown in Fig 4.1 with the deformation mechanisms 

identified in each grain and the corresponding Schmid factors. 
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I.) several deformation systems are active within each grain which vary from grain to grain. 

2.) generally, 1/2<110] ordinary dislocations and twinning are the preferred deformation modes. 

3.) the active deformation systems can generally be predicted by calculation of the Schmid 

factor. However, this is certainly modified by the energy and critical resolved shear stress of 

the specific system as discussed above. 

4.) significant local activation of additional systems near grain boundaries or CC2 particles is 

possible depending on the local stress distribution. 
5.) the ct2 phase does not deform and, as such, is only a source of stress concentration which is 

partially relieved by flow in the surrounding y phase. 

4,1,2 fro)e of Twinning 

In order to completely describe the active twinning systems, it is necessary to determine both the twin 

plane as well as the partial dislocation responsible for the twin shear. In the previous section, only the 

twin plane was determined and the shear direction was taken to be <112] in accordance with the 

requirements of ordered twinning in the LIo structure [21-22], However, it is necessary to verify this 

assumption by performing detailed contrast analysis of the twinning partial dislocations. 

It is generally difficult to identify the partial dislocations with the twin fault in contrast since the 

visibility criterion for partial dislocation overlapping a stacking fault are complex and sensitive to the 

deviation parameter, foil thickness and depth in the foil [125-126]. However, when diffraction 

conditions are used with the twin stacking fault is invisible - namely g- R F = 0, ±1 or ±2 - the twin 

pania! dislocations may be directly analyzed. Analysis of this type is presented in Figure 4.S which 

shows a small segment of twin in grain E (Tig 4.6) on the (111) plane. The first step in the 

identification process is to assure that this fault indeed corresponds to a region of twinned material and 

is not just an arrangement of overlapping stacking faults. This can usually be done by tilting the twin 

so that the incident beam direction is parallel to the twin plane (i.e. edge-on) to verify that a finite 

region of twinned material exists and the nature of the twin can be verified by the appropriate rotation 

of the lattice as seen in the diffraction patterns. Since it was not possible to tilt the current twin inlo 

the edge-on position, verification of the twinned material was obtained through knowledge of the twin 

plane. For a twin on the (111) plane, the appropriate matrix transformation was used (as given in 

Section 2.3.3) to calculate that the [1Î0] zone of the twin is parallel with the f 1Î4] zone in the matrix. 

Diffraction patterns taken in the matrix with B=[114] and in the twin, as shown in Figs 4,8fb)ftfc). 

confirm that a region of twinned material exists. 

Hence, the twin was imaged using four conditions of fault invisibility as shown in Figs 4.8(di-fp1. 

For the 220g and 31 Ig the partial dislocations are invisible, while for Ì31g and 31 Ig the partials are 

visible. Since the twin plane has been determined to be (111), the partials must be one of the three 

Shockley partials in this plane. A summary of the observed and predicted contrast for these partial 

dislocations is given in Tafle 4.2. 



4. Results page 50 

Figure 4,g : Detailed analysis of the twin partial dislocations, (a) BF image of a (1Ï1) deformation 

twin, (b) the (114) matrix and (c) (110) diffraction patterns, (d) - (g) weak beam analysis with 

stacking fault invisibility such that the twin partial dislocations may be directly identified. 

In Table 4.2. the observed contrast fully matches the contrast expected for a l/6[î 12] partial 

dislocation. Hence, the twinning system can be uniquely defined by 1/6[Ì12](1Ì1). This indicates 

that only twinning of the type 1/6<112H 1111 is possible in this alloy and for the experimental 

conditions under investigation. 
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g 

220 

3ÏÏ 

Ï31 

311 

experimental 

invisible 

invisible 

visible 

visible 

g-bp 1/6(112] 

0 invis 

0 invis 

1 vis 

1 vis 

g-bp 1/61121] 

-1 vis 

•1 vis 

1 vis 

0 invis 

g-bp l/6[2li] 

-1 vis 

-1 vis 

0 invis 

-1 vis 

Table 4.2 : Observed contrast for the twin partial dislocations plus the values of 

g-bp for the three Shockley partial dislocations on the (1 U) plane and the predicted 

image contrast [127]. 

The line direction of the twinning partial is important since it may play a role in the mobility of the 

dislocation and, hence, affect twin propagation. As previously mentioned, the twinning partial tends 

to align along the screw orientation. For a total of 14 twins in which the orientation of the partial was 

determined, three lie almost exactly in screw orientation, five almost exactly in 30° from screw (along 

a <101] direction), five in intermediate orientations between 0-30° and one at 60°. Thus, it is clear that 

near screw orientations are favorable in almost all grains and under all loading conditions. 

In several grains, it appears that the twins are able to propagate in both directions within the grain. 

This is an unexpected result since polarity of the twinning process exists for single-crystals [128-129] 

and would be expected to apply in polycrystal samples as well. An example of this opposite sense of 

propagation is observed for the (111) twinning in grain E (Fig 4.6). Figure 4.9(a) shows a twin 

which initiates at the twin / matrix interface and appears to propagate in an upward direction. In 

contrast, the twin adjacent to the boundary with grain A appears to propagate downward. Fig 4.9(b). 

Figure 4.9 : Apparent propagation of (111) twins in the opposite sense (grain E). In (a), the twin 

appears to propagate in an upward sense, while in (b) a downward sense of propagation is observed. 

Using the identification methods shown previously, the partial dislocations of both twins have been 

determined to be parallel to [112]. Additional bright field experiments were performed in order to 

provide further identification of the twin partials and to exploit the contrast asymmetry associated with 
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g-bp = ±2/3. The results of these bright field, ±g experiments are shown in Figure 4-10 for 

presumed values of g-bp = ±1/3 and g*bp = ±2/3. The images for the upward twin in Fig 4.9(aì are 

shown in the left column of Fig 4.10. while the downward twin images in Fie 4.9(bl are shown in 

Fig 4.10 at the right. Also, the diffraction conditions indicated on the left micrograph apply equally to 

the right micrograph. For all micrographs, the value of the rocking parameter, w = s-Çg, was 

controlled between 1.0-1.4. Experiments were conducted to investigate the influence of w on the 

contrast behavior, however, these did not bring any additional information and are not presented here. 

A summary of the experimental observations of the first partial dislocation is given in Table 4.3 along 

with the contrast expected for possible partial dislocations. 

e 
in 
lii 
200 

200 

Observed Contrast 

Upward 

vis 

invis 

invis 

invis 

Downward 

vis 

invis 

invis 

invis 

g-bD for possible partíais 

1/61Ï12] 

+2/3 vis 

-2/3 in 

+1/3 in 

-1/3 in 

1/6I1Ï21 

-2/3 in 

+2/3 vis 

-1/3 in 

+1/3 in 

1/3[ÏI2] 

+4/3 in 

-4/3 vis 

+2/3 vis 

-2/3 in 

1/3[1Ï2] 

-4/3 vis 

+4/3 in 

-2/3 in 

+2/3 vis 

Table 4.3 : Observed contrast for the upward and downward twins (Fip 4.J01 compared 

with the value of g*bp and expected visibility of the possible partial dislocations [127], 

From Table 4.3. it can be concluded that the 1/3 type partial dislocations are not possible since the 

characteristic image asymmetry for ±4/3 is not observed for the ±g experiments with 20Og. Thus, it 

would appear that both partial dislocations are l/â[î 12] by comparison of the observed and predicted 

contrast behavior. However, it must be noted that the contrast rules defined for the visibility 

conditions of +2/3 or -2/3 are defined for a partial dislocation to the right side of the stacking fault 

[126-127]. When the partial dislocation is to the left of the fault, these visibility conditions are 

reversed. Based on this criterion, it would appear that the two partial dislocations are, Uius, of 

opposite sign. However, this rule was determined by Clareborough for stacking faults bound by 

unlike Shcckley partial dislocations. In contrast, Silcock noted that the contrast behavior of the partial 

dislocation on the right and left side of a faulted loop was identical when the fault was surrounded by 

a Frank partial dislocation [128]. This latter work needs to be applied to analysis of the present 

twinning since these twins must correctly be considered as loops. This loop should then show similar 

contrast on both the left and right side in accordance with Silcock, as was correctly observed 

experimentally. The apparent opposite sense of propagation is only an effect created by viewing the 

projection of an expanding twin loop. CrystaIIographically, the sign of the partial dislocation is the 

same around the entire loop as it must be, while the projected direction of motion will clearly depend 

on which part of the loop is observed. Careful analysis of these contrast experiments, therefore, is 

fully consistent with the polarity of the twinning process and verifies that only passage of 1/6<112] 

partíais in die defined sense creates a twinned crystal. The complexity of this contrast analysis clearly 

shows the need to 1.) consider how the projected two-dimensional image of electron micrographs 
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Figure 4.1U : Detailed analysis ot the twins which appear to propagate in the opposite sense as shown 

in Figure 4.9. Micrographs at the left correspond with the upward twin in Fig 4.9(a). while the 

micrographs at the right are of the downward twin in Fig 4.9 (b). 
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compares to the three-dimension physical event and 2.) to apply generalized contrast rules only with 

extreme caution and to verify the conditions under which these rules may apply. 

It can be concluded that twinning plays an important role in the deformation behavior of the equiaxed 

structure. Twinning may either be present homogeneously throughout the grain or be active locally to 

relieve stress concentrations (for example, see Fig 4,6V An example of the importance of twinning 

deformation is shown in Figure 4.11 where all four twinning systems can be identified within a single 

grain. However, since twinning was also commonly observed in the as-heat treated condition, it is 

not possible to determine whether these twins were created during the thermal treatment or were 

created as a direct result of the compression at room temperature. Finally, it should be noted that 

ordinary dislocations are frequently active in grains in which twinning is also active. In contrast, 

twinning is usually not accompanied by glide of superdislocations. 

Figure 4.11 : Activation of the four possible 1/6<112] ( 111} twinning systems within the same grain. 

4,1,3 Ordinary Dislocations 

1/2<110] ordinary dislocations have been observed in every grain and play an important role in the 

deformation of this structure. Usually at least one system is active homogeneously throughout the 

grain as shown in all four of the grains identified in detail in Section 4.1.1. Additional slip of 

ordinary dislocation systems are also frequently seen to be active locally or inhomogeneously within a 

grain. An example of the local activation of ordinary dislocations near a twin / twin intersection was 
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shown in Figure 4.6(e). They are also commonly observed associated with 02 particles. When 

observed to be associated with the particles, these are often found to lie on the (CX)I) cube plane which 

would indicate that they were formed during the thermal heat treatment. 

Although groups of dislocations associated with the particles or random individual dislocations were 

identified on the (001) plane, the vast majority of dislocations were shown to be glissile on the {111} 

octahedral planes as expected. Most of the ordinary dislocations were found to tend to be in screw or 

near screw orientation. Of the 20 systems analyzed in detail, 18 showed a definite preference for the 

screw orientation. Although the dislocations were most often screw, it was possible to define the slip 

planes by trace analysis of segments of the dislocations (usually at the foil surface) which were not 

exactly in screw orientation. The dominance of dislocations in the screw orientation is emphasized by 

the distribution of 1/2[HO] dislocations shown in Figure 4.12(a). Since the foil normal is 

approximately parallel to [110], these screw dislocations are almost completely contained in the plane 

of the foil. Hence, the long screw segments of the dislocations are clearly visible. However, these 

Figure 4.12 : Typical examples of 1/2<110] screw dislocations in the equiaxed microstructure 

(a) grain 6E and (b) grain 5F (from Table 4.5). 

dislocations are only nominally in the screw orientation and frequent cusps or local changes in the line 

direction occur. Apart from the screw orientation, dislocations or dislocation segments are 
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occasionally found in orientations 30° from screw orientation (u=<211]) and, rather infrequently, 60° 

from screw (u=<011]>. Edge dislocations were virtually never encountered. The ordinary 

dislocations also exhibit a tendency to form long, approximately planar pile-ups as shown in 

Fig 4.12fbi, Again, these dislocations tend to align in the screw orientation. Due to the gentle 

curvature of the dislocations in both of these micrographs, it can be concluded that these dislocations 

are mobile. 

4-1.4 Superdislocations and Faulted Pipóles 

In the previous sections, superdislocations have been shown to be activated only in localized areas 

(Figures 4.3 & 4,4). However, under the loading conditions which result in a sufficiently large 

Schmid factor, superdislocations can be active throughout an entire grain. In this section, three types 

of deformation structures will be presented and identified in detail: <101] superdislocations, 1/2<112] 

superdislocations and faulted dipoles. It must be noted that, in contrast to the widespread activation of 

twinning and ordinary dislocations, these mechanisms are found only in limited grains. 

An example of a grain containing many superdislocations is shown in Fig 4.13fa\ where twinning, 

dislocations and numerous stacking faults can be seen to the right of an elongated <xz particle. All the 

visible dislocations in Fip 4.13fa"> are of the superdislocation type and the twin plane was identified as 

(IU). A higher magnification view of the central region of the micrograph indicated by the arrow is 

shown in Fip 4.13fbi where the nature of the faulted dipoles becomes clearer. The Burgers vector of 

the dislocations associated with the dipoles was determined to be 1/2[Ï12] from appropriate contrast 

experiments and the dislocation and stacking fault are coplanar on the (I Ì1) plane. The elongated 

direction of the stacking fault was found tobe [101], Isolated stacking faults on the ( IU) plane are 

also seen throughout the grain. A more complete identification of these dipoles will be given below. 

At the left of the particle, the deformation structure is considerably different. No more twinning is 

seen and only superdislocations of the type <101] have been identified. Several dislocation pile-ups 

are seen on this side of the particle as indicated by the arrow in Fig 4, t3fai and a representative pile-

up of these dislocations is shown in more detail in Figure 4.14fai. Since these dislocations are visible 

with 002g, they must be of a superdislocation type. Funhermore, as shown in Fig 4.14(¾). this pile-

up apparently consists of dislocations with two different Burgers vectors. Two dislocations in this 

pile-up, indicated by the 1 and 2 in F'gs 4.14fai&fb1 were selected for the detailed contrast analysis 

given in Figs4.14(c>tofl'). A summary of these contrast experiments is also given in Table 4.4. 

It can be straightforwardly noted from Table 4,4 that the observed contrast matches the Burgers 

vectors [Í01] and [0Î1] for dislocations 1 and 2, respectively. Furthermore, detailed observation of 

the dislocation dissociation and glide plane reveals additional information. The line direction of 

dislocation 1 was determined to be [Ï01], thus indicating that the dislocation is in the screw 
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200 nm 

Figure 4.13 : (a) A typical grain (e.g. 6B) containing many superdislocations and (b) an enlarged 

view which shows the nature of the faulted dipoles which are abundant in this grain. 



4. Results page 58 

diffracting conditions 

010)002* 

(HO)IiIR 

OiO)Il Ig 

0"21)ïllg 

(100)00¾ 

(Oi1) 200g 

(OiI)IHg 

1 Observed 

visible 

invisible 

visible 

visible, dissociated 

visible, dissociated 

visible 

invisible 

B-flOl] 

2 

0 

2 

2 

-2 

2 

0 

2 Observed 

visible, dissociated 

visible, dissociated 

invisible 

visible, dissociated 

invisible 

invisible 

B-[OIl] 

2 

-2 

0 
.. 
-2 

0 

0 
Table 4.4 : Summary of the contrast experiments for dislocations 1 and 2. The 

observed contrast is given for boih dislocations along with any evidence of 

dissociation and the value of g-b for the proposed Burgers vectors. 

orientation. Trace analysis of the direction containing the ends of the dislocations in the pile-up 

(assuming that the dislocations are glissile on the same plane) determined the glide plane to be (111). 

It should be noted that this is also the plane with the higher Schmid factor, m = 0.35, versus 

m = 0.23 for the glide plane (1Ï1). However, dissociation of the dislocation is observed on the a 

plane other than (111). This is observed by comparing, for example Figs 4.14(0 with (k). For the 

same diffracting vector 002, the dislocation is seen to be dissociated for the beam direction (Ì00), 

while only a single image is observed forthe(ÏÏO) beam direction. Similarly, no dissociation is seen 

for the l î ï g in the (HO) beam direction Fig 4,14(H. while a dissociation is again observed for 

B=(Ul ) - Fig 4.14(g). This indicates that the dislocation must be dissociated on the (U l ) plane 

since the dissociation is not visible when the beam direction is contained within this plane. Thus, the 

observed plane of dissociation is different than the glide plane during deformation. It cannot be 

determined whether this dissociation configuration occurred during the actual deformation process or 

was created during any relaxation processes associated with unloading, foil preparation and foil 

observation. The observation of two partial dislocations and no stacking fault fringes between the 

partíais indicates that the superdislocation is dissociated according to : 

[KH] =* 1/2Ó01] + APB + 1/2[Ï01] 4.2.) 

In regard to dislocation 2 with b2=[0ïl], the line direction was found to be near [ÏÏ2] and, thus, the 

glide plane is uniquely defined as ( l l l ) . The observation that both dislocations 1 and 2 appear to be 

piled-up on the same glide plane, Fig 4.14(ai. plus the unique glide plane of dislocation 2 further 

verifies the conclusion from above that the glide plane of dislocation 1 wasalso(lll) . Dislocation 2 

is also trailed by a small stacking fault. Analysis of the edges of the fault indicates that they lie along 

the directions [101] and [Oil], respectively. Thus, the arrangement of partial dislocations and 

stacking fault is coplanar on the (111) plane. It should be noted that the dislocation to the right of bi 

is a 1/2[110] ordinary dislocation. 
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g=llU 
(OiD A 

g=200i 
(Oil) f 

Figure 4.14 : (a) A pile-up of superdislocations at the 0:2 particle shown in Fig 4.13 and (b) shows 

that two types of dislocations are present in this pile-up. (c) - 0) detailed contrast analysis used to 

identify the two slip systems which are summarized in Table 4.4. 
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Additionally, superdislocations may be involved in reactions or decompositions with ordinary 

dislocations. An example of this is shown in Figure 4.15 where a long, irregular dislocation labelled 

2 is seen to be associated with multiple stacking faults which vary in width from 5-50nm. Since this 

dislocation is visible with 11 Ig, l l ï g and 02Og, its Burgers vector must be parallel to either [1Ì2] or 

[112], The Burgers vector is uniquely determined to be parallel to [1Ï2] by its visibility with the 131g 

fFip 4.15ffï) and is assumed to be 1/2[1 Ï2]. Both the dislocation 2 and the stacking fault are found to 

be on the (Î11) plane by trace analysis. Contrast analysis tentatively identifies the partial dislocation 

surrounding the stacking fault as 1/6(112.]; however, a complete analysis of the partials surrounding 

the dipoles is deferred until Section 4.2.3. One segment of dislocation 2 is seen to exhibit different 

contrast behavior and has, thus, been indicated by 1. Since this dislocation is invisible for 02Og and 

l l ï g , its Burgers vector is defined by [JOl]. Finally, the segments labelled 3 are 1/2[UO] 

dislocations as verified by the invisibility for 002g and visibility for 11 Ig and these segments are also 

on the (111) plane. From the identification of the Burgers vectors and the form of the dislocations, it 

is postulated that the following decomposition is responsible for the observed arrangement : 

[101] =* 1/2I1Î2] + 1/2[11O] 4.3.) 

followed by the reaction : 

1/2[1Ï2] =» 1/6[112] + SF + l/3[ll2] 4.4.) 

A schematic diagram with a summary of the Burgers vectors and line directions of the full 

arrangement is given in Fig4.15fg). It is necessary to note that all faulted dipole arrangements 

identified are associated with 1/2<112] type dislocations and that the elongated line direction of the 

fault is always a <101] type direction. 

The propensity of the 1/2<112] superdislocations to form faulted dipoles depends upon the individual 

grain orientation. For instance, the right side of the grain in Figure 4.13 was shown to be dominated 

by stacking faults and faulted dipoles. In contrast, a grain is shown in Figure 4.)6 where a large 

number of superdislocations are present, but only a negligible fraction of these form faulted dipoles. 

All the dislocations visible in Hg 4.16(ai with the 002g must be of the superdislocation type. These 

superdislocations have been identified tobe [Oil] screw dislocations. However, as shown in Fig 

4.160)1. there is little tendency for these superdislocations to form faulted dipoles. Only five faulted 

dipoles and four isolated stacking faults have been identified in this area. This is very low in 

comparison to the density shown in Figure 4. Jg. 

In summary, the most important points from this section are: 

1.) superdislocations can be active throughout a grain, though they are less common than 

ordinary dislocations and twinning. 
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bi = [101] 

b2=l/2[112] 

b3=l/2[110] 

Figure 4.15 : Detailed contrast experiments which reveal the structure of the faulted dipole. Note the 

decomposition of the [101] superdislocation into two full dislocations of 1/2[112] and 1/2(110]. A 

schematic diagram of this arrangement is shown in (g). 
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L 
200 nm 

Figure 4.16 : An example of a grain (8F) which deforms extensively by glide of superdislocations 

(a), but shows little tendency for these superdislocadons to form faulted dipole arrangements (b). 
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2.) <101] superdislocations are usually straight, screw segments, they can be dissociated 

on {111} planes and they ,may decompose into 1/2<I 12] and.-l/2<l 10] dislocations. 

3.) I/2<112] dislocations are observed to be irregular in shape and can decompose to form 

elongated faulted dipole arrangements. 

4.) the tendency of the superdislocations to form faulted dipoles varies from grain to grain. 

4.1,5 Summary 

Ai this point it is appropriate to summarize all of the deformation structures which have been observed 

in the equiaxed microstruclure. The distinction has been clearly pointed out between the deformation 

mechanisms which are globally active within a grain and those which are only present locally. In this 

section, only the deformation mechanisms which were active homogeneously throughout the grains 

will be considered. 

Table 4.5 lists the Schmid factor for the deformation mechanisms which were observed in each grain. 

Also listed in the table is the plane of stacking faults I faulted dipoles when they were observed 

throughout a grain, the total number of systems active in the grain and the approximate grain size. 

The identification code for the grain is only an intema] system, however, it can be noted that the grains 

5A, 5B, 5E and 5F correspond to the grains A, B, E and F presented in Sectipn 4,1,1. When two 

Schmid factors have been listed (for example, in the case of the ordinary dislocations), this indicates 

either that the dislocations are only found in the screw orientation and a unique slip plane cannot be 

defined or that segments on both possible slip planes have been identified. In the case where 

deformation twins and 1/2<112] superdislocations were found on the same plane, these were taken as 

two separate mechanisms of deformation. 

The relative importance of the different deformation modes is readily seen from the table. Of the 15 

grains which were examined, all but one contained at least one ordinary dislocation system. For this 

one exception (i.e. 6A), four twinning systems were activated and m <0.12 for all ordinary 

dislocations. Hence, il can be stated that the ordinary dislocations are generally activated for 

m > 0.25. Only in one case was m > 0.25 and the ordinary dislocations were not active. Likewise, 

deformation twinning is favorable for values of m > 0.30. Of the twinning systems observed, 18 

were active for m > 0.30, while 5 were active for values less than this. However, since significant 

deformation twinning was observed in the as-heat treated condition, it can not be determined with 

certainty whether these other 5 twinning systems were created during the room temperature 

compression or the heat treatment process. Also, it must be noted that there are grains where m > 0.30 

for a twinning system yet it was not activated. Also, l/2< 112] dislocations are sometimes observed 

instead of twinning. These topics will be addressed in more detail in the discussion. Finally, it 

should be observed that the superdislocations were only observed for m > 0.35 with the exception of 

grain 6B where l/2< 112] dislocations were observed for m = 0.12. It should also be noted that 6B 
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was unusual in that it was the only grain where the faulted dipoles were a common occurrence. As 

pointed out previously, for grains where twinning was observed, there exists at least one <101] 

superdSslocation system where m > 0.40. Despite this large Schmid factor, the superdislocations are 

not active; therefore, it is clear that twinning is more favorable than glide of superdislocations and that 

superdislocations will only become active in grains where the twinning process is unfavorable. 

Finally, the orientation of the investigated grains is summarized in Figure 4,17fai and the active 

deformation mechanisms have been correlated with the axis of the applied compressive loading as 

shown in Fip 4.17fb1. A full [001] Stereographic projection has been used in place of a standard 

triangle in order to preserve the consistent indexing method. However, in the current analysis, the 

grains are considered as separate entities that deform independently of one another. In contrast, the 

consistent indexing will be exploited in Section 4.3 in order to examine the influence of the 

orientation relationships on the active deformation mechanisms. 

It is worthwhile to note some of the general features of the influence of loading orientation on the 

deformation mechanisms. Firstly, twinning appears to be prevalent for loading orientations nearly 

parallel to [001], while superdistocations are only observed for loading orientations at the "perimeter" 

of the projection or nearly parallel to the (001) plane. As stated earlier, ordinary dislocations are seen 

for all loading orientations. Finally, extensive faulted dipole and stacking fault arrangements are seen 

only in the grain which is loaded nearly parallel to a <111> direction. These observations will be 

compared to the lamellar structure and treated in detail in the discussion. (Note : a schematic 

summary of these observations is presented in F/ig, 4..26(c) in order to aid the reader in visualizing the 

loading orientations where the various deformation mechanisms have been observed.) 



4,Pgsu1ts pape 66 

a.) 

b.) 

¡ i o / 

I ÌON 

312 
345A 

ili 

oh 
W 

A 
Hl 

13 
4 

11 
2 

ioi 

" 

12 

11 
12 , 

22 
22 

i 

11 
2 

.001 
1— 

11 
11 

11 
22 

1.01 

1134 X 
2234 

A 
ì l i 

11 
22 Oli 

22 
1 

11 
2 

A 
Iti 

sJlO 

U I 
34 / 

MIO 

010 

100 

Fi eure 4.17 : Summary of the influence of (a) loading orientation on (b) the deformation mechanisms 

in the equiaxed structure 1) twinning, 2) 1/2<110], 3) <101], 4) 1/2<112] and 5) faulted dipoles. 
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4.2Ì Transformed Lamellar Structure 

In this section, the deformation mechanisms of the transformed lamellar structure (127O0C, 64h) will 

be presented. In the first part, the deformation characteristics of the coarse lamellar grains will be 

described by presenting the analysis of a collection of four lamellae in detail in order to emphasize the 

general characteristics of this structure. A general rule used in the section to differentiate "coarse" 

from "fine" lamellae has been defined at approximately lu;m and the choice of this value will become 

apparent in Sectipn 4.2.2. Next, some further details will be given concerning the formation of the 

faulted dipoles and the twinning. Subsequently, the differences between the deformation of the coarse 

and fine lamellae will be presented along with some further details of the mechanisms in the fine 

lamellae. This analysis will then be concluded with a summary of all results on the lamellar structure 

and these results will again be related to the loading orientation. Attention will also be given in this 

summary to the so-called "hard" and "easy" modes of deformation [H]. 

Furthermore, since the 0¾ phase may play an important role during the deformation of this structure, a 

final section will be included to present some of the observations of deformation in the 0:2 lamellae. 

Although no deformation structures were observed in the 0:2 lamellae in the heat-treated and deformed 

material, observations were carried out on the as-cast and deformed material. 

4.2.1 Cenerai Characteristics 

In order to introduce the general characteristics of deformation, an overview of four coarse lamellae is 

shown in Figure 4.18. Two types of inteifacial boundaries exist between these four grains. Firstly, 

the interface between lamellae A/B and E/F is a flat, regular interface characterized and the rotation 

between these grains is described as a 180° rotation about a ( 111 ) plane. It should be noted that the 

vast majority of interfaces between the adjacent y lamellae are of this 180° type. The second type of 

boundary is that between the lamellae A/E and B/F which separates a single lamella into two 

differently ordered regions. These interfaces are irregular in nature and cannot be described by a low 

index plane. However, it should be noted that these ordered domains within a single lamella can only 

be described as a 90° rotation about a cube axis (or equivalently, 120° rotation about a <111>). For 

the current example, both relationships between lamellae A/E and B/F have been described by a 90° 

rotation about [010]. The SADPs used to determine these orientation relationships plus the zone axes 

corresponding with each SADP plus the orientation relationships between the lamellae are shown in 

Figure 4.19(ai. Schematic diagrams of the zone axes at the tilt positions 1, 2 and 3 are presented in 

Fig4.19fb) in order to facilitate visualisation of the rotations between the grains. 
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îi 

Figure 4.18 : Typical deformation characteristics of the coarse lamellar structure. 
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Figure 4.19(a) : Selected area diffraction patterns (SADP) corresponding to the four lamellae A, B, E 

and F shown in Figure 4.18 obtained after tilting to the values of the angles (goniometer reading) 

shown on the left of the figure such that specific orientations were reached. From this series of 

SADPs, the specific rotations of each lamella relative to the others have been defined. 
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Figure 4.19fbl : Schematic diagram of the SADPs corresponding with the orientations 1,2 and 3 in 

FJg 4| I0Ya) with selected reflections identified The large spots indicate the plane of rotation common 

to all the zones. Solid spots are fundamental reflections while the starred spots indicate the position of 

superlattice spots. 

It is readily seen in Fi gyn; 4.18 that the deformation mechanisms tend to vary from lamella to lamella, 

but that they are homogeneously distributed within any given lamella. In each coarse lamella, at least 

two deformation mechanisms are active and this is more clearly demonstrated in Figure 4.20. In 

Fips 4.20faWb). the deformation mechanisms of lamella A arc shown to be deformation twinning 

on the (111) plane, few 1/2[11O] ordinary dislocations (indicated by the 2), few 1/2[1Î2] dislocations 

(dislocations labelled 1) and some isolated stacking faults on ( i l l ) , marked with the number 3. Also 

seen are several 1/2[112] dislocations which have transformed to yield faulted dipoles. Fig 4.20fbi 

shows that all deformation structures are invisible with the ï l l g which confirms that the Burgers 

vectors of all dislocations are contained within this plane. It is also interesting to note that both 



4. Results p^e?! 

1/6[1Ì2] twinning and 1/2[1Ì2] superdislocations arc identified in this lamella. The deformation 

structure in lamella B is straightforward and consists of deformation twinning on the (111) and (111) 

planes and a low density of 1/2[110] ordinary dislocations - see Fig 4,20(c), 

The deformation structure in lamella E consists of many stacking faults and dipole arrangements, 

Fig 4.20fdi. and it can also be seen that a significant density of superdislocations is also present, 

Fig 4.2Q(F) with 002g. These faulted dipoles are associated with l/2[î Ï2] dislocations (labelled with 

l)and the other isolated faults also lie on the (111) plane. Several of the superdislocations have been 

identified as [10ÌJ (identified with 2) on the (1Î1) plane. Finally, Fig 4.20(e) demonstrates that a 

low density of 1/2[110] screw dislocations (designated by 3) is also present in the lamella. Finally, 

lamella F contains a high density of dislocations and these have been identified as both ordinary 

1/2[11O] dislocations (labelled with a 3) and [101] (labelled 2) or 1/2[1Ï2] (labelled 1) 

superdislocations as indicated in the Fies 4,20(g)&(h). The nature of the superdislocations is 

confirmed by the visibility with 002g as shown in Fie 4.20fh). 

A summary of these active mechanisms is given in the schematic diagram shown in Figure 4.21 along 
with the Schmid factor for these systems. Similar to the equiaxed microstrucrure, the active systems 

generally correspond to those with the highest Schmid factors. Again, it is also clear that twinning is 

generally more favorable than the glide of superdislocations in grains. One notable exception to the 

observation that the active systems correspond to the systems with the largest resolved shear stress is 

the low Schmid factor for the dislocations associated with the faulted dipoles in E (m = 0.07). A low 

factor for the dislocations associated with the faulted dipoles is frequently observed in this 

microstructure. It should also be noted that the tendency of the 1/2<112] superdislocations to form 

dipoles tends to vary between grains (for example, lamella F vs. A and E). 

4.2.2 Fine Lamellar Zones 

The deformation structure in the fine lamellae adjacent to lamella A is shown in Figure 4.22. This 

structure consists of alternating, fine lamellae of y and Ct2 as previously shown, with only occasional 

examples of adjacent y lamellae. Although stress concentrations are observed in the 0:2 lamellae, 

individual deformation structures are infrequently identified. Thus, a larger proportion of the total 

deformation occurs in the y lamellae and the propagation of deformation from y to y lamellae is 

impeded by the Ct2 lamella between the two. However, for sufficiently thin 0C2 the deformation does 

appear to be transmitted from one side to the other as indicated by the arrow to the right of the figure. 

The orientation of most of the y lamellae here is the same as that of lamella B (Fie 4.18) and it can be 

seen that these all deform predominantly by deformation twinning on the ( i l l ) plane. Few 

dislocations arc visible in the other y lamellae. Hence, it it is shown that this lamellar colony tends to 

deform as a unit such that the lamellae with similar orientation deform by the same deformation 

mechanisms. The influence of lamellar thickness is also clearly seen by comparison of 
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a « 

Figure 4.20 : Higher magnification micrographs of the deformation structures identified in the 

lamellae shown in Fig 4.18 (a) - (b) lamella A, (c) lamellae B and (d) lamellae E. 
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f — L W 

Figure 4,20 corn : Higher magnification micrographs of the deformation structures identified in the 

lamellae shown in Fig 4.18 (e) - (0 lamella E and (g) - (h) lamellae F. 
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Figure 4,21 : Schematic representation of the lamellae in Fie 4.18 and a summary of the observed 

deformation mechanisms in each grain. Also given are the Schmid factors for each mechanism. 
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Figs 4.18 & 4.22. While lamella B deformed by two modes of twinning and one system of 

ordinary dislocations, the similarly oriented fine lamellae deform by only a single mode of twinning. 

It is a general observation that the fine lamellae tend to deform primarily by only a single mechanism 

and this is clearly shown by die observations summarized in Table 4.8 (Section 4.2.5) where the 

total number of deformation systems is given in relationship to the lamellar thickness. 

Figure 4.22 : Deformation in the fine lamellar regions which is concentrated in the y phase. Note that 

for the lamellae with the same orientation as B (Fig 4.18) only one twinning system is active. 

4.2.3 Faulted Pipóles 

In order to investigate the grain to grain variation in the tendency to form faulted dipoles, three further 

lamellae are presented in Figure 4.23. In Fig 4.23(a). dense faulting dominates the deformation 

structure and rather few dislocations are seen. Several of these dislocations have been identified as 

[101] and trace analysis has been used to determine that the preferred orientation is screw. Some 

segments have, however, been found to be on the ( i l l ) plane with m =0.24, which is in 

contradiction with the higher Schmid factor, m = 0.33, for the (Ï Ï1 ) glide plane. It is readily shown 

that the stacking faults also lie on the (Ï11) plane as shown in Fig 4.23(b) where all the faults are 

viewed edge-on for the beam parallel to [211]. This grain also contained a low density of 

l/2[ 110] ( i l l ) dislocations which are not shown in the photos. 
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Similarly, the lamella shown in Figs 4.23(c)&(d) also contained a high density of stacking faults 

which are verified to be on the (111) plane. Although the lamella contained numerous isolated 

stacking faults (i.e. presumed to be faulted dipoles for which the associated superdislocation is not 

contained within the thin foil section), faulted dipoles were also observed to be associated with 

1/2[Ü21 dislocations (labelled 2) for which the Schmid factor m =0.18. Fewer [1011 (111) 

dislocations, labelled 1, (m =0.34) were also observed in the grain as were a low density of 

1/2[11O](IIl) ordinary dislocations (m =0.37). The invisibility of most of the deformation 

structures with the 11 Ig confirms that the Burgers vectors of most dislocations in this grain are 

contained in the (111) plane. 

Finally, an example is shown in Figs 4.23 (eì&ff) where superdislocations are active (visible with the 

002g in pig 4.23e) which show little tendency to form faulted dipoles. These dislocations have been 

identified to be of the type O2 = [OHl (m = 0.49) and D3 = 1/2(112] (m = 0.30). Also active in 

this lamella is a low density of dislocations bi = 1/2[1Ì0] as shown in Fig 4.23(f). 

One important difference between the lamellae which formed the faulted dipole arrangements and 

those which did not is the proximity of the loading orientation to a <111> direction. For instance, the 

three lamellae which have been shown to contain a high density of faulted dipoles (lamella E in 

Figure 4.20(d) and the two lamellae containing faults in Figs 4.23 faì&fcti. are 11 °t 12° and 8°, 

respectively, from a <111> direction. In contrast, for die two lamellae shown which contain many 

superdislocarions without any stacking faults (grain F in Fig 4.20(h) and Fig 4.23 (eìì are 33e and 

30° from a <111> loading direction. It should be noted that this propensity to form dipoles near 

<111> loading directions was also observed in the equiaxed microstructure. Thus, there appear to be 

two necessary conditions for the formation of the faulted dipoles and stacking faults to dominate the 

deformation structure: 

1.) activation of 1/2<112] and/ or <101] superdislocations 

2.) and a loading orientation nearly parallel to a <111> direction. 

Returning to the faulted dipoles presented in lamella A (Figure 4.20). detailed contrast experiments 

have been performed in order to identify the dislocation associated with the fault and the partial 

dislocations surrounding the fault. The results of this analysis are reproduced in Figure 4.24 and 

summarized in Table 4.6. Since the main dislocation is invisible for H Ig Fig 4.24(d). the possible 

Burgers vectors would be [101], [Olì] and 1/2[1Ì2]. The dislocation is visible with both the 200g 

and 02Og such that the Burgers vector must then be 1/2(112]. Similarly, since the fault is shown by 

trace analysis to be on the (Ï11) plane, then the possible Shockley partials surrounding me fault would 

bel /6[ l î2] , 1/6(121] or 1/6[21I]. The invisibility of the partials for the 022g and ì l lg , plus the 

±2/3 contrast asymmetry for the l ì l g confirms that the direction of the Burgers vector of the partial 



4. Results page 77 

i l 

/ > ~ I J fi •' 
. '. t'<f W i 1(OM)P . 

: . . b ^ . ; * > 

/ 

4 
(211) 

\ 
y« 

500nm . . 

£ J (oior J g a O 
»i 

-vfl it&W* '& -
Figure 4.23 : Three lamellae that all contain a large number of superdislocations. The lamellae in 

(a)-(b) and in (c)-(d) also contain a large number of faulted dipoles or isolated stacking faults. In 

contrast, the third lamella (e)-(f) contained no stacking faults. 
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BgBB 4.24 : Detailed analysis of a faulted dipole (lamella A Fig 4.20). 
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dislocation must be 1/6[112]. The stacking fault is elongated in the [101] direction and the line 

direction of the long segment of the dislocation is [110]. 

(112) HIg 

(Oil) 200ß 

(101) 020j> 

(101) i l l s 

(112)220g 

(111)02¾ 

(Ol l ) l i lE 

(Ol l ) ÏHg 

( O H ) H Ì R " 

Dislocation 

vis normal 

vis normal 

vis normal 

invis 

vis double 

vis double 

vis double 

vis 

vis 

g-b] = 

1/2[1Î2] 

1 

1 

1 

0 

2 

3 

2 

-2 

-1 

Partial 

in 

in 

— 
-

vis 

vis 

vis 

in 

in 

g-bp = 

I/6I1Ï21 

+1/3 

+1/3 

— 
« 

+2/3 

+1 

+2/3 

-2/3 

-1/3 

g-bp = 

l/6[12i] 

-2/3 

+1/3 

-
— 

+1/3 

-1 

-1/3 

+1/3 

+2/3 

g'bp = 

1/6[211] 

-1/3 

+2/3 

.. 
— 

+ 1/3 

0 

+1/3 

-1/3 

1/3 

Table 4,6 : Observed contrast for the main dislocation and the partial dislocation surrounding the fault 

and the predicted contrast for possible Burgers vectors. " not shown in the Figure 4,24. 

Grain 

IA 

IE 

2A 

2C 

6B 

Dislocation 

1/2[1Ï2] 

1/2[ÏÏ2] 

— 

1/2[IÏ2] 

1/2[Î12] 

m 

0.26 

0.08 

0.11 

0.18 

0.12 

Line 

Direction 

[101]/ 

[HO] 

[Oïl] 

— 

[Oïl] 

— 

Plane 

(in) 

(111) 

(ÏH) 

(111) 

( l ï l ) 

Fault 

Direction 

[101] 

[Ì01] 

[101] 

[ioi] 

[ ïoi j 

Other Mechanisms 

in Grain 

1/2[11O](IiI), 

( î l l) twin 

1/2[IiO](IH)(Hl), 

[1Oi](IiI) 

1/2[11O](IIl), 

[101](i l l ) , [0HKiïl) 

1/2[IiO](Hl), 

11011(111) 

1/2[HO] ( i l l ) (111), 

[1OiKiIi)1[OiI](In) 

Table 4.7 : Summary of observations for the formation of faulted dipoles (both microstructures). 

Finally, a summary of the observations of the faulted dipoles is given in Table 4,7 including the 

dislocation associated with the fault, the Schmid factor for this slip system, the direction of the 

dislocation line and fault and other mechanisms which were identified within the grain. It is 

interesting to note that the elongated fault direction is always along a <101] direction since this is 

proposed to play an important role in the formation mechanism of the faults [2O]. It should also be 

noted that the dipole arrangements are often seen for low values of the Schmid factor, m. 
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In conclusion, it has been shown in this section that : 

1.) the faulted dipoles are associated with 1/2<112] superdislocations, 

2.) the faults are only surrounded by partial dislocations of the type 1/6<112], 

3.) the faults are elongated in a <101] direction, 

4.) and the dislocation and fault are coplanar. 

4.2.4 Twinning 

The observations of twinning in this structure are similar to those presented for the equiaxed structure 

and will, therefore, not be repeated here. Again, the apparent possibility for the twin to propagate in 

either direction is shown in Figure 4.25. It is seen that two twins on the (1 i 1 ) plane intersect a third 

twin on the (Ï Í1) plane. For the lower twin labelled A, the partial dislocations appear to move from 

left to right (according to their curvature) and are stopped at a third twin, thus, forming a pile-up to the 

left of the intersected twin. Contrarily, the curvature of the partial dislocations in the upper twin 

indicated by B indicates a sense of movement from right to left and the pile-up on the right side of the 

twin supports this sense of movement. 

Figure 4.25 : Apparent propagation of the twinning dislocations in the opposite sense. 
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4.2.5 Summary 

A summary of all observations of the lamellar microstructure is given in Table 4,8 which gives the 

Schmid factor for the systems which were identified in each grain. In Table 4.8(a). a summary is 

given of the coarse lamellae, while the results of the analysis of the fine lamellae are given in 

Table 4.8ibi. It can be seen that the results on the coarse lamellae are comparable to those of the 

equiaxed microstructure in that several mechanisms are active in each grain at roughly similar values 

of m and that twinning and ordinary dislocations are the preferred deformation modes. 

Superdislocations and stacking faults arc relatively more common in the lamellar structure, while less 

twinning is observed. The orientations of the grains identified is summarized in Figure 4.2{>fai and 

the influence of loading orientation on the deformation mechanisms is shown in Fig 4.26(b). The 

differences in the deformation mechanisms in the two microstructures can be partially explained by 

differences in the orientations of the sample population for each structure. 

The influence of loading orientation on the deformation mechanisms is presented schematically in 

Fig 4.26(c) and can be summarized by the following generalizations : 

1,) ordinary dislocations are active in virtually every grain (except for the lamella where four 

twinning systems were activated) and for m > 0.25. 

2.) twinning is prevalent for loading orientations near [001] and for values of m > 0.25. 

One notable exception to this is twinning observed in the area designated 3L with 

m = 0.06. This observation will be discussed separately below. 

3.) in lamellae where twinning doesn't appear to be favorable, superdislocations may be 

observed. <101] superdislocations are observed for m = 0.21 to 0.49, while 1/2<112] 

superdislocations are observed at both high and low values of m. As in the equiaxed 

structure, there are many grains for which m > 0.35 for a <101] superdislocation slip 

system, but only twinning and ordinary dislocations are observed. This again indicates 

that twinning and ordinary dislocations are the preferred deformation modes and 

superdislocations are only observed in grains where twinning is unfavorable. 

4.) extensive stacking faults and faulted dipoles are observed only in grains with a loading 

direction 10-15° from <111>. 

These observations are essentially in agreement with the conclusions presented for the equiaxed 

structure. 
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a.) 

b.) 

Figure 4.26 : Summary of the influence of (a) loading orientation on (b) the deformation mechanisms 

in the coarse lamellar structure 1) twinning, 2) 1/2<110], 3) <101], 4) I/2<112] and 5) faulted 

dipoles. 
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Figure 4,26fcì : Schematic diagram showing the influence of loading orientation on the observed 

deformation mechanisms. Deformation twinning is most frequently observed in the central shaded 

portion centered on the [OQl] pole, while <101] and 1/2<112] superdislocations are confined to the 

regions outside of this area (lightly shaded). Finally, the circles around the <111> poles indicate the 

areas where faulted dipoles have been identified as an important deformation feature. Ordinary 

dislocations are observed for all loading orientations. 

4.2.¾ Influence of Lamellar Thickness 

The deformation behavior of the fine lamellar regions differs from the coarse structures in two ways. 

Firstly, there tends to be one dominant mechanism throughout the lamellae. This is clearly shown by 

comparison of grain B (Figure 4.18Ì with similarly oriented fine lamellae in Figure 4.22. Secondly, 

there appears to be less preference for the ordinary dislocation modes since superdislocations were 

observed in lamellae IH and 4A even though ordinary dislocation systems with m = 0.48 or 0.41 

and m = 0.40 were available for the two lamellae, respectively. It should be noted that lamellae 10B, 

1OC, 10E and 1OX correspond to deformation structures in the as-cast material. 
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4.2.7 Hard versus Easy Modes of Deformation 

In the lamellar microstructures, two types of deformation are possible which have been defined as the 

"hard" and "easy" types [11]. As previously stated, for the easy types of deformation, dislocation 

glide or deformation twinning occurs on (111} planes which are parallel to the lamellar interface. In 

contrast, hard modes of deformation occur on {111} planes which are inclined to the lamellar 

boundary. It has been stated that the hard modes of deformation are active when the loading 

orientation is nearly parallel or perpendicular to the lamellar interface, while the easy mode is active for 

intermediate loading orientations. In light of this, the angle between the loading direction and the 

normal to the lamellar interface, 0, is given in Table 4.8 along with the observed mode (hard, easy or 

mixed). It can be seen that all of the coarse lamellae deform by the hard mode of deformation, even 

for the lamella with 0=52° (3Z). This tendency is also emphasized in the fine lamellar structures since 

all grains either exhibit only hard or mixed deformation modes even for the angles down to 56°. 

The lamella designated 3L in Table 4.8 exhibited unusual behavior in that 1.) twinning was observed 

for a Schmid factor m = 0.06 and that 2.) this was the only coarse lamella which deformed 

extensively by the easy mode. An overview of this lamella and the surrounding area is shown in 

Fig 4.27(aì. In this micrograph, the deformation twins are viewed edge-on. The hole of the thin film 

foil is seen to the left of the micrograph, while in the upper right region a coarse, equiaxed y grain is 

seen as indicated with the star. In Fig 4.27(h). the deformation twinning on the f ï ï l i planes parallel 

to the lamellar boundary (m = 0.06) is no longer viewed edge-on and, therefore, is clearly seen. 

1/2[11O](IIl) ordinary dislocations (m =0.44), 1/2[Ü2](111) dislocations (m =0.17) and many 

stacking faults on the (111) plane are also identified in this lamella. While the dislocations and 

stacking faults could be expected on the basis of the Schmid factors and loading orientation, 

deformation twinning on the (Ï Ï1) plane is not expected for such a low value of m. However, as 
shown in Fig 4.27fa). this lamella is adjacent to an equiaxed 7 grain and it could be expected that the 

stress distribution in this boundary region could be significantly different than that expected on die 

basis of the applied load. Hence, it is presumed that these twins are created because of localized stress 

concentrations at the grain boundary rather than directly due to the applied loading. This is 

substantiated by me observation that all eight of these twins end after propagating only a short distance 

into die lamella. The longest twin propagates approximately 15um into the grain - presumably where 

the localized boundary stress decreases to insufficient values and the stress distribution is better 

predicted by the loading orientation. 

A second example of the influence of the easy mode of deformation is observed in the lamella 3Z 

where all four twinning systems were activated. In the large area examined (16 \im long), only two 

twins parallel to the (Hi ) interface, i.e. the easy mode, were observed in spite of a Schmid factor 

m = 0.45. In contrast, seven (111) twins were observed with m = 0.48, nine (111) twins with 

m = 0.39 and even three (111) for m = 0.28. Thus, even though the Schmid factor is rather high 
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for (i i 1) twinning and it would be expected to be a dominant deformation mechanism, all three hard 

twinning systems are more prevalent. 

Figure 4.27 : Deformation twinning which occurs on die plane parallel to the lamellar interface. 

(a) An overview showing that this area is adjacent to an equiaxed zone and (b) twins clearly shown. 

In conclusion, it can be said that the hard modes of deformation are much more common than the easy 

modes. This is even true for loading orientations of 52-56° where the easy modes could be expected 

to occur. However, deformation on planes parallel to the boundary plane can be activated in the grain 

boundary regions due to localized stress concentrations at the boundary. For this localized activation, 

the slip systems will propagate only when the localized stress is sufficiently large. 

4,2.8 Deformation in the 0¾ Phase 

As previously stated, deformation structures were rarely observed in the cç phase of the fine lamellar 

zones in the heat-treated and deformed lamellar structure. However, it was possible to observe 

deformation structures in the ai phase in the as-cast and deformed material, presumably since these 

lamellae are coarser than those in the transformed lamellar structure. For example, in Figure 4.28 

some typical deformation structures in a coarse (350 nm) 0¾ lamella are seen. In this lamella, a row 

of straight dislocations is observed along with a deformation twin. In this lamellar colony, both 

curved or straight dislocations and twins are commonly observed in all the coarse ci2 lamellae. 
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However, it must be noted that the density of dislocations and twins is significantly lower than that 

observed in the adjacent y lamellae. 

v s 
Figure 4.28 : Deformation structures observed in a coarse ct2 lamella including individual dislocations 

and a deformation twin. 

Further observations of another lamellar colony are given in Figures 4.29 and 4.30. In Fig 4.29(a). 

two coarse, similarly oriented y lamellae are seen to be separated by a coarse o¡2 lamella (indicated A). 

Also, within both of the y lamellae, fine Ct2 lamella are seen The influence of CQ thickness on the 

propagation of the twins in y is clearly seen by comparing the behavior of the lamellae A and B. For 

the coarse lamella A (-430 nm thick), the twins are stopped at the boundary and there is no 

correspondence with the twins in the neighboring y. In contrast, the twins appear to be transmitted 

directly through lamella B (~25nm thick) since there is a one-to-one correspondence with twins on 

either side of the lamella. Therefore, it is readily concluded that the 02 lamellar thickness plays an 

important role in the transmission of deformation through the lamellar structure. 

In the thick lamella A, two different types of dislocation structures were observed. A low density of 

dislocations were observed throughout the thickness of the lamella and these were distributed rather 

homogeneously along the length of the lamella (these are invisible in Fig 4.29a). In contrast, a 

second type of dislocations are limited to the interface regions immediately adjacent to the y as 

indicated by the arrows (Fig 4.29a). Contrast experiments to identify the dislocations within the 

lamella are shown in Figs 4.29(b)-(e). Since me dislocations are invisible in Fig 4.29(b) with the 

0002g, they must be <a> type dislocations. Furthermore, since they are visible with the 224Og, they 

must be either [1120] or [1210] dislocations. The assumed slip planes for these dislocations would 

then be (UOO) or (10Í0), respectively. Although the contrast experiments provide no further 

differentiation between these two systems, trace analysis was used to determine the line direction of 

the dislocations to be approximately parallel to [1120]. If the Burgers vector was also parallel to 

[1210], then the slip plane would be defined by (0001). However, this cannot be the case since the 

dislocations are not straight as would be expected if they were glissile on the basal plane. However, if 

the Burgers vector is parallel to [1120], then these dislocations would be in the screw orientation on 
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the (1 i 00) plane. Geometrical consideration of the length of the dislocations confirms the conclusion 

that these are [1120] dislocations on the (1Ì00) plane since they appear the longest for B = 1Ï00 

(viewed nearly flat in the foil) and are roughly half the length for B = 10Í0 (inclined in the foil 60° 

and cos60° = 0.50). Thus, it is confirmed that these dislocations are 1/6[1120] dislocations on the 

(1Ï00) plane for which m = 0.48. It is interesting to note that these dislocations appear to be present 

either individually or in pairs (1) and that complex dissociations may also be possible (2). 

The dislocations in the vicinity of the interface are examined in more detail in Figure 4.3Q. It is 

immediately seen that these dislocations are visible for the 0002g and, thus, must be either <a>+<c> 

or <c> type dislocations. However, since the dislocations are invisible for both 0220g and 2420g, 

they can only be of the Burgers vector [0001]. Again, by comparison of the length of the dislocation 

in different beam directions, it can be determined that the probable slip plane is near (1Ì00). This is 

readily verified in Figs 4.3Q(a)&(b1 where the dislocation is the longest for B = (IlOO) and 

approximately half the length for B =(10Í0). Of the possible {1Ï00} and {1120} type planes, only 

the (1 i 00) plane matches these geometrical observations. It is possible that other higher index planes 

very near (llOO) could also be the slip plane, however, the current analysis cannot provide any more 

precision for the slip plane. It must again be emphasized that these were only found as loops or short 

segments immediately adjacent to the interface and were often associated with a twin in the y lamella. 

The Schmid factor for this system is only m = 0.05 and, thus, it is unlikely that these can be attributed 

directly to the applied loading. The origin of these dislocations will be discussed in more detail in 

Section 5.1.5. 
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Figure 4.29 : (a) Deformation of a typical lamellar zone, (b) weak beam micrograph showing the 

occurrence of many short dislocation segments at the y / 0:2 interface in the 0:2 lamella A and (c)-(e) 

contrast analysis to identify dislocations in the interior of the lamella A. 
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Figure 4.30 : Detailed contrast experiments to identify the dislocations segments confined to the 
interfacial region in the 0:2 lamella A of Fig 4.29(b). 
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4,3 Geometric Compatibility and Slip Transfer 

In this section, the influence of the specific orientation relationships on the activation and transmission 

of the deformation processes will be investigated. In this context, the geometric compatibility factor 

which was introduced in Section l.g.2 will be used to ascertain the compatibility of individual 
deformation systems in one grain relative to the deformation systems in the adjacent grain. With the 

help of this factor, it should also be possible to determine whether the specific type of orientation 

relationship is important in the transfer process. Are the transfer mechanisms the same for the 60°, 

120° and 180° rotation orientation relationships? Similarly, does the microstructure have an influence 

on the transfer of deformation between adjacent grains? 

4.3.1 EquiaxedMicrostructurc 

In general, several deformation mechanisms are active within each equiaxed grain. Therefore, it is 

difficult to correlate a deformation mechanism in one grain with a single mechanism in the adjacent 

grain since several possible combinations exist. However, in some instances, it is possible to directly 

relate the mechanisms in one grain with the activation of systems in adjacent grains. Several examples 

of this will be given below for the various rotations. 

As an initial example, reference is made to the grains A and E shown in Figure 4.1. Twinning on the 

(111) plane ¡s active in each grain and there appears to be a correspondence in the activation of these 

twinning systems across the grain boundary. This correspondence is emphasized in figure 4,3Ua). 

A higher magnification micrograph is given in Fig 4.3 If b) which shows that a significant pile-up of 

dislocations occurs at the A / E boundary. Although this grain boundary is generally irregular, trace 

analysis was used to determine the local boundary plane as (110) and the rotation between the two 

grains is described by 60° anti-clockwise as given in Figure 4.2. In order to examine how the 

twinning in E may influence the activation of deformation in A, the compatibility factors have been 

computed in Table 4.9. Also listed are the appropriate Schmid factors. 

As can be seen in Table 4.9. several deformation systems could be expected in grain A on the basis of 

the Schmid factor and that several possible slip systems would provide moderate compatibility with 

the twinning in grain E. Of the five possible systems with m' > 0.50, the ordinary dislocation 

system can be eliminated since the Schmid factor is very low for this system. Similarly, the three 

<101] superai slocation systems can be eliminated since these are generally observed only when 

ordinary dislocations and twinning are not possible. This leaves the two twinning systems which 

were both identified in grain A -namely, the (111) and ( i l l ) twinning. On the basis of the Schmid 

factor alone, both systems are more or less equally expected to be distributed homogeneously 

throughout the grain. However, only the ( l i 1) twinning was observed near die A/E interface and this 

can be attributed to the better geometric compatibility with the twinning in grain E. Hence, it appears 
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that the geometric compatibility can be used to understand the preferential activation of die (111) 

twinning system at die A/E boundary. 

Figure 4.31 : Transmission of deformation twinning from equiaxed grain E to A (from FJgAD-

Possible Slip in A 

[OH](IiD 

[OH](Ui) 

[112] (111) 

1/2[IiO](Hi) 

[10I](IIl) 

[1Î2](111) 

m 

.28 

.31 

.34 

.06 

.23 

.29 

m' 

.54 

.54 

.53 

.52 

.52 

.05 

Observations 

— 
— 

at A/E interface 
— 
— 

at A/F interface 

Table 4.9 : Geometric compatibility of possible slip systems in A for l/6[i 12] (Hl ) 

twinning in die adjacent grain E which is rotated by 60° anti-clockwise relative to A. 

Further information about the geometry of this process is given in die stereographic projection (in area 

E coordinates) in Figure 4.32. The trace of die ( 1 i 1 ) twin plane in grain E is drawn. Using die 60° 

rotation relationship, the indices of the twin plane in A can be determined to be (511) in the E 

coordinate system, while die twinning direction is transformed to [255]. The intersection of these two 

twin planes is given by the direction [Ì23] which is approximately contained in the (110) boundary 

plane. Apparendy, this geometry is not a favorable transfer process since diere are dislocation pile-

ups or reflection at die interface. In this regard, there does not appear to be a direct transfer of the 
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deformation from grain to grain. Rather, the pile-up in one grain seems to create a stress 

concentration which is relieved by flow in the adjacent grain. In this light, it is interesting to note that 

the geometric compatibility calculation can give some information regarding the selection of the 

deformation system in the adjacent grain. 

Fi pure 4.32 : Geometry of the transmission of (1Î1) twins between grains A and E. 

The influence of the geometric compatibility of slip systems in adjacent grains is also seen in the 

inhomogeneous activation of superdislocations in the grain F (Figure 4,41. In order to recall this 

physical situation, a schematic diagram of the deformation mechanisms in grain F and the neighboring 

grains is given in Figure 4.33. It can be seen that in the region near the F/E interface {where grain E 

deforms primarily by twinning on the (1Ï1) and (î Ï1) planes), grain F deforms only by the glide of 

ordinary dislocations. In contrast, near the F/A interface (where grain A deforms primarily by ( i l l ) 

twinning), localized activation of superdislocations ¡s also observed. The geometric compatibility of 

the twinning systems in grains E and A have been calculated in Table, 4. IQ in order to determine the 

geometrically favorable slip systems in grain F. 



4. Results page 9.5 

Super-
dislocatíons 

180° 

1/2[UO](IIl)(IIl) 

1/2[1Í0] (111)(111) 

1/6[112](111) 
1/6(112] (Ül ) 

Figure 4.33 : Schematic 

diagram of the deformation 

mechanisms in the equiaxed 

grains A, E and F. 

1/6[112J(IIl) 

Possible Slip in F 

1/2[HO](IiI) 

HOi](IiI) 

[1121(111) 

[10I](IIl) 

m 

.47 

.32 

.11 

.35 

m' 

.87 

.87 

.50 

.10 

Observations 

active in F 

— 
... 
— 

TaHe 4. 1Of aï : Geometric comparihilttv of possihle slip systems in F 

with 1/6[112] (Ï Î1) twinning in grain E for a 120° rotation about [111]. 

Possible Slip in F 

1/2[IiO](Hl) 

[1Oi](Hi) 

[1121(111) 

[101] ( i l l ) 

m 

.49 

.28 

.02 

.35 

m' 

.87 

.87 

.50 

.10 

Observations 

active in F 

— 
— 
— 

Tahle 4. lOfbl : Geometric compatibility of possible slip svstems in F 

with 1/6[Ì12] ( l ì 1) twinning in grain E for a 120° rotation about [ H l ] . 

Possible Slip in F 

[1Ï2ICÏ11) 

[1011 ( i l l ) 

1/2[IiO](Hl) 

1/2[IiO](Ul) 

1/2[11O](IiI) 

1/2[HO] ( i l l ) 

m 

.27 

.35 

.49 

.19 

.47 

.22 

m' 

1.00 

.87 

.19 

.19 

0.0 

0 .0 

Observations 

activated ?? 

— 
active in F 

active in F 

active in F 

active in F 

Tab|e4.10fci : Geometric compatibility of possible slip systems in F 

with 1/6[1Ì2] (Hl ) twinning in grain A fora 180° rotation about [ ì l i ] . 
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Examination of Tables 440(a)&fb) reveals that the there is a good compatibility between the 

deformation systems which have been observed in the grains E and F and, therefore, there is no need 

for the activation of any other systems. Compatibility can be maintained at the interface without 

further modes of deformation. In contrast. Table 4.10(1Ci shows that the compatibility of the 

deformation systems in grains A and F is low (0.19 and 0.0 for the four ordinary dislocation systems 

which are active in F). Thus, in order for coherency to be maintained between the two grains, 

additional deformation modes must be activated in either grain A or F. Thus, activation of a 

superdislocation system in F appears to be required to maintain coherency at the interface. 

Unfortunately, the foil thickness did not allow for exact determination of the Burgers vector of these 

dislocations; however, it is interesting to speculate that diese are 1/2[112] superdislocations since 

these would exhibit complete compatibility. Regardless of the Burgers vector of these dislocations, 

calculation of the compatibility between the active deformation systems in grains A and F can be used 

to predict the need for additional slip systems. 

A final example of the transfer of deformation between adjacent grains is shown in Figure 4.34, In 

Fig 4.34(ai. five deformation twins are seen in grain I (to the right side of the micrograph) which 

intersect the adjacent grain II (at the left side). The orientation relationship between these two grains is 

120° about [Ï Ï I]. The boxed region in Fig 4.34faì is shown at a higher magnification in Fig 4.34(b) 

and it can be seen that the intersection of the twinning system in grain I with grain n results in the 

emission of 5-10 dislocations in the adjacent grain II as indicated by die arrow head. Trace analysis 

was used to identify the twin plane in grain I as ( i l l ) . Similarly, contrast experiments and trace 

analysis were also used to determine the dislocations in grain n as l/2[î 10] dislocations on the ( î i l ) 

plane. In Fig 4.34(b). diese dislocations appear to be continuous wiUi the twin, while in Fig 4.34(c) 

the glide plane in II and twin plane in I are both viewed edge-on. This confirms that the deformation 

continues from grain I to the adjacent grain II on a corresponding slip plane. The schematic diagram 

of this situation given in Fig 4.34(d) emphasizes that the deformation transfers between the grains on 

the same {111} plane, which in this case is the (UI). Calculation of the geometric compatibility of 

these two systems gives m' =0.87 which is the maximum possible value for the given twinning 

system. The Schmid factors for both systems are, however, rather low and it appears that this 

situation was created during the heat treatment process. Nevertheless, it is a useful example since it 

shows that the value of m' is apparently an important factor in selection of the deformation system in 

the adjacent grain, m' is generally high for 120° rotations, and for certain rotations there appears to 

exist a possibility for continuing deformation from one grain to the next on a corresponding slip plane. 
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Figure 4.34 : Transfer of deformation between adjacent grains, related by a 120° rotation about [ I I I ] , 

from twinning to slip of ordinary dislocations on the corresponding (111) plane. 



4.Rcsulia page 98 

4.3.2 Transformedl^amellar Structure 

An example of the geometric compatibility of deformation systems in the lamellar structure is given in 

Fig 4.35(a) which shows two thin, adjacent lamellae, labelled A and B, embedded within a large 

colony of y and 02 lamellae. For these two lamellae A and B, the orientation relationship has been 

determined to be a 120° rotation about the [ÏÏ11. It can be seen in both lamellae that 1.) the density of 

deformation structures is low and 2.) there appears to be only one active mode in each grain. Further 

contrast experiments used to identify these modes are shown in Figs 4.35fb)-(e). Since these 

lamellae are related by a 120° rotation, there is a correspondence between the {111 J and (110} in each 

lamella such that diffraction conditions are simultaneously fulfilled in each grain and only the specific 

indices vary. Thus, for example, the diffracting conditions in Fip 4.35fb"> are (Ì 101 Î Hg in lamella 

A and (101) 11 Ig in B. 

Trace analysis was used to determine the twin plane in lamella B as (1 i 1) and this is confirmed by the 

invisibility of contrast in F'g 4.35(e) (g-Rp = 0). The Schmid factor for this twinning system is 

m = 0.50. In lamella A, a low density of individual dislocations can be seen of which two were 

examined in detail as indicated in boxed region Fip 4.35(a). Most of the dislocations correspond to 

the type 1, while only one isolated dislocation was identified like the dislocation 2. Dislocation 1 is 

invisible with 02Og and ï ï l g and, thus, bi = [1011. This is confirmed by the characteristic double 

contrast for the Ï Ì ig (i.e. g-b = 2) and visibility for 230g and 002g (not shown). Trace analysis 

indicated that the line direction was 1211] such that the slip plane can be determined to be ( i l l ) . The 

contrast for dislocation 2 was unusual in that it appears invisible 02Og which would indicate a Burgers 

vector parallel to [101] CT[IOl]. However, die dislocation is visible for both ÎÏÏgand HIg which is 

inconsistent widi either possible Burgers vector. Trace analysis indicated that the line direction was 

parallel to [ Ï12] which would indicate that the dislocation should lie in the (1 i 1 ) plane. The possible 

Burgers vectors would thus be [10I]1[OIl] and 1/2[112]. [101] can be eliminated on the basis of the 

visibility for î î l g and [011] is also eliminated due to the visibility wiüi the ï ï l g and the lack of the 

characteristic double image for î ï ig (g*b would equal 2). Hence, it is presumed that the dislocation 

is a l/2[ï 12] and this is confirmed by the invisibility with the 22Og as shown in Fig 4.35(e). The 

screw orientation is not common for these dislocations and it is possible that this particular orientation 

or an unusual dissociation could account for the apparent invisibility seen for the 02Og. However, it 

must be emphasized that this was the only dislocation in this lamella with this Burgers vector and that 

the rest of the dislocations were identified as [101](î 11) dislocations. 

In order to examine the influence of the compatibility requirements between the two lamellae, the 

geometric compatibility factor for possible deformation systems in lamella A has been calculated. 

These results are shown in Table 4.11. along with the Schmid factor for each system. 
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g=220 

('HO) 

Figure 4.35 : (a) Overview of the deformation mechanisms in fine, adjacent y lamellae related by a 

120° rotation. Detailed contrast analysis of the boxed area in (a) is shown in (b)-(e). 
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Possible Slip in A 

[1011 (111) 

1/2[11O](IIl) 

[Ï01K1Ï1) 
1/2(UOHUl) 

1/2[11O](IIl) 

m 

.45 

.40 

.45 

.40 

.34 

m' 

.87 

.87 

.10 

.10 

.28 

Observations 
identified in B 

... 
— 
— 
... 

Table 4.11 : Schmid factor and geometric compatibility factor, m', for the deformation systems 

lamellae A for l/6f ï 12](1 Ï1) twinning in the adjacent lamella B and a 120° orientation relationship. 

This table indicates that both the Schmid factor and geometric compatibility factor are important in 

determining which mechanisms are active in the fine lamellae. Although 4-5 systems are possible on 

the basis of the Schmid factor, the actual deformation mode corresponds with the system which 

maximizes the compatibility of the two systems. It is interesting to note mat the l/2[110](ï 11) system 

would give the same geometric compatibility as the [101](î 11) system, and it also has a large Schmid 

factor m = 0.40. However, the fact that these ordinary dislocations were not identified would appear 

to contradict the observation that ordinary dislocations are preferred over the supeidislocations. 

An example of the compatibility of déformation systems in adjacent y lamellae which are related by a 

180° rotation about the [ÎÏ1] is shown in Figure 4.36. Both lamellae contain only ordinary 

dislocations and the Burgers vector of the dislocations in both lamellae is seen to be 1/2[110]. A 

negligible density of 1/2[110] dislocations is also seen. Since practically none of the 1/2[1 ¡0] 

dislocations are observed to be straight segments parallel to the (î Î1) lamellar interface, the slip plane 

of these dislocations cannot be the (U l ) plane. Thus, the deformation system in each lamella is 

characterized as 1/2[1 Î0) (111). Furthermore, the geometric compatibility calculations for these two 

systems is given in Table 4.12. It is observed that several possible slip systems in C could be 

expected solely on the basis of the Schmid factor. However, the active system tends to be that which 

also yields the maximum geometric compatibility. 

Possible Slip in C 

1/2[IiOl(IIl) 
1/2[IiOl(Ul) 

[1121(111) 

[1121(111) 

(1121 (111) 
[OiIl(IU) 

m 

.28 

.32 

.35 

.34 

.35 

.42 

m' 

.78 

.33 

0 

0 

.32 

.39 

Observations 

active in C 
— 
— 
— 
— 
— 

Table 4.] % : Geometric compatibility for possible slip systems in C for 

1/2[1 Ï0](111 ) dislocations in B and an orientation relationship of 180° about [ H l ] . 
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'- -**— > £ ^ *-~*¿ *• 

Figure 4.36 : Deformation mechanisms in adjacent y lamellae which exhibit a true twin, 180° 

orientation relationship. 
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Thus, on the basis of these two analyses it is evident that both the Schmid factor and the geometric 

compatibility play an important role in the activation of the deformation systems in the fine lamellar 

structures. 

Finally, particular mechanism for the transfer of twinning between adjacent grains is shown in 

Figure 4.37. which gives two examples of the so-called cross-twinning process.1 In Fig4.37(aì. a 

micrograph is shown of lamella B fFipure 4.18Ì which contains a fine lamella with the same 

orientation as lamella A. It was shown that these two lamellae are related by a rotation of 180° about 

the [ U I ] - thus, the true twin orientation. This micrograph demonstrates that there exists a one-to-one 

correspondence of twins on each side of the thin lamellae. A higher magnification view of the boxed 

region JnJFJp 4.3Wt reveals that deformation twins are also present in the fine lamella and that they 

correspond one-to-one with the twins in lamella B. The twinning plane in each lamella has been 

determined to be (Î11). This means that twinning occurs in each lamellae on the same plane, and that 

these two planes are rotated with respect to one another by 180° due to the given orientation 

relationship. Similarly, the same 1/6[112] partial dislocation is responsible for twinning in each grain, 

although the true spadai directions of these Burgers vectors is different relative to one another due to 

the rotation. It should be noted that significant pile-ups are not observed at the interfaces and this 

seems to indicate that the transfer process between lamellae is rather favorable. A second example of 

this cross-twinning is shown in Fig 4.37fci which shows an area containing five lamellae which are 

all related by consecutive 180° rotations about [111]. Analogous to the previous example, twinning 

on the (U l ) plane is seen to occur in each of the lamellae and that these twins propagate across the 

lamellae in an exact correspondence. 

Due to the apparent ease of this transfer process, the geometry has been examined in more detail in the 

stereographic projection shown in Figure 4.38. The trace of the lamellar interface (î Î1) and trace of 

the twin plane in the initial lamella have been indicated in the projection. In order to locate the trace of 

the twin plane in the rotated lamella, the (Ì11 ) twinning system in this adjacent lamellae is transformed 

to a twinning system on the (15Î) plane in the [712] direction in the initia] lamella coordinate system. 

It is immediately evident that die common direction of intersection of the two twin planes is the [101] 

direction and that this direction is contained in the lamellar boundary. Further analysis of the cross-

twinning process will be given in the discussion along with a proposed model which indicates the 

relative importance of this process. 

1 The term cross-twinning was first introduced by Upsitt [25) to describe the propagation of twins to another plane of 
the same family when the twin intersects another twin of the same kind. This process was initially noted only over a 
narrow temperature range. 
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Heure 4. i / : (a) Uvcrvicw and (b) nigher magniticanon micrograpns ot me cross-twinning process 

in lamella B (Fig 4.18). (c) Cross-twins propagate continuously across a series of 180°, true-twin 

related lamellae. 
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Figure 4.38 : Geometry of the cross-twinning process for ( i l l ) twins as shown in Fig 4.37. 

4.3.3 Summary 

A summary of the geometric compatibility factors for both microstnictures is given in Table 4,1?. 

Determination of the compatibility for the fine lamellar structures is straightforward since only one 

mechanism is usually active in each lamella. However, the situation is less easily defined in the coarse 

and equiaxed structures since several mechanisms are active in each grain. In this case, the 

compatibility factors were maximized for each deformation mechanism. 

In general, the following observations can be made: 

1.) [he orientation relationship of 120° rotations tends to yield higher compatibility between slip 
systems in adjacent grains. Several observations of perfect correspondence (m' = 1.0) have 
been made and the factors are generally 0.87 or 1.0. In contrast, the rotation relationships of 60° 
and 180° tend to give much lower values. 

2.) the microstructure influences the number and distribution of the types of boundaries present. 
Furthermore, the 180° relationship exhibits a different behavior in the two microstructures. For 
the equiaxed structure, perfect correspondence of slip systems may be observed for the case 
when deformation occurs on the plane of rotation in both equiaxed grains. This is not possible 
in the lamellar structure. 
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5. Discussion and Interpretation of Results 

•: û 

Various criteria are applied in an attempt to predict the ductility of a material. Two of the best known 

of these are the Rice-Thomson model [131] which evaluates the ability of a material to nucleate 

dislocations at a crack tip in order to blunt an atomisricaily sharp crack and the von Mises criterion 

which requires that five independent slip systems must be available for homogeneous deformation to 

occur in a polycrystalline material [112]. With regard to die latter demand, sufficient slip systems 

exist in TiAI such that these polycrystalline requirements should be met. It has been shown mat both 

1/2<110] ordinary dislocations and<101] superdislocarions are active in the current alloy and these 

alone are known to provide five independent slip systems [132]. Further slip in the <112] directions 

in the form of twinning or 1/2<112] superdislocations provides additional degrees of freedom in 

fulfilling the required compatible déformation within each grain. 

According to the Rice-Thomson model, dislocation emission under the stress concentration at a crack 

tip will be favorable as long as the following conditions are meet : 

^-2- < 7.5 - 10.0 5.1) 
Ys 

where Ts is the true surface energy, G the shear modulus and b the length of the Burgers vector. 

Taking typical values for TiAl, this parameter ranges from 3.5 to 8.5 depending upon the specific 

dislocation burgers vector and the crack plane (since the surface energy varies slightly with plane) 

which are used. Hence, for all but the least favorable situation (i.e. <101] superdislocations required 

to blunt a crack on the (100) plane), the Rice-Thomson criterion for a ductile material is fulfilled. 

Hence, the obvious question remains. Why is the ductility of TiAl limited to only several percent 

tensile elongation prior to failure? 

Clearly, the above two criteria do not consider all the factors which influence the ductility of 

intermetallic alloys. In fact. Rice and Thomson were correct to point out that this approximation can 

be modified by variations in the core size of the dislocation and other geometric considerations. Yoo 

and Fu [133] also showed that elastic anisotropy plays a crucial role in the dislocation mobility at a 

crack tip and will modify the ductile / brittle behavior of intermetallic alloys. Recently, the causes of 

embrittlemcnt of intermetallic phases were reviewed and a number of intrinsic and extrinsic factors 

causing embrittlemcnt were shown to occur such as difficult nucleation of dislocations, reduced 

dislocation glide, restricted planar glide, inhibited slip transminai, impurities and environmental 

embrittlement [10], A number of these factors have been shown to be important for TiAl such as 

embrittlemcnt by interstitial oxygen [29,108] and environmental embrittlement [134-135]. While a 

great number of studies are being devoted to these factors and the general glide characteristics of 

individual dislocations, relatively less is known about the "macroscopic" behavior of dislocations 
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including the role of each mechanism in the deformation process, the influence of microstructure on 

the activation of deformation mechanisms and the importance of the orientation relationships on the 

transmission of slip between adjacent grains. The goal of this discussion will be to try to answer a 

number of questions which will, hopefully, shed further light on the aspects which control the 

ductility of two-phase TiAl alloys. 

5.1 What is the Influence of Loading Orientation on the Deformation Mechanisms ? 

Even in a polycrystalline material, it is reasonable to assume that the direction of compressive loading 

will play an important role in the activation of the deformation mechanisms. While multiple slip 

systems are expected to be activated at the grain boundaries in order to accommodate the localized 

stress concentrations due to elastic and plastic incompatibility between adjacent grains, this stress 

concentration will decrease with increasing distance from the grain boundary. Therefore, only the 

resolved shear stresses due to the applied load will be significant in the interior of the grain. 

Obviously, whether grain boundary or applied shear stress effects dominate the deformation behavior 

will depend sensitively on the grain size. 

The influence of loading direction on the deformation behavior of single-phase TiAl has been 

previously discussed by several authors. In the first comprehensive work on the plastic deformation 

of TiA!, Shechtman et al. [22] calculated equi-Schmid factor lines and concluded that inhomogeneous 

plastic deformation would result from differing abilities of the individual grains to activate the "easy" 

ordinary dislocation systems. However, no direct experimental observations were given to support 

this idea. A tensile/compressive asymmetry of the twinning process was indirectly supported by the 

observation of no more than two systems at a time within a single grain deformed in tension [25]. In 

the only single-crystal work to date on TiAl, Kawabata was able to directly verify the activity of the 

various systems as a function of applied loading orientation. These observations corresponded with 

the calculated Schmid factors in that <10I] superdislocations were active for loading parallel to [001] 

and [110], while ordinary dislocations were observed for the loading orientations near [Oil]. 

However, it was also shown that Schmids law did not strictly apply since variations in the critical 

resolved shear stress were observed for different orientations. Unfortunately, no systematic attention 

was paid to twinning since it was only observed at 6730K. These twins were only observed for the 

[001] and the near [011] orientations (for compressive loading). Finally, single-crystal deformation 

behavior was approximated by performing in-situ observations on thin foils [33]. At room 

temperature, twinning was found to be active for orientations near [ 1Ì0], superdislocations tended to 

be active near [001] and ordinary dislocations were found in all orientations except those which were 

closest to [00I]. 
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The current results compare favorably with [33] in that ordinary dislocations were identified in most 

grains regardless of orientation. However, the observations of twinning are inverted relative to the 

current observations due to the difference in the direction of the applied stress as explained later. The 

observations in [26] for twinning near [001] is also consistent with the current results. Therefore, it 

can be concluded that the present results correspond well with previous studies and the influence of 

loading orientation is the same in both single-phase and two-phase alloys. 

The influence of loading orientation on the current material has already been presented in Fi pures 4.17 

and 4.26 and is very generally summarized again in Table 54-

Deformation Mode 

l/2< 110] ordinary dislocations 

1/6<112] (111} twinning 

<101] superdislocations 

1/2<1Ì2] superdislocations 

faulted dipoles 

Orientations Active 

all 

near [001) 

near (001) 

near (001) 

near<Ul> 

Minimum m 

S 0.25 

>0.25 

S0.35 

various 
... 

Table 5.1 : Influence of loading orientation on the active deformation mechanisms 

and die estimated minimum Schmid factor, m, required for activation. 

The value of the minimum Schmid factor is only intended to be interpreted in a very general way and a 

more precise determination is limited due to the approximations encountered in using a polycrystalline 

material. However, it is useful to establish such minimum values to construct equi-Schmid factor 

diagrams which indicate the orientations where the stress should be sufficient to produce an 

observable dislocation density. The differences in the minimum Schmid factors of the various 

systems can be attributed to both the ease of nucleation (i.e. the elastic energy) and mobility of the 

dislocations (i.e. the core structure). On one hand, the lower elastic energy of the ordinary 

dislocations and twinning partíais would indicate mat these are easier to nucleate. On the other hand, 

the differences can also be linked to the mobility of die dislocations which, in tum, depends on the 

dislocation core structure. A narrow core on the slip plane, extensive core spreading out of the slip 

plane and the tendency to form locked configurations will all reduce dislocation mobility. 

Furthermore, the Peierls lattice resistance has also been shown to depend upon crystallographic 

direction due to covalent-like bonding between aluminum and titanium layers, as well as within the 

titanium layers [29,43,136]. Therefore, based upon these simple arguments of elastic energy and core 

structure, ordinary dislocations and twinning would be expected to be the more common modes of 

deformation. Ic must again be emphasized that these are only estimated values and are not meant to 

indicate a precise value of the critical resolved shear stress for the systems. 

Using these minimum Schmid factors, it is possible to construct equi-Schmid factor diagrams which 

indicate the deformation mechanisms that could be expected to be active for any given loading 
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orientation. For construction of this map, an average value of m ä 0.30 was taken to be an 

approximate value for slip along the <112] directions. The distinction is not yet made between 

1/6<112] twinning partial dislocation and the 1/2<I 12] superdislocation. This point will be discussed 

below. In Fig 5.1 fai, it can be seen that at least one ordinary dislocation system fulfills the minimum 

Schmid factor for most orientations. Only near [001] loading orientations and <110] loading 

orientations should ordinary dislocations be difficult to activa«. While no ordinary dislocations were 

observed for the two orientations closest to [001], the only grain examined near <110] was seen to 

deform extensively by two ordinary dislocation systems. This apparent inconsistency could likely be 

attributed to two effects. Firstly, since this <110] oriented grain was only about 4^m wide and 

sandwiched between two coarse 02, the stress distribution within the grain may be more complex than 

the simple applied stress would imply. Moreover, for the [001] oriented grains, four twinning 

systems were active which is presumed to be sufficient for the required deformation and ordinary 

dislocations are not required. In contrast, for the <110] orientation a mixture of several 

superdislocation systems was identified. The presumed tow mobility of these superdislocations may 

be insufficient for deformation in this region and, thus, the ordinary dislocation must be activated to 

satisfy the necessary deformation. 

In Fig 5.Kb). it can be seen that <101] superdislocations could be expected for loading directions 

nearly parallel to [001] or parallel to the (001) plane. However, <101] superdislocations were, in 

fact, only observed for the loading orientations nearly parallel to the (001). As previously stated, 

several <101] superdislocation systems are highly stressed for the [001] orientations, yet only 

twinning is observed. Since twinning partial dislocations may be more easily nucleated than 

superdislocations due to their reduced elastic energy, they would then be the preferred deformation 

mode. Secondly, it could also be considered that <101] superdislocations are, in fact, nucleated but, 

instantaneous to the nucleation process, they could undergo a core transformation that emits partial 

twinning dislocations according to : 

<101] => l/6<2n]+CSF+l/6<112] + APB+i/6<2U]+SiSF+l/6<112] 1.3) 

Thus, a superdislocation could evolve into a pole source of twinning dislocations pinned by the other 

immobile reaction products. This type of mechanism was, in fact, predicted by Yoo and Fu [133] and 

this decomposition may be aided due to torque effects among the reaction products. However, it must 

be noted that this dissociation has never been observed. In any case, it can be concluded that the equi-

Schmid lines correctly predicts the activation of superdislocations for loading directions near (001). 

However, for loading near [001], superdislocations are not observed despite the large resolved shear 

stress on superdislocation slip systems and this can be attributed to a preferential nucleation of twins. 

Finally, in Fig 5.1fc1 the equi-Schmid calculations for slip along <112] with m £ 0.30 are shown. 

It can be seen that these lines predict slip along the <112] directions for orientations centered around 
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Figure 5.1 : Equi-Schmid factor lines for (a) m > 0.25 for 1/2<110] ordinary dislocations, (b) m > 

0.35 for <101] superdislocations and (c) m > 0.30 for slip in <112] directions. The number within 

the surface indicates the number of slip systems of this type that fulfill die minimum criterion. 

[001] and for zones which radiate out from <110f. This correctly predicts the occurrence of twinning 

wiih 1/6<1I2] partial dislocations for the orientations near [001]. For the zone around <110], this 

also approximately predicts the occurrence of the 1/2<I12] superdislocations. The factors influencing 

the appearance of twinning or 1/2<112] superdislocations will be discussed subsequently, 
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Hence, this diagram correctly predicts in a qualitative manner the observed deformation behavior 

when the appropriate exception is taken that twinning is more favorable than glide of <101] 

superdislocations. It should also be noted from a superposition of the diagrams that, in comparison 

with fee crystals, the region surrounding the <111> loading orientation is a zone with few possible 

slip systems. Stated differently, for <111> loading, the Schmid factor tends tobe low forali possible 

slip systems such that deformation can be difficult for this orientation, dearly, deformation in these 

orientations could be restrained and this will be the subject of further discussion. 

It is appropriate to now ask the question, why is twinning favored for some orientations, while in 

other orientations glide of I/2<112] superdislocations is observed? To answer this question, it is 

necessary to examine the polarity of the twinning process. In contrast to glide dislocations which can 

move in either direction depending upon the sense of the applied shear, twinning partial dislocations 

are restricted to motion in a single direction in order to create the required atomic displacements 

necessary for the twin stacking arrangement. This process is readily visualized with the aid of Figure 

5.2 which shows these atomic displacements. It can be seen that passage of a single Shockley partial 

dislocation changes the ABCABC stacking sequence of the (111} planes to ABC/ BCA BCA where 

the I indicates the plane on which the partial dislocation has passed. If a second partial dislocation 

passes on the plane immediately above the initial plane, the stacking sequence becomes ABC / B A B 

CAB. Thus, it is apparent that the ABCBA stacking sequence of a twin can be created by the passage 

of Shockley partial dislocations on successive {111} planes. The atomic arrangement has now been 

changed above the twin plane from the original arrangement indicated by the open circles in Figure 5.2 

to the arrangement of atoms indicated by the full circles. Now, if this process is repeated by moving 

the partial dislocation in the opposite sense (i.e. right to left in the figure), the ABCABC stacking 

sequence is transformed to ABC I CAB. This CC stacking is a high energy configuration and clearly 

not favorable. Although a partial dislocation with twice the length (i.e. a 2xl/fkll2] = 1/3<112]) 

could be moved in this opposite direction to achieve the required atomic displacements for creation of 

a twin, the large energy barrier at the CC saddle point would still need to be overcome. On me basis 

of this simple atomistic model, the polarity of the twinning process can be understood and it is 

apparent that twinning dislocations can only be the positive sense Burgers vector (and not the 

negative). This phenomenon has been verified in single-crystal experiments and is expected to be 

applicable for polycrystals as well. 

The importance of this polarity on the deformation process was first identified by Schmid I137] who 

noted that twinning will always result in a specific shape change of the crystal. Since this shape 

change is geometrically fixed, there are loading orientations where die shape change imposed by the 

applied force violates the shape change that would be created by twinning and, thus, twinning is 

"forbidden" for these orientations. Based upon this restriction, Schmid stated the simple law that 

twinning results in extension for all the loading directions contained in the obtuse angle between the 

twin plane, Kl, and the original position of the second invariant plane, K2, while compression occurs 
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O Matrix Sites (pre-twinning) 

O Coincidence Sites 

• Twinned Atom Sites 

Figup; 5,2 : Projection of the (Ï10) plane showing the atomic displacements created by the movement 

of 1/6[Ü2] partial dislocations of successive (111) planes to form a twin. 

for orientations within the acute angle of these planes.1 This law was based on the assumption that 

the twin occupies the entire volume of the material. However, for situations where only a limited 

volume of the crystal twins (which is the actual physical situation more frequently encountered), then 

the extension / compression criterion of Schmid must be extended [130]. For conditions of 

incomplete twinning, the plane defined by the pole of the shear direction, rj 1, replaces the K2 plane in 

the rule originally stated by Schmid. Accounting for these modifications, the influence of loading 

direction can be represented in the Stereographic projection in Figure 5.3. The regions hatched 

indicate where twinning is favorable in compression, while the open areas indicate that twinning 

would be "forbidden" in compression. It must be noted that the areas favorable for twinning in 

compression overlap such that all four systems are possible near [001]. 

Figure 5.3 thus aids in understanding why twinning is experimentally observed for the loading 

orientations centered about the 1001] direction. For these orientations, both the geometric polarity 

condition as well as the resolved shear stress requirements are fulfilled. Although orientations where 

twinning is favorable in compression extend as far away from [001] as out to the <110] orientation, 

the Schmid factor for these twin systems is very low away from (00I]. Similarly, Fig 5.Kc) shows 

for a definition of the twinning dements Kl andK2 sec. for example, ref. [129.138] 
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ihat highly stressed <112] systems do occur for the orientations radiating out from <110], but the 

geometric considerations indicate that these twinning systems would result in extension. Therefore, 

for these loading orientations, slip in the <112] direction must proceed by the passage of full I/2<112] 

superdislocations rather than the twinning partials. 

ioo 

Figure 5.3 : Shaded regions indicate where 1/6<112] twinning is favorable in compression. 

It should be mentioned at this point that twinning is often prevalent under conditions of low 

dislocation mobility such as low temperature deformation [139]. Thus, twinning is generally 

undesirable in materials and is frequently linked with brittle behavior. Yet, an apparent paradox is 

encountered in TiAl since alloying additions are desirable which decrease the stacking fault energy 

and, thus, promote twinning in order to improve the ductility. The observation that twinning is 

preferred over the glide of <101] superdislocations indirectly verifies the low mobility of the 

superdislocations. Thus, in the absence of twinning, die low mobility of the superdislocations limits 

the ductility of the alloy. However, activation of twinning provides some additional ability to deform. 

Nonetheless, twinning is still not a favorable mode of deformation since large stresses are required to 

nucleate the twin, large stress concentrations are created at the terminating end and the strain 

accomplished by twinning is small. Thus, even with twinning active, the tensile ductility of the alloys 

is still limited to 2-3%. One approach to improving the ductility is, thus, to minimize the stress 

concentration at the end of the twin and in a subsequent section this topic will be addressed. 
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Obviously, increasing the mobility of the superdislocations through appropriate alloying additions 

would also improve the ductility. 

Finally, it is appropriate to speculate on why the faulted dipoles show a greater tendency to form for 

loading orientations near <111>. It could be envisioned that the orientation of the applied load could 

be important, for instance, in assisting the core transformation which leads to the dipole formation 

itself. For instance, it has been well established that the orientation of the applied stress is important 

in the formation of blocked dislocations in the LI2 structure [140-143]. Thus, it is possible to 

imagine that the applied stress could favor or inhibit the transformations responsible for dipole 

formation. For instance, the current model to account for the formation of the dipoles assumes that 

cross-slip of a 1/2<101] superpartial dislocation on an octahedral plane is a necessary step in the 

formation process and that this cross-slip direction subsequently defines the direction of the fault 120]. 

It is possible to extend this model to allow for the cross-slip of this superpartial on the cube plane 

which is driven by a reduced APB energy on the cube plane [19,31,42,43] and, possibly, the applied 

load. In order to see if this assumption is plausible, the Schmid factor for the cross-slip of the 

appropriate superpartial onto a cube plane has been calculated. For all of the observed dipoles, 

m > 0.45, and this would indicate that the applied shear stress may act to aid the cross-slip of the 

superpartial dislocation if the Hug model is extended to include cross-slip onto the cube planes. 

Moreover, it was also observed that the Schmid factor for the 1/2<112] superdislocation associated 

with the faulted dipoles was frequently rather low. Several dislocation reactions have been observed 

that could account for the formation of these dislocations. Therefore, the observed dislocations could 

be the immobile reaction product of a dislocation decomposition rather than being directly nucleated 

during the deformation process. Similar conclusions have been drawn by both Farenc [33] and 

Greenberg [37]. For instance, the following two decompositions have both been observed in TiAl 

[20,37,144-145] and could account for the formation of these 1/2<112] superdislocations: 

1/2<110] + <101] => 1/2<112] 1.S) 

<101] =5 1/2<110] + 1/2<1I2] 1.7) 

Tentative evidence for the decomposition given in equation 1.7 is shown in Figure 4,15- However, 

only limited observations of these reactions were performed such that it is inappropriate to attribute the 

formation of the dislocations associated with alow Schmid factor to either of these reactions. Gearly, 

more detailed analysis would be necessary to verify which if these decompositions are indeed 

responsible for the 1/2<112] superdislocations with a low Schmid factor. Similarly, the suggestion 

that cross-slip of the superpartial onto a cube plane is important during the dipole formation must also 

be experimentally confirmed. 

In conclusion, it has been shown that the deformation mechanisms in both microstrucrures depend 

upon the orientation of the grain with respect to the loading orientation. In general, this orientation 
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dependence can be explained by resolved shear stress calculations shown in Fig $.\. Due to the 

ordered LIo structure, this orientation dependence results in asymmetric deformation behavior. 

Ordinary dislocations and twinning are clearly the preferred deformation modes. It was also shown 

that twinning is preferred over <101] superdislocations and the polarity of the twinning process can be 

used to explain why twinning is active only for limited orientations. Finally, the significance of this 

analysis on deformation studies should be clear. Attempts to correlate deformation mechanisms with 

temperature, composition, microstructure, etc. can only be made after a sufficient number of grains 

have been investigated. Conclusions drawn on limited analysis can be inappropriate due to the 

influence of loading orientation on the activation of the various deformation mechanisms. 

5.2 Does the Microstnictural Distribution Influence the Mechanisms of p)astic Déformation ? 

By comparison of the results presented in Sections 4.1 and 4.2. it is clear that a number of differences 

exist in the deformation behavior of the equiaxed and lamellar microstructures. These differences will 

be defined below and rationalizations for these differences will be proposed. The expected influence 

of these differences on the ductility of the materials will also be treated. 

One obvious influence of microstructure is the role played by the y grain size or lamellar thickness on 

the number of deformation systems activated within the grain. In the equiaxed grains and the coarse 

lamellae (Sljim), two or more deformation systems were active throughout the grain. In contrast, 

only one primary deformation system was identified in the fine lamellae below l|im thick. This 

restriction of the deformation to a single primary system will most likely restrict the ductility of the 

material for two reasons. Firstly, unless the slip systems in adjacent grains are fully compatible, 

incompatibility stresses will be created at the interface. Without a second slip system to accommodate 

or minimize these stresses, fracture will ensue at the interface. This effect is treated in more detail in 

Section 5.4. Secondly, operation of one system will necessarily limit the total amount of strain that 

can be realized by the grain. 

Similarly, it was shown that the equiaxed microstructure readily undergoes localized deformation in 

regions of presumed stress concentration. This was seen at grain boundaries as well as in the vicinity 

of large ct2 particles. In contrast, deformation was seen to proceed rather homogeneously along the 

length of the lamellae in the lamellar structure. This seems to indicate a difficulty in locally activating 

deformation mechanisms in response to stress concentrations at the various interfaces. Instead of 

plastic flow in response to the stress concentration, interfacial decohesion or cleavage fracture can 

occur and, thus, limit the ductility of the alloy. 

One exception to this homogeneity of deformation within the lamellar structures was identified in the 

vicinity of a grain boundary as shown in Figure 4.27. In this lamella, deformation systems were 
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identified in response to both the applied load, as well as, to presumed stress concentrations at the 

boundary. Therefore, it appears that only at the grain boundaries of the lamellar colonies does the 

stress distribution become favorable for the activation of plastic flow in response to a localized stress 

concentration. In this context, it was noted in Section 1.4.4 that several investigations have found an 

increase in ductility with decreasing grain sizes. It is generally accepted that reduced grain sizes will 

result in a more homogeneous distribution of stresses within a material [146-147]. Due to this more 

homogeneous stress distribution, there will exist more opportunities to activate grain boundary 

sources. Thus, it it is readily predicted that the contribution of localized deformation systems to the 

total plastic deformation increases as the grain size decreases. For the one particular case examined, 

propagation of the localized twinning system was seen to end at approximately 15(im into the lamella. 

Based on this observation, it could be anticipated that the optimum colony size would be 

approximately 30p.m. However, it must be noted that this optimum size has been estimated for only 

one specific stress distribution and this size may decrease as smaller grained materials would be 

examined. Therefore, the current observations form a basis for interpreting the observed influence of 

grain size on the ductility of TiAl alloys. Notwithstanding these colony size effects, the ductility of 

the lamellar structure appears to be limited by its inability to locally deform in response to stress 

concentrations at the interfaces within the structure. This is not the case for the equiaxed 

microstructure. 

The frequency of twinning in the two microstructures also appears to be different. Since twins were 

identified in 12 of the 15 equiaxed grains examined, and the fact that twins were frequently observed 

in the equiaxed microstructure in the as-heat treated condition, it seems that the stress distribution in 

this structure is favorable for the nucleation of twins. In contrast, the lamellar structure contained 

virtually no twins in the as-heat treated condition and showed a lower propensity for twinning in the 

deformed materials. Two factors are proposed for this behavior. Since it is known that significant 

localized stresses are necessary for nucleation of twins, the specific stress distributions in the two 

microstructures can be used to explain the occurrence of twinning. In the case of the equiaxed grains, 

large localized stresses are likely to be formed at the irregular grain boundaries under conditions which 

are favorable for twin nucleation, By favorable, it is implied that components of the stress field 

normal to the boundary are necessary to produce a twin at some defined angle to this boundary. In 

contrast, more regular stress concentrations are expected in the lamellar structures and these 

concentrations are less likely to nucleate a twin since the normal component of the stress Field may be 

reduced. In the lamellar structure, twins appear to be created only when the conditions of the applied 

load are such that the entire length of the lamellae is subjected to a sufficient shear stress and twins are 

then nucleated homogeneously along the length of the lamellae at interfacial misfit dislocations [73]. 

By limiting the nucleation of twins to these conditions, the lamellar structure is restricted in its ability 

to deform by twinning. 
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A second explanation for more frequent observation of twinning in the equiaxed microstnicture could 

be related to a localized twinning which may result m macroscopic extension. Since the shape change 

accomplished by twinning is fixed, geometric conditions indicate that twinning will result in either 

extension or compression of a grain. The large grain size of the lamellar structure indicates that, 

during compression testing, all grains must undergo compressive deformation and twinning which 

would result in extension of a single grain is prohibited. These conclusions are supported by the 

experimental observations. However, due to the smaller grain size of the equiaxed structure, it can be 

envisioned that some grains could undergo extension even though the imposed macroscopic shape 

change of the sample requires compression. It is envisioned that a small volume of twinning which 

results in extension of a single grain in response to localized stress concentrations would not disturb 

the macroscopic compression of the sample. Thus, the strict polarity conditions for the twinning 

process could be locally relaxed in the equiaxed microstructure. Tentative experimental evidence for 

twinning in "violation" of the established polarity conditions may be observed, for example, in grain 

6E (for both systems) of Table 4.5. It was previously suggested that this twinning is due to the fact 

that this area is rather thin and sandwiched between two large, elongated 0:2 particles which 

subsequently alters the stress distribution in this area and imposes additional shape changes on the 

grain. Under these conditions, twinning which results in extension of the grain and contradicts the 

macroscopic compressive shape change may be locally favored. Unfortunately, it is impossible to 

verify whether these twins were created during the deformation process or were residual twins present 

after the heat treatment Therefore, it is impossible to establish without doubt that local relaxation of 

the polarity law has occurred. However, based on the above arguments, it is reasonable to suggest 

that local "violations" of the polarity of the twinning process may occur in the fine, equiaxed 

microstructure, while it would be less likely in the coarse lamellar grains. 

The shape and distribution of the 0.2 phase also assumes a critical role in the deformation process. In 

the equiaxed microstnicture, the coarse particles play only a minor role in the deformation behavior of 

the material. The large spacing between particles indicates that Orowan strengthening is negligible. 

Hence, these particles only locally modify the stress distributions in the 7 phase and act as coarse 

barriers to dislocation motion. In contrast, it could be expected that the 0¾ phase plays a decisive role 

in the deformation characteristics of the lamellar structure. It is expected that the 02 phase will 

influence the deformation in the y phase by : 

1.) altering the stress state due to both elastic and plastic incompatibilities, 

2.) impeding the flow of dislocations and reducing the effective slip length. The 

efficiency of impeding this slip transfer across the lamellae will depend on the 

exact geometry of the slip systems involved and the thickness of the 0:2 lamellae. 

It was shown by experiments on oriented lamellar colonies [11,104-105] that the orientation of the 

lamellar colony with respect to the loading axis greatly influences the mechanical properties. This was 
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believed to be due to the influence of orientation on the activation of the hard (across the lamellae) or 

easy (parallel to the interface) deformation modes. However, it was recently found that this 

dependence is more appropriately attributed to the deformation characteristics of the ct2 phase itself 

[49]. This role of the ct2 phase is shown in Fig 5.4 where it is observed that the increase in yield 

strength of the lamellar structure is directly related to the yield strength in the ct2 phase. Hence, the 

deformability of the individual 0:2 lamellae could influence the overall behavior of the structure. 

Further significance of the deformability of the 0:2 phase will be discussed in Section 5.1.4. 
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Figure 5.4 : Influence of 

loading orientation on the room 

temperature yield strength of 

oriented colonies of lamellar 

TiAI / T13AI (PST) in 

comparison to TÌ3AI single 

crystals. From [49]. 

At this point, it is relevant to pose the question why the <101] superdislocations appeared to become 

more favorable in the deformation of the fine lamellae? In Fig 4.35. a fine lamella was shown to 

contain <101] superdislocations, even though die resolved shear stress on an ordinary dislocation 

system was nearly equal to the superdislccation system. It was previously concluded that the ordinary 

dislocations would be the preferred mode in the equiaxed and coarse lamellar microstructures. 

However, in the fine lamellae, the superdislocation mode was preferentially activated. Assuming that 

this observation corresponds with the active mechanisms during deformation (i.e. assuming that it is 

not true that ordinary dislocations were responsible for the deformation, but that they are then readily 

absorbed by the interfaces and, thus, were not observed in post-mortem examination), then there must 

be additional forces in the fine lamellae which have not been previously identified. 

It may be possible that the ease of dislocation nucleation is the factor which determines the active 

deformation system in the fine lamellae. For instance, ledges of defined character at the interfaces 

may be more favorable to the emission of one type of dislocation than another. While the details of 

such a ledge mechanism have not been investigated, the notion is possible that the preferential 

nucleation of a certain type of dislocation could be related to the specific geometry of the boundary. 
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Additionally, it could be imagined that the nucleation process is aided by dislocation reactions between 

the dislocations which arrive at the interface from an adjacent grain and any interfacial dislocations 

which are pTesent. For the situation shown in Fig 4.35. it is possible that the 1/6[112] partíais in the 

adjacent lamella B could react with interfacial dislocations to form the [101] superdislocations in 

lamella A. Making use of the known 120° [ i l l ] rotation between these two grains, the Burgers vector 

of the twinning partial in lamella B is transformed to the coordinates system of lamellae A as: 

V6[il2]B W 1/6IiIIjA 5.2) 

Subsequently, in order to create a [101] superdislocation with this incoming partial dislocation, the 

following reaction would be required at the interface: 

2x 1/6[2ÏÏ] + 2x 1/6[Ï12] => [Î0Î] 5.3) 

However, it is clear that the required l/6[î 12] will not be present in the (ÏÏ1) interfacial plane. Based 

upon similar calculations, no plausible reactions were found which would involve the expected 

interfacial dislocations and the incoming twin partial dislocations which would give a probable slip 

system in lamella A. Therefore, it is concluded that dislocation reactions involving interfacial 

dislocations and dislocations which intersect the interface do not assist in the nucleation of dislocations 

in the adjacent grain. 

Furthermore, it is known that dislocation image forces may play an important role in the deformation 

behavior of nanoscale microstructures [148-149], Based upon calculations of the forces required to 

activate Frank-Read dislocation sources and the image forces in multilayer structures, it was found 

that a critical thickness, tc, was found below which operation of the Frank-Read source is suppressed 

[ 150]. This equation for tc is given as: 

32 it b 
tc < R 5.4) 

where R = (Gi - G2 ) / (Gi + G2) and G¡ is the shear modulus of layer i. It is possible that image 

forces are important in the current lamellar arrangement by favoring nucleation of dislocations with the 

appropriate Burgers vectors. Therefore, the influence of these image forces in the deformation 

mechanisms in fine lamellae has been estimated using equation 5.5 [149]. 

F = A ^ 5.5) 
4 JI T 

where R is defined above, r is the distance of the dislocation from the interface, F is the image force 

on the dislocation and G and b shear modulus and Burgers vector, respectively. This gives the force 

due to the nearest image. Calculations of the magnitude of this image force for various dislocations 

using calculated elastic constants and simplified assumptions of the influence of anisotropic elasticity 
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have indicated that these forces are rather small. On this basis, it is necessary to presume that the 

image forces will not play an important role in the nucleadon process. However, these simplified 

calculations cannot rule out the possibility that moie detailed considerations of the elastic amsorxopy 

would identify a larger effect of the image forces. 

It should again be noted that deformation tended to proceed in the hard mode (i.e. across the lamellae) 

for all lamellar orientations. This is in contrast to the expectations outlined in [11] which predict 

deformation parallel to the lamellar interface (i.e. the easy mode) for loading orientations near 45°. 

The lack of deformation parallel to the interface could be due to insufficient dislocation sources. 

While the lamellar boundary provides sufficient sources of deformation across the lamellae in the hard 

mode, only the grain boundaries appear to be useful for initiating slip parallel to the interface. It is 

possible to speculate that the domain boundaries which occur within a single lamella could also 

provide nucleation sites for deformation parallel to the interface. However, the evidence presented 

here does not support this speculation. As such, the only way to increase the activity of the easy 

mode of deformation is to decrease the grain size as discussed previously. 

Finally, although not the focus of this work, it is possible to comment on the configurations of the 

individual dislocations that have been observed. Since directional bonding effects have been reported 

to occur in TiAl alloys, it is possible to compare the observed dislocation line directions with the 

predicted bonding effects. Greenberg first proposed that directional bonding would result in deep 

Peierls valley for defined crystallographic directions [40] and these predictions have since been 

confirmed using more sophisticated methods (43]. If large Peierls valleys do influence dislocation 

mobility, then it would be expected that the dislocations would be frequently observed to lie along 

these directions. In Table 5,2. the experimentally observed line directions are compared with these 

Peierls valley calculations. 

Dislocation 

1/2<110] ordinary dislocation 

<1011 superdislocation 

1/2<112] superdislocation 

1/6<112] twinning partial 

Observed Line Direction 
(° from screw orientation) 

strong tendency 0° 

strong tendency 0° 

weak tendency 30° or 90° 

strong tendency 0-30° 

Predicted Peierls 
Pinning Effect 

large 

none 

none, large 

moderate to none 

Table 5.2 : Observed line directions compared to the predicted Peierls valley effects. 

Interpretation of these line directions is based on the assumption that the observed directions 

correspond to the dislocation segments that are blocked or exhibit low mobility and are, merefore, 

most commonly observed in the thin foil specimen. The higher mobility segments of the dislocation 

loops are assumed to have been absorbed by the free surfaces (i.e. grain boundaries) during 

deformation. It can be seen from the table that the observed preference of the ordinary dislocations for 
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the screw orieniation may be attributed to a Pcieris blocking effect. However, the ordinary 

dislocations are generally curved in nature and are not perfectly straight as would be expected if such a 

blocking mechanism would be active. Furthermore, the observation of dislocations lying along the 

screw orientation must be regarded with due caution since line energy effects would also favor the 

creation of dislocation segments in specific orientations. For instance, on the basis of elastic isotropy, 

the screw orientation would be expected to be the low energy orientation and this may explain the 

tendency for the ordinary dislocations to align along screw orientations. Although detailed elastic 

anisotropy calculations have not been performed for TiAl, calculations on other intermetallic phases 

[151] have shown that anisotropy effects will have a strong influence on the lowest energy orientation 

and the screw orientation may not necessarily be the lowest energy. Similarly, there is also a strong 

tendency for the <101] superdislocations to be aligned in straight segments along the screw direction, 

though this configuration is not predicted by the Peierls valley calculations as listed above. Therefore, 

the tendency to observe screw <101] superdislocations must be due to other locking mechanisms 

originating from, for example, non-planar core configurations or transformations, which leave the 

dislocations locked in this orientation. Evidence of the possibility of a core dissociation not contained 

in the primary glide plane is shown in Fipure 4.14. Finally, the line direction of the 1/2<112] 

superdislocations or twinning partial dislocation does not seem to be influenced by a Peierls effect. 

5.3 How do the y/ y Orientation Relationships Influence Deformation ? 

In light of the compatibility requirements outlined in Section 1.5.2. it is necessary to know how the 

specific orientation relationships in TiAl may effect deformation and to define the role of 

microstructure in this process. Recall that it has been shown that the orieniation relationship between 

the adjacent y grains in both microstructures can be described by multiples of a 60° rotation about a 

<111> direction. Through knowledge of the exact spatial relationship between grains and the 

subsequent application of the geometric compatibility factor defined in Section 1.5.2. it has been 

shown that the specific orientation relationship does indeed influence the deformation process 

(Section 4.3Ì. The significance of the orientation relationship is that it geometrically defines the 

relative alignment of slip systems in adjacent grains. 

In summary, the results in Section 4.3 showed that : 

1.) the geometric compatibility factor could be applied in the equiaxed microstnicture to 

predict the activation of the slip systems at the grain boundary or at a pile-up. 

2.) the geometric compatibility factor plays an important role in the activation of the 
deformation modes in the fine lamellar structures. 

3.) in general, the orientation relationship defined by a 120° type rotation provides the 
best compatibility between slip systems in adjacent grains. 
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In order to fully understand the influence of these orientations relationships, it is useful to look at the 

geometry of intersecting slip systems at the grain boundary as shown in Figure 5.5. In this diagram, 

a ( 111J slip plane in the initial grain I is shown intersecting the boundary plane between an adjacent 

grain II. For both the 60° pseudo-twin and 180° true-twin relationships, the angles formed at this 

boundary between the slip plane in I and die possible {111} slip planes in II are 0 = 39°. 56° or 71 ° 

as shown. In addition, if the deformation in grain I occurs on the ( U l ) plane used to define the 

plane of rotation, then obviously this plane will be parallel to die same plane in grain II (while die 

other three {111} planes all intersect this plane of rotation to form 71° angles). Although it was 

shown in Section 4.2 that deformation parallel to the interfacial plane is rare for the lamellar 

structures, it is readily possible in the equiaxed microstructure. Therefore, 0 = 0° has also been 

indicated in the diagram for the equiaxed structure only. Since both the 60° and 180° orientation 

relationships lead to similar geometric situations, it is expected that the behavior of diese boundaries 

would generally be the same. 

O.R. 

<yf> 

120° rotation x 
Í1 = 0° for one plane ^ 

= 71° two planes 

Figure 5.5 : Influence of the rotation between adjacent grains I and II on the geometry of the 

intersection of possible slip planes in each grain. 

Now, if the geometry of die slip plane intersections at the grain boundary is examined for die 120° 

rotation, a completely different geometric situation can be identified. For a {111} slip plane defined in 

grain I1 one possible slip system in grain II will form a 0° angle with mis original plane, while die 

other two (111) planes will form a 71° angle. Thus, for any {111} slip plane in grain I there exists a 



¡S. Discussion page 124 

{111} glide plane in grain II which corresponds exactly to the original slip plane. The same geometry 

applies for the ( IHJ plane which defines the plane of rotation. Straight away, it can thus be 

envisioned that deformation on {111} in grain I could be transmitted directly to the corresponding 

{111} plane in grain II (i.e. Q = O 0 ) with relatively little resistance. In this case, the transfer 

mechanisms would then depend upon the specific Burgers vector of the slip systems involved. 

The importance of the direction of the Burgers vectors involved in the transfer process can be 

understood in a general way by applying the specific rotations on a <111> projection as discussed in 

Appendix 9.1 or using the matrix transformations defined in Section 2.3.3. For both the 60° and 180° 

rotations, neither the <110> nor the <112] slip directions in I will correspond to a possible slip 

direction in grain II. Again, the notable expectations to this are the directions which lie in the 1111} 

used to define the orientation relationship in which case the directions in each grain do correspond. 

However, there will, in general, be no correspondence between slip directions in prains 1 and TI for 

the 60° and 180° rotations. 

Again, this behavior directly contrasts the geometric situation for the 120° rotation. Since the 120° 

type rotation is equally defined by a 90° rotation about <100> such that the cube axes in each crystal 

are parallel, one could expect a correspondence between slip directions in each grain. Calculations 

show that this is indeed the case since each <110> slip direction in grain I will be parallel to a <110> 

direction in grain II. Although the <112> directions are also parallel in each grain, the LIo ordering 

imposes restrictions on the possible slip directions such that slip is only possible in the <112) 

direction. Hence, <112] in grain I will be parallel to a <211] direction in the related grain, but this 

<211] is not a possible slip direction. Thus, although there is an exact correspondence between all 

<110> slip directions in the two grains, this is not the case for the <112] directions. 

With this physical picture in mind, it is possible to calculate the maximum geometric compatibility 

factor for each slip system and for the three types of orientation relationships - 60°, 120° and 180°. 

Listed in Table 5,3 are all of the possible slip systems in the initial grain I and the largest compatibility 

factor, m", which would be possible for a slip system in the adjacent grain II. Also given in the table 

is the type of slip system which corresponds to this maximum value. In relevant cases, only a<112] 

direction is indicated since either twinning or 1/2<112] superdislocations would be appropriate 

depending upon the exact conditions regarding the polarity of twinning as discussed in Section 5.1.1. 

From Table 5.3. it can be concluded that the slip systems in adjacent grains related by a 120° rotation 

can result in better compatibility than either the 60° or 180° rotations. The exceptions to this are the 

slip systems contained in the (111] plane of rotation, in which case the geometric compatibility 

factors are either 0.87 or 1.00 for all rotations. It is, hence, possible to hypothesize that the transfer 

of slip between adjacent grains will be the easiest for a 120° rotation due to the good geometric align­

ment of slip systems. In contrast, transfer of slip across grain boundaries between grains related by 

60° and 180° rotations would be expected to be more difficult due to the lower geometric compatibility. 
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Slip System I 

b 

110 

110 

1Ï0 

lio 
112 

112 

1Ï2 

Ü2 

101 

101 

1Oi 

10Ï 

Oil 

on 
Oli 
Oli 

(hkl) 

Maximum Com patibili Iy Factor in II 

«F 

0.65 O 

0.65 S 

0.78 S 

1.00 S 

0.87 S 

0.67 O 

0.73 112 

0.54 S 

0.78 S 

1.00 S 

0.65 O 

0.65 S 

0.78 O 

1.00 O 

0.65 S 

0.65 S 

120° 

1.00 S 

1.00 S 

1.00 S 

1.00 S 

0.87 O 

0.87 O 

0.87 O 

0.87 O 

1.00 O 

1.00 O 

1.00 O 

1.00 O 

1.00 S 

1.00 S 

1.00 S 

!.00 S 

180° 

0.65 S 

0.65 S 

0.78 O 

1.00 O 

1.00 112 

0.67 S 

0.67 S 

0.60 112 

0.78 S 

1.00 S 

0.65 S 

0.65 O 

0.78 S 

1.00 S 

0.65 S 

0.65 O 

Tabic 5.3 : Influence of orientation relationship on the maximum compatibility factor for rotations 

about [Ul ] . Type of slip system which gives this compatibility : S <10I] superdislocation system, 

O an ordinary 1/2<110] dislocation system and 112 slip or twinning in a <112] direction. 

The compatibility factor can also be used to understand the activation of slip systems at the grain 

boundary in response to a pile-up of dislocations in a neighboring grain as shown in Section 4.3. 

Although this problem is central to the understanding of grain size strengthening, there exists 

relatively little understanding in the exact mechanisms controlling this effect. In a famous series of 

papers, Stroh [152-154] addressed a related problem and calculated that the plane experiencing the 

maximum normal stress would be found at an angle of 70.5° to the original slip plane. While this 

calculation is useful in understanding the fracture behavior at a pile-up, it gives no information 

regarding the activation of the possible slip systems due to the shear stresses which are present. Stroh 

gives me shear stress a distance r from the head of the pile-up as: 

T = T , x (f) 5.6) 

where L is the length of the dislocation pile-up and T5 is the applied shear stress (resolved on the 

appropriate slip system). However, this equation also depends upon an orientation factor and doesn't 

indicate the direction of this shear stress. Hence, it is limited in its ability to be used to predict the 

activation of the possible slip systems. Shen [119] also showed Unat it is possible to calculate the full 
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stress field associated with the pile-up in order to predict the slip systems in adjacent grains. 

However, this calculation is necessarily complex and must be computed in full for each different 

situation (including the influence of the line direction of the dislocations, the nature of the grain 

boundary and the anisotropic elastic constants). 

Therefore, it is interesting to note in this context that the compatibility factor was able to provide 

information regarding the activation of deformation in adjacent grains. In considering only the 

geometric compatibility of the slip systems in the two grains, the complex mathematics involved in 

calculating the exact stress distribution have been avoided. This simplification is necessary in the case 

of, for example, a twin since the pile-up of twinning partial dislocations occurs on consecutive {111) 

planes and the Eshelby solution to the stress concentration at the pile-up only applies if the pile-up 

occurs on a single ( 1111 plane. Additionally, the exact stress distribution at the head of the pile-up is 

expected to be a complex function of the character of the dislocation and this introduces further 

difficulties in finding an exact mathematical solution. Therefore, any mathematical solution will be 

limited for only the exact conditions upon which it was defined. In contrast. \\ is imagined that 

because the concept of this geometric compatibility is so general, it would apply for all dislocation 

characters, for the twinning process and in other physical situations or in other materials. 

Additionally, it was shown that the geometric compatibility of slip systems appears to play an 

important role in the selection of the single deformation mode which is activated in adjacent fine y 

lamellae. In order to visualize the significance of the compatibility factor in these lamellae, it is 

possible to refer to the concept of "geometrically necessary dislocations" as first postulated by Cottrell 

and developed into a complete theory by the works of Ashby [155}. Accordingly, the density of 

geometrically necessary dislocations in a material can be directly related to the strain gradients which 

arise due to different deformation behaviors in adjacent phases or grains. This density of 

geometrically necessary dislocations, pG, is given by: 

where 7 is the shear strain and XQ is the geometric slip distance. For a polycrystal, Xo is given by the 

grain size, while this distance is defined as the spacing between the lamellae for lamellar 

microstructures. There will always exist a competition during the deformation process between pG 

and p s , the density of randomly stored "statistical" dislocations. However, for geometric slip 

distances less than approximately 2u.m, it has been shown that the geometrically necessary 

contribution should dominate the total dislocation density [155]. 

Since the thickness of the fine lamellae in the lamellar microstructures is below this approximate limit, 

it is expected that geometrically necessary dislocations would dominate the total dislocation density in 

the fine lamellae. The actual physical situation of deformation in the fine lamellae varies from the 
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model proposed by Ashby since the model was derived by assuming thai the bonding between the 

lamellae is such thai dislocations are noi absorbed at the interface, that sliding does not occur at the 

interface and that the second phase does not deform. Although these conditions are probably relaxed 

for the lamellar structure of TiAl and TÌ3AI, the general considerations of the geometrically necessary 

model still apply - dislocations must be generated in order to maintain a compatible shape change 

between adjacent lamellae and this effect becomes more important with decreasing lamellar thickness. 

The results in Section 4-3 demonstrate that both the Schmid factor and geometric compatibility factor 

are important in activation of the deformation systems for lamellae less than l^m thick. Apparently, 

the choice of deformation system must simultaneously maximize conformity to the shape change 

required by the imposed stress (i.e. the Schmid factor) and the shape change required to maintain 

compatibility with the adjacent grain (i.e. the geometric compatibility factor). The influence of these 

two factors can be described by representing the stress state in the grain as : 

Tuna! = âpplied + ^adjacent 5.8) 

where Tapp]ìed is the stress due to the applied load and Tracent the stress due to the shape changes 

occuring in the adjacent grain. In this way, the activation of the deformation system in the adjacent 

lamellae will be influenced by both the external loading and the local compatibility requirements. 

Detailed calculations regarding values for Tadjaceni were not attempted. However, it is expected that 

these are in the same order of magnitude as the TgppUed since both factors have been shown to be 

important in the activation of the deformation systems. 

Finally, it is necessary to consider some of the limitations in applying this type of calculation. 

Obviously, the ability of the boundary to deform will influence die applicability of the compatibility 

factor. This may be especially important in the lamellar structures where the interface is defined by a 

{111} plane which has been shown to contain glissile dislocations [71,77,156). Therefore, 

deformation along the interface could accommodate differences in the deformation systems. This type 

of effect is demonstrated in the analysis presented by Lim [ 157], A residual slip vector was defined as 

the difference in the Burgers vectors in adjacent grains and it was postulated that this parameter must 

be minimized by the deformation systems in adjacent grains. Mobility of this residual slip vector in 

the interface plane would enhance the deformation of the two grains through increased compatibility of 

the deformation. In contrast, immobile residual vectors will accumulate at the interface and eventually 

lead to crack formation and failure. Obviously, minimization of the size of these residual slip vectors 

is important ¡n reducing stress concentrations at the interface and this is achieved only if the geometric 

compatibility factor is maximized. 

Another important factor which is not taken into account in the proposed geometric compatibility 

analysis is the additive properties of the deformation systems. An assumption which has indirectly 
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been made is that the deformation systems in adjacent grains can be compared on a one-to-one basis. 

However, it is plausible that even though the compatibility of a slip system in grain I, Si, is low with 

respect to two individual systems A, SUA. and B, SUB, in grain E, the geometric compatibility of the 

deformation systems in these grains could be sufficient according to a simple addition of the strains in 

grain H: 

SnA + SUB => Si 5.9) 

Thus, the grain boundary coherency conditions defined in equation 3,16 may also be satisfied by the 

cumulative strains of two or more slip systems. This possibility has not been taken into account 

during the current analysis. The fact that the fine lamellae deform principally by a single deformation 

mechanism removes this concern, while in the case of localized activation of deformation systems at 

the grain boundary this possibility also does not appear to play a major role. In contrast, some of the 

compatibility factors given previously in Table 4.13 could be limited by this effect. It was stated that 

these values represent the maximization of the compatibility between individual mechanisms and, as 

such, do not take into account the possibilities illuminated by equation 5.9. 

Notwithstanding these limitations, it has been demonstrated that the compatibility factor can be useful 

in predicting the activation of deformation systems at the grain boundary in the equiaxed 

microstructure and that it plays an important role in the activation of deformation systems in the 

lamellar microstructures. Also, it has been reasoned on a geometric basis and verified experimentally 

that the deformation systems in grains related by a 120° rotation will exhibit higher geometric 

compatibility. 

On the basis of these conclusions, it is possible to identify additional influences of the microstructure 

on the deformation process. 

1.) on average, the equiaxed microstructure will contain more 120° type boundaries than the 

lamellar structure (where the 180° rotation is the most common). 

2.) in the equiaxed microstructure, deformation is possible on the ( 111 ) plane used to define 

the orientation relationship and, in this case, there exist slip systems in the adjacent grain 

which result in high compatibility for all orientation relationships. In contrast, 

deformation rarely occurs on the (111) planes parallel to the lamellar boundary and, 

thus, these high compatibility systems for the 60° and 180° rotations do not exist. 

Taken together, these two factors would indicate that superior ductility should be obtained in equiaxed 

structures. Experimentally, this notion has been confirmed. 
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Finally, it is appropriate io comment on the cross-twinning process that was identified in Fig 4.37. 

In this context, cross-twinning refers to the transfer of twinning deformation between adjacent 

lamellae, whereby twinning occurs on the same {111) plane in each lamella and that the transfer 

occurs with apparently little resistance. Two cases of this process (observed only for 180° rotations) 

were identified and the relevant geometry of this transfer process was presented in Fip 4.38. 

Although it is also frequently presented in the literature [64,81,99] as a common transfer mechanism, 

little attention has been devoted to this process. Therefore, it is necessary to comment on the possible 

mechanisms involved in the process and its importance in the overall deformation behavior. 

For the current alloy, this cross-twin process was identified only in the lamellar microstructure and 

only for true-twin, 180° oriented lamellae. In contrast, for the case of the 60° rotation (Tig 4,31 >. the 

large dislocation pile-ups at the boundary indicate that the favorable cross-twin transfer process was 

not activated. These differences between the 60Q and 180° rotation could be due to 1.) nature of the 

boundary itself, 2.) presence, absence or density of misfit dislocations or 3.) the differing intersection 

geometries. With regard to the last point, the intersection of the twin planes in each lamella for the 

180° rotation is a <101] direction contained in the boundary plane. However, this intersection was a 

<123> direction in the case of the 60° rotation examined fFip 4.32"). By assuming that cross-

twinning is only possible for 180° rotations, that the geometric polarity requirements for twinning 

must be met for both lamellae and ihat the Schmid factor for each system must be sufficiently large, it 

is possible to predict the loading orientations where cross-twinning may be expected. For a (111) 

boundary plane and cross-twinning on the ( i l l ) planes, these requirements are fulfilled for the small 

region of loading orientations shown in the superimposed standard / twin projection in Figure 5.6. 

Also shown in the figure are the three experimental cases where (Ï11) twinning was observed in (ÎÎ1) 

twin-related lamellae. These experimental observations verify the predictions since the two 

orientations where cross-twinning was observed lie within the stripped zone while the one where it 

was not observed lies outside the zone. Geometrically equivalent predicted favorable zones are 

obtained for (111) cross-twinning. However, there exists no favorable zone for (111) twinning. 

Hence, for deformation twinning, non-equivalent geometric situations control the ability of a specific 

twin system (i.e. (111) or (1Ï1) twinning) to transfer through twin-oriented y lamellae. Similar 

considerations should also apply to the intersection of twins during deformation of equiaxed grains 

since the deformation twin which occurs first can be considered as a twin-oriented lamella that is 

present within the grain. Subsequently, a second twin which intersects this original twin will be able 

to transfer through this twin by cross-twinning only if the geometric and loading conditions of cross-

twinning are fulfilled. Outside of these favorable cross-twin orientations, other mechanisms are 

expected to be activated to transfer deformation between intersecting twins [158]. It should also be 

noted that, although this cross-twin phenomenon is frequently proposed as an important mechanism 

of deformation transfer in the lamellar structures, the process is, in fact, restricted to be active for only 

particular loading orientations. Therefore, its overall importance in slip transfer between adjacent 
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lamellae is limited. More work is necessary io properly define the specific mechanisms which occur at 

the boundary. 

Fi pure 5.6 : Standard Stereographic projection (solid symbols) overlapped with a projection of a 

(ÌÌ1) twin-related crystal (open symbols with zone axes indicated in shadowed characters). The 

stripped area shows the loading orientations where (Ï11) cross-twinning between (ï Î1) twin related 

lamellae is expected to be possible. * and ^ represent orientations where cross-winning was 

experimentally observed and not observed, respectively. 

5.4 Does the Ct? IJ Orientation Relationship Influence the Transmission of Slip ? 

In general, die <X2 phase deforms rather less than the y phase. Nevertheless, the plastic properties of 

the Ct2 phase may be crucial to the deformability of the lamellar structure as shown in Fi pure 5.4. 

Increased ductility in this phase could certainly increase ductility of the lamellar structure by reducing 

the density of geometrically necessary dislocations required in the y phase and by reducing interfacial 

stress concentrations. Although only limited examination of this phase has been carried out in the 

current work, some important conclusions can be drawn through application of the concepts of 

geometric compatibility that were discussed in the preceding section. 
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In Section 4.2.8. detailed examination of the deformation structures observed in a coarse 0¾ lamella 

were presented. It was shown that two types of dislocations were found in this lamella - a low 

density of dislocations located in the interior of the lamella which were identified as 1/6[1120] (Ì100) 

dislocations and some loops or short segments which were localized only in the proximity of the 

interfacial regions. This second type of dislocations were shown to have a Burgers vector parallel to 

[0001] and geometrical considerations indicated that the slip plane could be (Î100). In contrast to the 

interior slip system, the Schmid factor for this localized slip system could not be used to explain the 

activation of these dislocations. 

Therefore, in an effort to understand the activation of this localized dislocation system, the geometric 

compatibility factors were calculated in relation to the deformation mechanisms in the surrounding y 

phase - the twinning system 1/6[ÏÏ2] (111). Then using the definition of the orientation relationship 

between the yandex phases as [2110]a2//[011]y, the compatibility factor may be calculated in 

exactly the same manner as it was for the y / y relationships. The geometric compatibility factors for 

the possible slip systems in the 0C2 are subsequently given in Table 5.4. 

Slip Direction 

[0001] 

[Ï2Ï6] 

[Ì116Ì 

[0001] 

[2! 10] 

[1120] 

Slip Plane 

(llOO) 

(1211) 

(2iïl) 

(2 HO) 

(01Ì0) 

(Ï100) 

m' 

0.88 

0.84 

0.84 

0.77 

0.14 

0.00 

Comments 

maximum compatibility 

— 
— 
— 

highest for a prismatic slip system 

observed in interior of the lamella 

Table 5.4 : Geometric compatibility factors for possible sup systems in the 

ct2 lamella for twinning on the (111) plane in the adjacent y lamellae. 

The results shown in Table 5.4 are indeed provocative and may explain the appearance of the [0001] 

dislocations in lhc interfacial region. The compatibility factor shows that the [1120] dislocations, 

while active within the lamella due to the applied shear stress, provide little compensation for the 

shape changes in the surrounding y lamellae due to (111) twinning. However, it is striking that the 

[0001] (1Î00) slip system would provide the maximum compatibility with the twinning in the y 

lamellae. Therefore, it is suggested that these [0001] dislocations in the CC2 lamella are created due to 

the shape changes imposed by the (111) twinning and, as such, serve to accommodate the stresses 

created at the y / ct2 interface. 

The general observation that these dislocations are usually associated with the twins in y supports this 

conclusion. However, the short distances that these dislocations propagate from the interface indicate 

that they have only a low mobility due to either a large CRSS or high elastic energy. Due to this 

limited mobility, they can only partially accomplish the imposed shape changes. Since the prismatic 
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<1 1 20> dislocations appear to have higher mobility (since they are found in the interior of the grains), 

they would appear to be a more favorable system to activate in order to accommodate the stress 

concentrations. However, the geometric compatibilities for these <1120> slip systems are all rather 

low and, as indicated in the table, the maximum compatibility factor for a prismatic slip system is only 

m = 0.14. Thus, while the prismatic family of dislocations may be rather mobile, they do not 

provide the required shape changes necessary to maintain compatibility with the adjacent y lamellae. 

Since there are three possible twinning systems in the y lamellae (excluding the {111} plane which is 

parallel to the interface), it is necessary to determine if all three possess equivalent geometric 

relationships with the possible deformation systems in 0¾. Therefore, the geometric compatibilities 

have been calculated for the three twinning systems, assuming the same orientation relationship as 

above as summarized in Table 5,$. 

(111) twinning 

[000I](IiOO) 

[Î2Ï6](1211)' 

[il 161 (21Î1) 

[00011(2ÏÏ0) 

[2HO](OIiO) 

0.88 

0.84 

0.84 

0.77 

0.14 

(li 1) twinning 

[SlIO](OIiI) 

[211O](OIiO) 

[11261(1121) 

[2UO](OiH) 

0.84 

0.82 

0.63 

0.50 

(ìli) twinning 

[Ï2Ï0HÎ0I1) 

[Ï2Ï0] (iOlO) 

[11261 (Ü21) 

[121O](IOiI) 

0.84 

0.82 

0.63 

0.50 

Table 5.5 : Maximum geometric compatibility factors for the possible slip systems in an 0¾ lamella 

for the given twinning system in the adjacent y lamellae using [2110]a2//Î01 l]Yand (0001)Q2//(Ï Í1 )y 

It is readily seen that the (1Ï1) and ( ¡ i l ) twinning systems result in geometrically equivalent 

relationships with the possible slip systems in 0¾ and that they exhibit different geometry than a (1 U) 

twin. Presuming that the <2110> {01Î0) prismatic slip systems are the most favorable systems in the 

0.2 phase, it is clear that the two geometric situations will vary in their ability to accommodate 

twinning in the adjacent y lamellae. As previously shown for the (111) twinning, the maximum 

compatibility factor for a favorable prismatic slip system is only m' = 0.14. Hence, these favorable 

dislocations will not be able to accommodate the twinning in the adjacent y lamellae and, as a result, 

unfavorable [0001] or <1216> pyramidal dislocations will be necessary. In contrast, for the other 

two twinning systems, there exists a prismatic <1120> system which gives a geometric compatibility 

of m' = 0.82 for the adjacent twinning. Due to this higher compatibility, glide of the prismatic 

dislocations will effectively be able to accommodate the adjacent twinning deformation and, therefore, 

reduce stress concentrations at die interface, gased on this analysis, fracture ai the os/yinierface is 

predicted to occur preferentially when f l lH twinning is activated in the y phase due to the low 

compatibility of this particular twin system with a favorable prismatic slip system in the Oq. 

In order for this prediction to be valid, the assumption that the <2ÏÏ0> (0110} slip system is 

favorable should be addressed in more detail. The values for the critical resolved shear stress for 
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various slip systems in CC2 are given in Tab|e 3.6. The value for the CRSS of the [0001] {1100} slip 

system was estimated by assuming that these slip systems were not active for any of the orientations 

investigated by Inui et. al. [49]. Hence, the minimum value can be approximated. However, this 

assumption must be made with proper caution since the active slip systems were determined by 

analysis of the slip traces on the surface. It would be possible that [0001] and <1120> slip are active 

on the same slip plane and would, thus, not be individually detected. The general appearance of die 

slip traces did not give any indication for this multiple slip. Moreover, [0001] dislocations are only 

rarely observed in T13AI [46,50] and this tends to confirm die fact that the CRSS must be much higher 

than for<2lï0> (0110} slip. Thus, die value indicated in the table can be taken as a reasonable 

lower bound. Furthermore, it can be seen that the CRSS depends sensitively on the exact chemical 

composition. The values listed given in [49] should be most applicable in the current case since this 

hyperstoichiometric composition most closely approximates the composition of the 0:2 lamellae in 

equilibrium with the TiAl lamellae. However, it is also noted that vanadium additions nearly double 

the CRSS for both the prism and pyramidal slip systems. Hence, it could be anticipated that Cr in the 

hyperstoichiometric 0¾ would also increase these values to some degree. As such, the values given 

by Inui [49] can again be taken as lower bound for the CRSS in the current alloy. While the absolute 

value of these CRSS cannot be direcUy applied to the current alloy, the important conclusion remains. 

Namely, the CRSS for <2ÎÎ0> (0110} slip is much lower than for any of die odier possible slip 

systems and would, thus, be the favored mode of deformation. Ward has also reported that <ì ì 20> 

(1 i00) prismatic slip is the dominant slip system for various alloys [45] and this further confirms that 

this system is expected to be more favorable than the other possible slip systems. 

Source 

[49] 

[48] 

[51] 

Alloy 

TÌ-36.5A1 

TÏ-24.4A1 

Ti-29.4A1-2.3V 

TÌ-25.1A1 

<Ì120> [ 1100] 

90-107 

65 

50-110 

= 65 

<1120> (0001) 

329 

— 

... 

<ÏÏ26> (1121) 

911 

450 

710 

«470 

[0001] {1100} 

>250 

— 

_. 
Table 5.6 : Critical resolved shear stress, in MPa, for slip in single-crystal TÌ3AI. 

These CRSS for slip in 0¾ can be compared with the CRSS for slip in the yphase given by Kawabata 

for single-crystal TiAl [26]. Depending on the exact orientation, values for 1/2<110] slip ranged from 

S3 to 97 MPa, while slip parallel to the <101] directions required 80 to 116MPa. It is again expected 

that these values will vary strongly with the exact chemical composition and, thus, may not directly 

apply for the current alloys under investigation. Nonetheless, it is supposed that they give a 

reasonable order of magnitude approximation for the current two-phase alloy. Therefore, it could be 

expected mat <2ÏÎ0> (0110) would glide under shear stresses which are similar to these necessary 

for glide of both dislocation systems in 7. In contrast, other slip systems in 0:2 are expected to be 

mobile only under conditions of high stress concentration. If die CRSS for these systems is higher 

than die interfacial strength, then interfacial decohesion will occur prior to activation of the system. 

Ti-29.4A1-2.3V
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It should be noted that this type of orientational dependence on the ability of slip to transfer between 

adjacent phases has been previously observed. In a similar study on pearlite [159], it was shown that 

the ability of twins to shear the cementite lamellae depended upon the interaction of the specific 

twinning system and the orientation relationship between the ferrite and cementite. Consequently, two 

twin systems in the ferrite were observed to transmit across the pearlite due to their alignment with 

possible slip planes in the cementite while the other two twins were unable to shear the cementite 

phase. The current work extends this notion by defining the geometrical compatibility factor which 

provides more information regarding the slip systems which are required to shear the second phase. 

Hence, this analysis provides a more detailed description of the transfer process and also gives 

guidelines on how to facilitate this transfer. 

It is, therefore, possible to predict how the 0:2 phase could be modified in order to achieve maximum 

ductility of lamellar alloys : 

1.) the thickness of the 0¾ lamellae should be strictly controlled since it was shown that the 

thickness has a significant influence on the transmission of slip systems across the lamellae. 

Although a precise value cannot be obtained from the current experiments, less than 50nm 

would appear to be an optimum thickness. 

2.) due to geometric compatibility conditions imposed by the Ct2 Iy orientation relationship, 
glide of unfavorable <1126> pyramidal dislocations or [0001] dislocations may be required 

to maintain compatibility with y lamellae, depending upon the specific deformation 

mechanism. Therefore, the properties of these slip systems must be understood in more 

detail and alloying efforts to reduce the CRSS of these systems would be appropriate. 

In conclusion, it has been demonstrated that the deformation behavior of lamellar structures depends 

not only on the y phase, but also on the plastic behavior of the 02 phase. Moreover, the geometric 

compatibility factor can be used to show that the geometric compatibility of slip systems between the 

two phase plays an important role in the deformation of the lamellar structures. Specifically, (111) 

twinning in the y lamellae will always lead geometrically unfavorable situations with the 02 lamellae 

such that glide of [0001] or <1216> dislocations will be required. Clearly more research on the 

behavior of these slip systems is required. 
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fi. C n n c l u s i o n s 

In order to examine the influence of microstnicture and orientation relationships on the room 

temperature deformation behavior of two-phase TiAl alloys, the deformation mechanisms of a 

11-47.5Al-2.5Cr alloy, heat-treated in two distinct microstructural variants, have been identified using 

transmission electron microscopy. The two heat treatments were 1270°C/64h and 100O0OIoSh and 

these resulted in either a transformed lamellar structure or an equiaxed microstructure, 

respectively. The transformed lamellar structure consisted of approximately 50% coarse y lamellae 

and 50% regions of fine, alternating y and 0:2 lamellae. In contrast, the equiaxed structure consisted 

of 10% large 0¾ particles in a fine-grained yphase matrix. Based upon the detailed TEM analysis of 

the orientation relationships and deformation mechanisms of both alloys, the following conclusions 

can be drawn : 

A It has previously been proposed that y grains may assume a total of six different orientations 

such that a total of five orientation relationships may exist between adjacent grains. Although 

only four of these six orientations have previously been observed, a consistent indexing 

method developed here has been used to verify that a total of six distinct orientations does 

exist. 

A Utilization of the consistent indexing method, which is achieved by describing the orientation 

of each grain as a multiple of a 60° rotation about a <111> axis, enables the deformation 

mechanisms in each grain to be described in a spatially correct manner. 

A Both the Schmid factor and a geometric compatibility factor influence the activation of the 

various deformation mechanisms within each grain. Introduced in this work, a geometric 

compatibility factor, m', is used to quantify the relative alignment of slip systems in adjacent 

grains and is calculated as the product of the cosines of the angles between the slip directions 

and the normal to the slip planes. 

A Deformation twinning of the type 1/6<112]{111} and glide of 1/2<110] ordinary 

dislocations are the preferred deformation modes in the y-TiAl phase. <101] and 1/2<112] 

super-dislocations are usually only present in grains where twinning and ordinary dislocations 

are not easily activated. 

A Asymmetric deformation behavior creates grain to grain variation in the active deforma­

tion mechanisms and is due to the LIo ordering of the TiAl phase. Consequently, it is 

imperative to investigate a sufficient number of grains when attempting to identify the influence 

of, for example, temperature or alloying additions on the deformation behavior. 
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A Only deformation twinning of the type 1/6<112]{111} is possible. This has been 

established by the correspondence of the twinning polarity criterion with the influence of the 

loading orientation and by direct analysis of the twinning partial dislocations. 

A Application of the geometric compatibility factor was used to show that orientation 

relationships described by a 120° rotation will provide the best compatibility between slip 

systems in adjacent grains. This was predicted theoretically and verified experimentally. 

A It would be expected that the equiaxed structure should be more ductile than the lamellar 

structure based on the following: 

1.) in the lamellar structure, the majority of orientation relationships between y lamellae arc 

the 180° true-twin type, while the distribution of orientation relationships in the equiaxed 

structure is random. This means mat more of the favorable 120° type will be present in 

the equiaxed structure. 

2.) deformation modes which are active on the ( H l J plane used to define the axis of 

rotation between grains can always result in a high geometric compatibility in slip 

systems. While this deformation mode is possible in the equiaxed structure, it is rare in 

the lamellar structure since deformation generally occurs by the hard mode - i.e. on slip 

planes inclined to the lamellar boundary. 

3.) deformation twinning and localized deformation mechanisms are more easily activated in 

the equiaxed microstructure. 

A Lamellar thickness plays an important role in the deformation characteristics of the lamellar 

structures. For -VlSmClIaC thicker than S lu.m, more deformation mechanisms may be active, 

while below this thickness only a single deformation mechanism is active. The thickness of the 

CC2 lamellae influences the ability of the deformation to shear across the lamellae. 

A The 0¾ particles in the equiaxed microstructure exert a negligible role during the déformation 

process. In contrast, a i lamellae limit the deformability of the lamellar structure by 

restricting the propagation of slip across the y lamellae. 

A The known effect of increasing ductility with decreasing grain size can be attributed to die 

activation of grain boundary sources. Grain boundaries are shown to be important since they 

provide sources for the easy mode of deformation - i.e. deformation parallel to the lamellar 

boundary. 



6. Conclusions parre 137 

A Limited observations of the deformation mechanisms in the <xi lamellae indicate that the 

orientation relationship between the o-i and y phases also plays an important role in 

the deformation process. Depending upon the specific deformation mechanism in the 

surrounding y lamellae, glide of unfavorable types of dislocations may be required in order to 

maintain compatibility at the lamellar interface. Therefore, the properties of these unfavorable 

slip systems should be examined in detail in order to improve the ductility of the lamellar 

structures. 

A Deformation twinning may be transmitted between grains related by a 180°, true-twin rotation 

by a cross-twinning process which encounters little resistance to propagation across the 

grain boundary. While this process appears to be rather favorable, it is shown to be important 

for only a small region of loading directions and is, therefore, limited in its overall importance 

in the deformation process. 
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9, Appendix 

9.1 Controlled Tiltinp and Orientation Relationships 

The Kikuchi map is commonly used in order to perform controlled tilting experiments in the 

transmission electron microscope. A section of the map for TiAl, with the LIo crystal structure, is 

given in Figure 9.1. Indicated on this map are both the relative positions of the zone axes and a 

schematic representation of the diffraction pattern which would be encountered for the particular beam 

direction. It should be noted that the unique identification of the diffraction pattern is aided by the 

presence of the superlattice reflections. Diffraction conditions for the LIo structure are satisfied for : 

h, k unmixed 9.1) 

For the usual conditions of diffraction for the fee structure - i.e. h, k and 1 unmixed - fundamental 

reflections are observed. Superlattice reflections are observed for any planes which satisfy 

equation 9.1. but do not satisfy the conditions for fee like 001, 110, etc. Accordingly, superlattice 

diffraction spots are observed in the <110] and <112] zone axes, but not in the <101] or <211] zones. 

Furthermore, the position of the superlattice spots in the <001> zones gives additional information 

about the identification of the zone. These conditions are clearly indicated in the schematic 

representations of the diffraction patterns included in the Kikuchi map in Fi pure 9.1. The full circles 

indicate fundamental reflections and are the same as those for the fee crystal (ignoring the slight 

tetragonal distortion), while the open diamonds indicate the position of the superlattice spots. 

To use this map, two zone axes are located in the crystal and the Kikuchi map is rotated such that the 

direction of rotation on the map is the same as the rotation that was executed in the microscope to 

"move" between the two zones. The orientation of the Kikuchi map must then remain fixed and is 

used to define the sense of rotation necessary to reach any other zones. Controlled tilting along the 

appropriate "road" is then used to rotate the crystal to the desired orientations. It should be mentioned 

that this map was constructed without the necessary consideration of the definition of the beam 

direction (as the upward normal of the foil) [120]. However, selection of the beam direction in the 

downward sense of the foil normal does not change any of the calculations performed in this work. 

It must be noted that this method of tilting is valid only for a single grain. Consistent indexing of 

related grains can be accomplished by the method given in Table 2,1 and shown more explicitly in 

Figure 9.2. The construction of the <111> standard projection shown in Fig 9.2fai is such that the 

pole of rotation between the adjacent crystals is taken at the center of the projection. In this way, all 

directions which are perpendicular to this pole, or alternately contained within the plane of the 
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Figure 9.1 : The Kikuchi map for the LIo structure of TiAl. 

rotation, are located on the great circle defined by the rotation plane. Since the orientation 

relationships between adjacent y grains can always be described by a multiple of 60° about a <111> 

direction, this projection provides a convenient way of determining the orientation relationship. Also 

indicated on this projection is the relative orientation of the [101] and [011] zone axes. This 

orientation is defined by the relative position of the [001] pole such that the (020) and (200) "roads" 

are correctly oriented. Also indicated by these representations of the orientation is the common [ i l l ] 

reflection which is used to rotate the crystal with the beam direction always parallel to the plane of 

rotation. 

As an example of how this projection is then used to determine the orientation relationship, it is 

assumed that an orientation relationship of a 60° rotation about [ U l ] , i.e. the pseudo-twin 

relationship, is present between the two grains under investigation. The relative orientation of the two 

crystals can then be visualized by manually rotating the projection of one relative to the standard 

projection which remains stationary. Overlapping projections after the rotation of 60° is shown in 
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110 

Figure 9.2faì : A <111> projection constructed with the pole of rotation, [ï i l ] , at the center. 

Fig 9.2(b). In this projection, the initial or 0° grain is represented by the open symbols while the 

rotated crystal is represented by the filled symbols and the poles are identified with a bold print Now 

it is readily seen that for a beam direction parallel to [101] in the initial grain, the beam must be parallel 

to the [011] zone in the adjacent grain. Similarly, if the beam is parallel to [011] in the initial grain, 

the beam will be simultaneously parallel to the [110] direction in the adjacent grain. However, the 

type of zone axes which are parallel in the adjacent grains is not sufficient to define the exact 

orientation relationship and the position of the zones must also be compared. Comparing 

Figs 9.2faì&fbì. it is clear that the orientation of the diffraction patterns for these two zone axes 

appears to be reflected across an axis which would contain the spot from the transmitted beam and the 

[H l ] spot. This reflection ¡s characteristic of a twin relationship and, in the case of the 60° 
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rotation, this is associated with a pseudo-twin relationship. The origin of the inversion lies in the 

changing of the stacking sequence from ABCABC to CBACBA across the boundary as discussed in 

Section 1.4.1. 

In order to identify the relationship between any two grains, the observed diffraction patterns are 

compared with the predicted patterns as shown in Xable2.1, A minimum of two simultaneous zone 

axes {preferably three) must be identified in each grain. Comparison of die presence or absence of 

superlattice spots and the orientation of the diffraction patterns with the predicted patterns for various 

rotations will then give Ü» specific orientation relationship between the two grains. It is also desirable 

to locate a fourth zone axes which is not parallel to the plane of rotation to confirm the full analysis. 

Figure 9.2fbi : Overlapping projections of both a [Ï Ì1] standard projection and the projection of a 

crystal rotated 60° about the [Í Ï1] pole. 
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It should be noted that this method allows a clear distinction to be made between the two types of 

pseudo-twin relationships (i.e. 60° or 300°) and the two 120° type rotational faults (i.e. - 120° or 

240°). Furthermore, it can be said that many other methods can be used to define the orientation 

relationship between two adjacent grains and that this can generally be accomplished with 

manipulations of the standard [001] projection. However, the method outlined here is believed to be 

much simpler than these trial and error methods. Moreover, it provides rapid and consistent indexing 

when three or more grains are investigated. For instance, the orientations of many lamellae within a 

lamellar colony are rapidly identified and will be fully consistent. It should be emphasized that the 

distinction between the 60° and 300° rotation is arbitrary since the rotations will be crystallographically 

equivalent. The distinction between these rotations is nevertheless made to enable fully consistent 

determination of the slip systems and for the calculation of the appropriate geometric compatibility 

factors as described in Section ],j.2. 


