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1. Preamble

Such well known advantages of iron aluminides as their excellent oxidation resistance, extremicly
high sulphidation resistance and carburization resistance, reasonable high temperature strengih,
high electvical resistivity, Jow cosf, low density as well as redoced consumption of sirtegic
clements efe. have made thein increasingly atiractive both in indusicial production and in research
for many years.

Close altention has been paid to the stress anomaly which appears at intermediate temperatores
during deformation for both Fe, Al and FeAl type alloys and the slip sysiems below and above the
siress peak temperature have been exiensively studied by various means such as slip frace
observation, deformalion texjure examination and simulation as well as dislocation analysis by
TEM. ldentical conclusions have been reached to the deformalion systems below the siress peak
temperatures for both FejAl and FeAl allays by all the previous studics, indicating thai the
dominant slip systems are <ll11>{011) and <111>{6i2). However, different results of
deformation system at high femperafores (above stress peak 1emperature) were noted for the two
types of alloys. Some studics confirmed that the slip direction at high temperature is still <11
while the others showed the <(00> slip for FesAl and FeAl. Recent studies on the deformation
systems of FeAl alloy by slip trace and dislocatior analysis (realised usnally af relatively low or low
strain nig) strongly supported the <100> slhip system at high temperature, while some other
investigations by deformation texture simulation and iexture determination realised at high strain
mie and by TEM examination concluded that the deformation of FesAl at high temperatures is
conirolled by <l | 12 slip sysiem. Thus it is of great significance {o shed light upon the deformation
system of FeAl altoy at high temperature at bigh strain rafe realised, for example, by forging which
is widely used in industrial production to deform ingois imo different product shapes and 1o break
down the cast micrastruciures,

The present sindy focuses on the determinaiion of slip system in FeAl during high stain raie
deformation over a wide range of jemperature by various means. The deformation at high strain rate
{e=1 s'l) was camied out by forging from 400 to 1000°C. True strain-true Siress curves were
obtained and work hardening rate s different forging temperahures was calculated to comelate the
slip system and the mechanical behaviour. Microstructures were observed and the grain size and
recrystallized propottion affer deformation at varous temperatures were cvaluated using optical
microscopy and SEM. The forging texiures were investigated using X-ray diffraction and were
evatuated by relative intensity of different reflections. A large quantity of dislocalions was analysed
by TEM with a view to the determination of Burgers vecior, dislocation Tne direction, glide plane
as well as Schmid factor. The siatistical analysis of different types of dislocations was performed fo
make clear the slip system <wvw>(hkl}, dislocation activaiion and dislocation interactions durng



deformation at vatious emperatures. The orientation of a large number of deformed sub-grains and
recrystallized grains was cxamined by Kikuochi patterns and soch criestation was comelsted o the
texture determination by x-ray dilffraction.

Dynamic recrystallization took place at high temperatures after large strain forging and the variation
of welative inensity of different reflections as a function of recrystallization fraction obtained a
different forging Emperanercs confirmed that the ideal deformation exiwees a0 400 o 1000°C are
{111) coused by «<!i1> slip system al fow femperature and by <100> slip system at high
temperature, a5 supporied by the previous deformation texture simulation, while the ideal
recrystallization fextures are {200} type. The results of dislocation analysis showed <111>
dislocation dominance at low and intermediate temperatures and <[00 dislocation dominance ot
high temperatures. which are very well consistent with the deformation texture determination. The
higher ‘work hardening rate a1 low temperature and thc Jower work hardening rate at high
temperawres also supported deformation conirolled by complex superdislocations below the stress
peak temperature and deformation controlied by simple or perfect disloctions above the stress peak
tempurature.



2. Introduction and literature review

2.1, Definition of inlermetallic

An intermetallic campound is a phase which crysiallises with a structure other than those of its
componcnts, and two lypes of intermuetallic compounds are dilferentiated as follows:

{a) Intermetallic phases which possess a hemogencity range are called Berthoflides. The sub-~
lattice occupation is not restricted lo one atom Iype, e.g. a point position can be occupicd by A as
well as by B atoms.

(b) Intermetailic phase without any homogencity range are called Dediorides. Each sub-lanice s
occupied by one particular atom rype[1].

The ordered intermetallics such as Fe-Al, Ni-Al and Ti-Al, etc. under investigation for their
possible use as struciural materials belong to berthollides.

2.2. The history of Intermetallics

The use of intermetallics can be traced back 10 about 2500 B.C in Egypt and Britain where peaple
used CuzAg as a coaling on bronze. Since then, many intermetallics have been employed for
various purposes, Tor example, coin materials such as CuZn o the 2ge of Rome, Cuy,Sng for
mirrers in Ching in the year zero, dental restorative materials such as AgyHgy+3ngHg in Ching and
Cu Hgy in Germany, (Cu.Mn);Al as knife material in Germany in 1910, as well as magnctic
materials such as Ni-Al-Fe-Co, Fey(Si.Al). SmCos. superconduciors sich as NbSw, electric
resisiance materals such as Fe-Cr-Al, MoSi,, etc.[2]. The scientific research of inlermetallics
began mear the cnd of the last contury with the development of physical metallurgy. It is in this
century thal inermetallics began Yo be widely used. primarily for applications as Functional
materials—magnetic materials, supercenductors and shape memory alloys[3].

The lack of duciility and the difficulty of formability have made it difficult for intermetallics to be
used a3 struciural maierials in the pasl. However, great attention has been paid to intermetallics as
polenlial structural matertals since \ke lurn of he century. Extensive studies have been made,
especially for the development of ondered intermetallics based on aluminides of transition metals
such as nickel, iron. litanium, niobivm and cobalt{4, 5]. One of ihe first hopes for applications of
struciural intermetallics was titanium aluminide TizAl, with major rescarch efforts starting in the
1970s, Extensive research on nickel aluminides such as NizAl and NiAl have also been carried out
since the 1980s and major hopes for success of commercial applications as structural materials have
arisen because of the improvement of ductility by alloying. especially by additions of small
amourats of B. Iron aluminides have attracted 2 great attention for a long time because of some of
their oulstanding advantages as structural materials, such as excellent oxidation and sulphidation
resisiances, reasonable high temperature sirength. low cost and reduced consumplion of straiegic
elements{4, 6-9]. Various applications of Fe-Al based allays have been examined for a long time
and both fundamental research as well as product development have a very good funure,



2.3, Characteristics of Fe-Al Intermetalllcs

23.1. Rinary phase diagram of Fe-Al system

The binary phase diagram of Fe-Al system is shown in fig. 2-1[10].In the region of 020 at.% Al
there is only a bee phage, in which there is a small Joop of ¥ foc phase al high (emperature. Most
attention has been paid to those alloys with the compositions in the 20-30 at.% Al range. Two
typical phascs werc obscrved in this region—FeiAl and  FeAl (ypes, Near the FejAl region, the
following phase fields are identified; i) a disordered solid solution ot i) FezAl with an imperfectly
ordered B2 strueture; iii) ordercd FesAl with DOy structure: iv) o and D4 region, and v) o+B2
area, In the region of aboul 36-50 at.% Al, the alloys exhihit uniquely the B2 structure from room
temperature to about 1200-1300 *C {depending on the Al concentration). For the alloy used for the
present study with 41% A, the B2 structure remains stable ontil about 1230°C. The addition of a
smal! quantity of the clement Cr (e.g. 2 al. %) in the alloy vsed in the present siuey) leads to no
significant change in the phases present, as confirned by examining the ternary phase
diagrams{11).

Two typical crysial structures 32 and DO,y which arg often found in Fe-Al alleys are shown in fig.
2-2 (a) and {b) respectively[12]. In fig. 2-2 (a), the atom sites have been divided inte equal
numbers of seblanices labeled | and 1. In the siate of perfect long range B2 order, all of the sites

associated with one sublatiice are occupied by either all A atoms or all B atems, forming an AB
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compound, spccifically an FeAl compound in the Fe-Al system as the chemical composition is
appropriate. Therefore, cach B atom has for nearest neighbours all A atoms and vice versa. The
lattice for DO stiuciure can be subdivided into four interpeneirating face-centred cubic sublatiices
as shown in fig. 2-2 (b). where the A atoms oceupy atom sites on sublatiices 1L 111 and 1V, while
the remaining B atoms eccupy type ! sublatiice sites, forming a A;B comprund. specifically FeAl
coinpound in Fe-Al system at 1 suilable composition. The transition 1o B2 order ocenrs as the Site
18 and site 1V become equivalent, that is the Al atome will sit equally on 111 and LV sites, eopether
with an equal number of Fe atoms[7], transforming to in FeAl compound,

2.2 Some specifie aspecls of Fe-Al inlermeiallics as poleniinl stroclural
materlals

Close atiention has been paid to the fundamental study and indusitial application of ron aluminides
since the 1930's due to fheir cutstanding high temperplure oxidation iesistance, exeellent
sulphidation resistance, lower east and lower density than stainless steels, reasonable strength and
reduced consumption of strategic clements.(4, 7.9, 13].

$tudies on the mechanical properties of Fe-Al binary alloy as a Iunction of Al content show that the
yicld point at room lemperature increases as the Al confent increases from 5 10 28 21.% and hen
decreases as Al content increases to 30 al.%, that is the hinary alloy exhibits ihe highest yield
stirength at 28 at.% Al{14]. Therefore many Fe-28A1 based alloys have been investigated. In the
range of 30 to 43 at.% Al, the room temperature yieid strength increases with the Al content and
teaches a maximum at 40 at.% At and then decreases with Al content[9). Accordingly, many Fe-
40Al based alloys have been studied. Yield strength of FeAl binary alloys remains relatively stable
as the temperature increases from room tempesature 1o 600°C but falls to a low value at 700°C, The
room temperature ductility fabls rapidly as Al content increases (rom 5 o [0 at.% [14] and reaches a
very low value from [0 to 43 at. % AL (9, 14], Elongation increases with tomperatwe and reaches a
high value at 700°C whert the yield strength falls. Thus low strength at high temperatures and low
dactility (believed to be due to ambient moisime} at low temperateres impeded the applications of
Fe-Al alloys although they are intrinsically duetile[15]. Therelore the improvemen: of high
temperature strength and low temperature ductility is exiremely impertani for commercialising of
Fe-Al alloys. Consequently, a tot of measurcs have been taken to resolve these problems.

First of all, the effect of alloying elements on microstruciure and mechanical propenties has been
extensively investignied(16-24]. The alloying elements can be divided inte two categories, i)
precipitation hardening elements, sueh as C, B, Zr, Nb, Ta and ii) solid-solution sirengthening
elements, such as Cr, Ti, Mo, Mn, Si, V, Ni. The addition of these strenglhening elements has
improved generally both the high remperature and low temperature strengih but unfortunately the



low temperature doclility has been deteriorated al the sume time, Cr leads (o litle change of strength
but can improve the mom temperature ductility[4, 7] as shown in (able 2-1{7].

Various heat reatments and thermomechanical processing methods have been conducted 10 improve
the low temperature ductility and the strength{23-33]. These generally act through conurol of

Table 2-1 Smengthening by Soluse Additions(MPa/ % addition)

Element Room emperaiure High temperature Duetility, effeci at
effect {600°C) effect room lemperature

Mo: 1-5% small 50-200MPa depresses

Cr |-5% small 50-100MPa retaing

Nb: 1-2% 100MPa 100-200MPa depresses

T 1-5% 100MPa S50-100MPa depiesscs

Sii 1-2% small 100-200MPa embrittles

recovery and recrystaliization of cold worked structures and it appears that i is the partially
recoveredfrecrystallized state (that gives the best propenties. These methods have improved the room
temperature ductility as well as enhancing the strength. A siudy of heat treatment o the ymechanical
properties of a thermumechanically processed Fe-28A1-5Cr based alloy showed both high yield
strength and high room temperature elongation and a combination of high yield strength with high
elongation (524 MPa with 19%, measored in air) was noted[23]. Such a pood combination,
however, was rarcly seen in other investigations when the elongation was measored in air.

Another important factor determining the microstructure and mechanical propenies is he
fabrication[5, 8, 34-37]. Many pmcessing methods, such as powder metallurgy[36, 37], reaction
synthesisfg], directiona] solidinication[34] have been lested. The investigation and development of
these new processing methods have markedly enhanced the properties of Fe-Al alloys.

Significant difference between the oxidation resistance of Fe-Al alloys and that of tradidonal
FueCrNi and FeCrAl alloys is shown in fig. 2-3[13). The weight gain of Fe-35A1 at 800°C for 170
hours is very small while serious oxidation takes place for Fe-25Cr-20Ni and Fe-18Cr-6Al alloys
from the beginning of the experiment.

Eavironmental embritfement is a specific characteristic of deformation  behaviour of inon
sluminides. Many stodies have been devoted 10 understanding the nature of the embrittlement and



10 propose cifective ways of ameliorating the ductility in air[38-43]. The embritlement in iron
aluminides can be cxplaincd by the reaction[38, 39, 411:

241+ 3H;0 — Al 04 +6H -1
The hydrogen atoms are freed by the reaction between the Al atoms and the moisture in ihe air and
ihey penctrale into crack tips and cause britile cleavage crack propagation, possibly as a result of the
reduction of cohesive strength across {100} cleavage plancs. Fu and Painter have indicated wsing
first-principles quantum-mechanical calculations that the electrons are drawn around the absorbed
imersiitial hydrogen atoms and bonding between iron and iton aloms is weakened(44],
] -
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Fig. 2-3 Comparison of oxidation behaviour of iron aluminides with that
of conventional iron-base alloys Fe- |BCr-6A1 and Fe-25Cr-20Ni

2.4. Site preference of Cr element in the B2 unil cell

The addition of a third alloy element info Fe-Al intermetallics has been examined with a view to
improving the mechanical properties, especially high tempemture ¢reep resistance, oxidation
resistance and room temperature duchility. The site preference of the third alloy element influences
the behaviour of dislocations by changing the encegies of APBs[45]. The site occupied by the third
clemem can be deduced from an analysis of the peak intensities in x-ray diffraction cxperiments.
The site preference of third clement in variows intermetallics has been investigated by different
methods[45-301. Schnetbel et al have discussed the sitc preference of Ti. Cr, Mn, Co, Ni, Cu ctc.



as third element in Fe-43A1-X alloy (X-third element) assuming that the eoncentration of Al ani-site
defecls or vacancies ane ncgligiblc[‘t‘ﬁ]. The eflective Al concentralion is;
M a=lart fopear g (2:2)

where ) i the aiomic fraction of Al (45%), {, is the atomic fraction of temary alloying addition X
(5%). and pya is the fraction of element X occupying the "Al' sublatiice. “The calculated result is
shown in table 2-2. pyap for Cr element is 7421.2, which means thiat the Cr atom prefers 1o sit on
the Al sublattice in the B2 ordered Fe-45A1-X alloy. The above investignlions suggest that the Al
sublaitice is the favourable sile for Crelement in FeAl ordered alloy.

Table 2-2 Site occupalion parameters in Fe-45A1-5X alloys

Fraction pgyar of element X | Fraction of 'Al' sublatlice Effective Al
X occupying 'Al' sublatlice oceupied hy Fe (%) eoncentration. " 5
Ti 852423 1.5 49.3
C1 74.0+1.2 2.6 487
Mn 263101 74 463
Fe 9.1 106 450
Co 0.9%1.7 99 45.0
Ni 0.6¢1.0 99 45.0
Cu 03T 10.0 45.0

2.5. Possible sllp systems In the B2 ordered Feald

Fig.2-4 shows the possible slip vectors in B2 structure[51]. Three 1ype of dislncations, namely
<]00>, <130> and <111> have been observed in B2 alloys, depending on the ¢composition and
deformation temperalure. Fe-41Al-2Cr cxhibits the B2 strueture throughout the entite temperature
range below the melting point, thus the possible gliding dircctions lor this alloy are those
mentioned above. For the B2 ordered structure, <111 super-dislocations dissociate imto a/2<1 11>
partials coupled by an APB shown in fig. 2-5(12]. The two pattials are retained together by the
surface tension of the APB al an equilibrium separation r.

The slip planes for <160 diskcations are principally {001 ])and [011], although they can glide
theoretically on any {Okl}. <I11> dislocations glide mainly on {110} or {112} planes. Since
<1 11> dislocations dissociate into a/2<111> pantials as shown in fig. 2-5. cross-slip depends
greally on the APB energy. The separation between two partials is very large when the APB energy
is Jow and thus the partials can cross-slip independently, while for a high APB energy the
separation is 50 small that they ean recombine and cross-slip easily, For intermediate values of APB
energy, the intermediate partial separations confine the <111> dislocatians to their slip planes 1o a
greater or lesser extent.
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2.6. Background of the deformalion mechanismn and lexture in Fe-Al based alloys

Both FejAl and FeAl alloys exhibit the stress anomaly: the flow stress decreases with decreasing
temperature al low lemporatures bul increases with increasing immpemmm at imermediae
temperatures and decreases again at high temperatures. Exteasive studies have been devoled 10 such
angmalous increase of stress al intermediate temperature and to the deformation systems belaw and
above the siress peak temperature of Fe-Al imtermetallics during the last two decades. The nature
of the stress anomaly and the slip systems have been investigated by various means such as slip
trace observations, deformation texture examination and dislocation analysis. The influence of
chemical composition and experimental condition such as deformation temperature, strain rate and
crystallographic arlemation ete. on mechanical behaviour and the slip systems has been examined.

2.6.1. Descriptlon of anomalous stress peak

The positive siress dependence on deformation lempemtone 3t intermediate temperature has long
been found both in Fea Al 1ype alloys | 52-56] and in FeAl type alloys| 16, 18, 20, 57-67]. A similar
stress anomaly is also noted io many other ordered alloys, for example, NisAl, B-brass| 68, 69, 70-
73). The stress anomaly is illustrated in Tig. 2-6 where the yield siress decreases from room
temperatune to a certoin tempersire (slage 1), namely 300°C, for FeAl alloys and then increnses

Yinki Sirass

|
.|
Stage | ! Stage Il ! Stage I

Temparawre

Fig. 2-6 Schemalic illusiration showing three stages of
stress vaniation as a fuaction of deformation tlemperature

with increasing the iemperature to about 300-600°C {stage 113, where the siress peak appears, and
finally decreases again (stage 111) at higher temperature, However, the shape of such curves
oblained by different studies varies greally depending on the chemical composition of the material
tested and the experimental conditions (crystallogmphic ericataticn, strain rate, ete.). The discovery
of the stress anomaly is of great sigaificance te the material sinoe the streagth at intermediate to high
lemperatures relains a selatively high value as required for some applications. Thus the potential



service emperature of such materixls s shifled 1o a rcasonably higher regime. The anomalous
siress incrense and the presence of the stress peak at about 500-600°C in Fe-Al and other alloys
have drawn a great deal of attention 10 augmpting 1o explain the stress anomaly. Significant efforts
have been made 1o investigate the relationship between mechanical behaviour and deformation
syslems, dislocation structures, variatton of degree of order, as well as vacancy hardening for the
purpose of eluctdating (he nature of the stress anomaly.

2.6.2. Stress anomaly and slip syslems in FeyAl iype alloys

The stress anomaly has been examined in detail ot low, at intermediate as well as at high
tempenatures by many researchers. An early siedy on high temperature deformation characteristics
of FesAl type single crystal was carried out with changes of chemical composition (Fe-24.8A1 and
Fe-25.8Al1) and crystallographic arienfation with respeet to the compression axis [52]. In the Fe-
24.8A1 allay, the yield siresses Tor varions sample orientations increased above 600K and exhibited
stress peaks af about 720-770K, below Tefcritical ordering temperature of Dii-B2) depending on
the crystal orientation. The stress peaks below T iemperture were explained in terms of cross slip
of <111> dislocations from {110} to {112} planes and the parl on the {12} planes acted as a
dragping point for the mation of the screw distocation on {110] planes. On the conirary, the Fe-
25.8A] alloy exhibited the stress peaks above Te (emperature instead of below Te imespective of the
crystal orientation. The lack of siress peak below Te femperature may be related 1o the steep
decrease of long range arder § at Te since the APB cnergy in the DDy struCture is the Jowest on the
{110Q] planes and the slip system is always the <1 E1> [110] which can be more easily activated
than the {112])<] 11> system below Tc. The stress peak sbove Tc in Fe-25.8A1 allay was elated o
the ease of eross slip of B2 superdislocations.

Sehrier et al {54] have obtained a similar conclusion by examining the stress anomaly and the
duetility of Fe-30Al sinple crystals with different orientations over a wide temperalure range by
means of slip trace examinafion, TEM observation and the slrain tate sensitivity upan changing the
strain rate. The Schrid fzctor ratio was used 1o correlate the extent of cross-slip with the change of
the yield stress from room temperafure to 900K. For all onentations tested, the yicld stress
decreased fromt room temperafure to a minimum at inermediate temperature and then increased to
the peak value al about 750K and decreased rapidly with further increase of temperature. At the
same lemperature, the higher the Schmid factor ratio of m(iumtufm{f[n“[n], the higher the

stress. This indicates that {Z11)[181] slip happens when there is higher shear stress on this system
and this leads 10 overall hardening of the crystal. On the olher hand, the increase of the siress a
highet temperaturs was well consistent with the decreased DOy order leading to a decline of e
encrgy barrier for cross slip. The dislocation configuralion is a decoupled B2 type dislocation pair
both at room temperature and at high temperatures just below siress peak lemperature, while it is a
double pair DO, dislocations at tempesatures neas the minimum of the stwess. They believed that

12



thermal activation plays a critical role for the appearance of the stress anomaly. In a fully ordered
lattice, cross slip is impeded by an energy barrier depending on the APB cnergies of possible
primary and cross slip planes and on the interaction energy between the leading and the tmifing B2
dislocation pairs. Al oom temperature, the Peierls stress for the movement of screw dislocations is
supposed (o be much higher than the stress necessary to overcome the energy barrier for (101) slip,
thus the dislocation can easily cross slip and result in the B2-gingle paired dislocations gliding on
the neighbouring parallels slip planes. Atintermediate temperatures, the stress necessary for cross
slip becomes higher than the fiow stress {which is lowered by the thermal activation) ond this
results in the movement of cemplete DO, superdislocations, leading to the swress minimum. With
further increase of emperature, the leading B2 pair is allowed by thermal activation to cross shp
from a {110] plane 16 a {112) plane and thereby decoupled D04 dislocations appear once again.

The studics listed sbove have closely related the stress anomaly to the DX,—B2 wansition. This
explanation was proved lo be less convincing by subsequent siudics, where the stress peak was
alsc found at high temperature in 2 B2 type alloy in which there was no D03—B2 transition over
the entire (cmperature range, which will be discussed in 2.4.3. Nevertheless the later study by
Schrber and co-workers[55] on the plasticity of D03 ondered Fe-28AL and Fe-20Al-551 single
crysials showed that the anomalous yield stress of the alloys depends greatly on the crystal
orientation and the anomalous dependence of yield stress on iemperature is caused by the influence
of thermally activated processes on the dislocation mobility sather than by a decrease of the X,
long-range order with changing the temperature. This proposition was well explained by the results
shown in fig. 2-7, showing the disordering of the two alloys with increase of tempernture. The
main decrease of long-range order lakes place a8 790K for Fe-28Al alloy and the stress peak
appeared at temperatures $00-350K depending on the crystallographic orientation. Accordingly. the
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Fig. 2-7 Rclative degree of the DO; long-range order of Fe-28A1
and Fe-20A1-55i single crystals as a fuaction of temperature



siress peak temperatuee correspends 10 the onset of the decrease in order. In contrast. the onset of
the decrease in order of Fe-20A15Si (1000K) does nol coincide with ihe stress peak lemperalure
(near TH0K).

The preceding studivs confirmed one imporiant poinl that the slip diection below and above ihe
stress peak was always <1 11> At low temiperalures, fhe deformation is connolled by Tour-fold
D0, superdislecations and at high temperatures the defonnation is contralled by B2-paired
superdislocations,

A slip trace analysis of an Fe;Al with DO, order deformed in compression from 10om temperalure
16 870K by Brinck and co-workers confirmed these same slip directions{ 74]. The glide plapes were
{O11]) @m low temperature, where the deformation bands were homogeneous. and also {011] a
imermediate temperatures where the defonnation bands were inhamogeneous, indicating the
occurrence of cross-slip. At the siress peak temperature (820K) three types of glide plancs were
noted, i.c. {001], {211) and [312) and frequent cross-slip occurred. Above the peak temperature,
homogencous slip on [211) was seen, Investigations of erysiatlographie slip in polycrystal Fe,Al
using slip tace measurement and microlexture detenmination(73] and using texture examination and
simulation[76] by Raabe and co-workers indicale that <11 1> slip is responsible for deformation by
warm rolling at 830-860K (near stress peak temperatwre) 0 20% thickness reduction. The
<111>{011] and <111>[112} slip systems were identificd to comespand to the straight slip traces
while the <111>{123} slip systems produced wavy slip traces and <111>{123] slip can prabably
be explained by combined <I11>{011] and <I11>{112] slip. According 1o these iexlure
simolations it is not likely that considerable amounts of slip ocour an <100> {0011, <|00>{Q1 1] or
<1 11{123] systems during rolling above the D0;—B2 wransition 1emperature.

A detailed study on the deformation texiure in FesAl alloy deformed at high temperature (925K-
1325K) combined with texiure simulation demonsirated that deformation at high temperatre is
dominated by <!11> slip systems(77]. The forging textures simulated based on different slip
systems are shown in fig. 2-3. Cube siip on {100} planes resulted in no significant grain rotations
and was not responsible for any evolutian of lexiures as shown by the (a), (b} and (¢) pole figures.
The pole figures (d), (¢) and (£} are the computational results based on cube slip on (011) planes,
showing a strong (111) deformation fexture. Simitarly, the simulated forging iexture based on
<1108 J+<i V1] 112) slip systems shown in pale figures (g), (h) and (i) is also chamacterised
by a very strong {111} iexture. However, it is very interesting to note thar theee is a subtle
difference between the last two cases. A very strong (111] texture and a nearly zero {110) texiore
were confirmed in both cases, while the pole figure (g) shows a weak {100} texiure cavsed by
<11>{0L{)+<I11>{112} deformation and the pole figure (!} shows no { 10Q] texture af all, This
i the major difference between the simulated rvesulls based on <100>[011) and <I11>{01] )+
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(a} {100} by {110) () {111}

(d) {100} {e} {110} M {1}

(£ (100} {hy {110} @

Fig. 2-8 Pole figures showing the forging textwre simulations based on slip by
the systems <100={001}-{2), (b} and (c); <100={011)-(d). (e} and {f);
and <11 i>[011 <1 11={112)-(g). (h) and (3), respectively
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Fig. 29 Schematic illusiration of flow stress-iemperature. variation for
Fe, Al allays and proposed controlling dislocation mechanisrns

<i11>{112} and such difference will help analysis of the forging textures obtained in the present
study. TEM observations of FesAl single crystal deformed at low temperature, namely below stress
peak temperature, showed the deformation by DO, four-fold <11 1> superdislocations| 78, 79]. The
disTocation exnmination of Fe;Al polycrystal deformed at 1075K showed also generally <111
dislocations with o limitad number of <I00> dislocations that were mainly associaied with <!>
dislocation segment reactions[80]. 31 was also argued in this work that that the cube dislocations are
rapidly exhausted at Jow strzin and at large strain deformations are accomplished by <18i>
dislocations.

Recenl studies of the stress anomaly in FesAl alloy by dislocation analysis have suggested an
altenative explanation of the peak anomaly, This study indicates that deformation 2t low
terapernture (helow the peak temperature) is controlled by <1i1> slip but at high emperanire
(above the peak temperature) is controlled by <1003 slip[56, 81]. It is confirmed that in the low
iemperalure Tange, the deformation oecurs by the movement of imperfect 1/2<111> dislocations
which are dissociated in (wo 1/4=<111> partials separuled by an APB and pliding on [011} plaacs.
In the wmperature range where the yield siress increases, the <111»> dislocations become
progressively locked by a local-climb process and the dislocation panials climb ow of their glide
plane, normal to their Burgers vector. At higher iemperaiures, dislocations with <100> Burgers
vectors are generated and the easy glide of these dislocations leads w the siress drop{56].
Accordingly, a model explaining the positive temperature dependence of the fow stress in FeqAl
alloy in the intermediate temperature range was proposed and the dislocation mechanisms gver the
entire temperature range are shown in fig. 2-9[81].



In smmmary of the slip systems in Fe,Al alloys discussed above, <I11> slip sysiems are confirmed
by all the studies condected by diffecent means mentioned above 1 low temperature, namely below
stress peak (emperature, Nevertheless. the slip systems deduced au high temperature in different
works are nol consistent and both <1 1 1> and <101 slip systems have been proprosed.

2.6.). Slip systems and siress anomaly In FeAl type alloys

Extensive studies have been camied ol on the positive temperature dependence of yield stress on
deformation temperature in FeAl type alloys and the deformation systems have been investigated by
means of slip trace measurement, dislocation analysis as well as deformation texiure determinalion,
However, early studies emphasised slip directions and no stress anomaly was remarked{82-85).
TEM examination showed that dislocations in Fe-35A1 deformed at room temperature are <111>
superdislocations and the APB energy was estimated as being about 0.105 Jtm® based on the
separation of the two partials]82]. Yamagata and Yoshida investigated the slip systems of a Feal
altoy deformed in compression at 77K, 300 and 473K by slip trace observation and the result
showed that the slip mode and yield stress were stronply dependent on crystal orientation and
deformation temperatore. Slip occarred on 2 £111H211) system at low temperature. but at high
temperatures { 1 11]{ Tot ) slip hecame more favourable for nrientations with maximum shear siress
onthe [1111C2 1) 0r [P 101 systems.

S1ip ransition from < 11> to <[00 as 2 funciion of deformation orientation and temperature in a
near stoichiometric FeAl alloy (Fe-47.2A1) single erystal has been investigated by Umakoshi and
Yamaguchi by slip trace analysis and distocation examinalion[84}. The deformation of single
crystals with various oricntations demonsiraed that the transition occurred at 670K (=0.44 T} and
<100> slip was observed around the fransition temperature when the crystal was deformed along
the <115 direction. This suggested that <00 slip is easier when 1he crystal orients (o the <[11>
divection. At higher temperature, the range of onentations showing <}00> (ype slip on the surface
of deformed samples becomes larger. At even higher temperature(773K), the observed slip planes
for <100 slip were found o vary with the orientation of crystal, The region showing <$00>
{01 ) slip is abon! 1wice as wide as that showing <100=[011] slip. <100 slip in FeAl ocours in
fact on one of the (TIO][OGI] and (001)[010] or on both sysiems simultancously. Two important
features of <{00> ship are: i) the slip tends 1o occur along 1he [010] direction instead of the most
favourable [001] direction; ii} there is a tendency for a {001] 1ype plane (o be preferred rather than
a (01 1] type plane as the glide plane for <00 slip. This means that slip on (001 }<010> sysiems
is semcewhat fundamental to deformation of CsCl structure compeunds at bigh temperature. Slip
race cxamination and dislocation analysis showed that cross-slip was seen to occur more
frequently in crystals deformed by (001)[010] slip than in those deformed by ( 1100017 slip. The
temperature and orientation dependence of the operative slip divection is shown in fig. 2-10.



The wramsition of shp direcions from <113> 10 <}0U> depending on the Al concenttation was
investigated [85, 86] in a series of FeAl alloys and different results were obtained. Umakoshi and
Yamaguchi have investigated the transition iemperature as a function of Al content in single crystals
having thrce composition—Fe-42.8, Fe-48.1 and Fe-49.7 and the results showed that a transition
in slip direction occurs from <l11> at low 1emperature fo <I00> al high temperature and the
transition lemperalure decreases with decrease of Al content. In conirasi, a study on 2 series of
FeAl alloys with the Al contemt ranging from 35 al.% o 50 al.% showed thm ihe transition
temperature increases with decreasing Al content because the solote stoms interact with the <4 1>
superdistocation elastically and the strength of this inicraction is critically dependent on the
separation distance berween the components of the superdisiocations[85). The smaller the distance,
ihe grealer the strength of interaction, giving rise (o a thermally activaled transition from <11 1> to
<H)0> ship al a lower femperature, I is well known that the scparation distmce decrenses with
increasing the Al content, thus the transition temperalnre is shified 10 lower temperaiure at higher Al
conceniration.

A stress anomaly was nol noted in 1he early studies, for example those mentioned above. and this
led early researchers to consider that the stress anomaly in FeqAl was reluted to the DO3 1o B2
disordering transition occurring near 3530°C[65]. The studies on Feal alloys afterwards also
showed 2 posilive stress dependence on deformation temperature followed by a stress peak and
such a peak was closely related 10 the transition of slip systems.
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Fig. 2-10 Operali ve'slip directions as a function of deformation
temperature and crystallographic oricniation
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A stress anomaly in Fe-38A1 bascd atioy was nated by Gua and co-workers [58] when deformed at
the sirain rate of 1.3%107 s and the stress peak was found to occur 1 620°C. Dislocation
examination demonstrated that @1 500°C the dislocations were <l 1> type and at 620°C most of
them were <1002 dislocations. o L,

For an alloy with a slightly higher Al concentration (Fe-40Al, larpe grained alloy). tensile
experiments were carvied out from room temperature o 900K al £=1x10 s”] in vacuum to
investigate deformation characterisiics [59). The stress peak was observed a1 about 675K(402°C),
which is lower than (ha in the preceding work and is again associated with the transition from
<] 11> to <100 slip.

Klein and Baker have studied the Boron effect on the temperature dependence of the flow and
fracture of Fe-45Al alloy[16). The experiment was cammied oul in vacunm 10 avoid any
environmental effect an the ductility. The flow siress of Fe-45A1 and Fe-45A1-0.05B over the
temperature range from room temperature 1o 1000°C was compared to reveal the difference of
behaviour of unalloyed and B doped alloys. The result showed that the addition of ¢.05 at.% B
raised (he peak temperature from 675K to BOOK and the yield stress was retained af relatively high
{evels until 200K by this addition.

Recemu studies on B2 Fe-40Al allays have mvestigated the stress anomaly and the slip systems in
detail by both slip trace analysis and TEM observations[61-54, 87). The slip directions were
identified to be dominantly <111> at low temperamres (below the stress peak temperature} and
<100> at high temperatures by clip uace observation{6l, §3]. Stress peak temperatures were
estimated as being between 823 10 873K for most crystal ovientations. Some interesting features
were noted in the study: i) the slip systems ot low temperature were not uniquely <l(1>, and
<100 slip was also observed; i} below the peak temperature, even as low as room emperature,
the yield stress hardly depends on (ke applied sirain rate, indicating that the motion of <{11>
dislocations has very small strain rate sensitivily in this temperature range. On the other hand, there
is a strong strain rate dependence at the peak 1emperature and above, indicating that the motion of
<100> dislocations is strongly rate sensitive; iii) the stress peak lemperature comesponds to non-
<1115 slip systems. Dislocation examination on the same alloy shows that the dislocation structure
is characierised by long straight screw dislocations and dislocation dipoles with wavy, imegular
shapes and non-screw components at low temperatures. In the temperature tegime where the stress
begins (o increase, <I11> dislocations moving on the (101} plane stray to other planes non-
conservatively by climbing. Near stress peak temperatures, bundles of tangled [010] dislocations
were identified 1ying along |100] direction. A detailed dislocation analysis of a B2-type Fe40Al
single crystal compressed along a direction near {001] shows that the deformation by <111
superdislocattons at low temperature is made more difficult near the siress peak { 525°C) as the
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dislocations react to produce short, essentially immobile <100> segments and as odge
superdislocations decompose to <00 and <110 dislocations, poorly mobile at such
emperatures[64]. AL temperatures immediately above the stress peak <I100> and <HiOs
dislocations move, while at higher temperatures <100 dislocations alone ensure deformation. The
thermal activation of glide and the limited possibilities for dislocation pinring through interactions
and reactions as deformation occurs by <100 dislocations are responsible for the flow stress fall.
The predominance of <100> distocations at high temperatures was confirmed by an analysis of a
large oumber of dislocations in 5 B2 ordered Fe~tlAK2Cr alloy deformed at 300°C and
1000°C[87].

Different results of dislocation examination have been noted in a few studies[B0, 88]. Feng and
Sadananda cxamined the dislocation configuration in an Fe-47.5A1 alloy extruded at 1500K[R8).
The <§11>{011} dislocations and three types of <)00> dislocations—<|00>{001}, <i00>[011)
and zigzagged <00 dislocations helical segments were observed. The emission of <111>
distocations from Fe-Al-Ti precipitates was examined. One possibility of the source of <100
dislocations is the <111» decompasition: a[114]—a[1001+af010}+a[001]. They proposed that the
formation of <100> helical dislocations is due 1o the excess of vacancies and elimb of dislocations
at high temperaiure with also a certain amount of glide. The dislocations with <100> Burgers
vector art unlikely to glide on {001} planes because of the necessary splitting of the cores along
<111 > directions which arc out of this shp planc. On the other hand, <300 dislocations can easily
glide on {011} planes since the spliting along <) 11> is in this plane. The splitting is: a[100)—
af2[111]+a/2[111] which is not favourable on the basis of the s criteria, but should sill ocour in
B2 zalloy, at leasi in the core region. in order 10 accommodate the atomic displacement and the
antiphase boundary energy. The dislocation examination in a recent study on a FeAl type alloy
deformed a1 925K demonstrates that all the dislocations are <1115 type{30].

Many of the slip trace observations and dislocation analyses confirmed that below the stress peak
temperature, [112} glide planes of <1 1> dislocations are preferred at lower temperatures but not
50 a5 the temperature increases, where [110] planes are prefersed. This is supported by a study on
the slip system of a B2 FeAl alloy on the basis of the anisotropic elastic coupling effect of non-glide
stresses, showing that the active slip plane in FeAl at low temperature is {112 ) type [89).

In summary of the stress anomaly and slip systems in B2 ordered FeAl alloys, the operation of
<1 Ha{110) and <131>{112} slip systems at jow temipecature has been confirmed by all the
studies by both slip trace analysis and dislocation examination. Most studies have confirmed that
the slipsystems operating at high temperature are <100>{00J) and<100>{011). Such a slip
transition cormelates with the stress incsease and the stress peak. A few investipations, however,
have shown <1t1> with no transition of sfip direction at the high temperatures,
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In addition. a posiive tempernture dependence of yiedd stress was also noted in some other ordered
materials such as NisAl B-brass, etc. and the causes responsible for such stress increase were
investigated{66. 68, 6%, 50]. A model for the siress anomaly in these alloy was proposed and will
be discussed in section 2.6.5.

2.6.4. Influence of strain rate on flow stress of Fe-Al alloys

Stress anomaly, especially the stress peak temperature[917 and magnitude {61, 67]). are closely
relared to the strain rate applied. Li and Baker{67] have investigated the strain rue effect on the
yicld stress anomaly in Fe-40Al alloy by compression testing carried out at strain rates of
1x10°s™ to 1x10™ 5"'and showed that both the pezk temperature and the peak stress were shifted
to higher values at higher strain rates. Similar results were also noted in a Fe-39.5Al alloy
compressed at strain ratc of about 10¥ s 10107 6. The siress peak temperaiure rose from 820 o
870K and the peak stress valee increased frgm 275 o 330MPa when the sirain rate changed from
the low to the high vatue. On the other hand, a study of the influence of strain rute on the yield
stress and stress anomaly in an alloy based on FeyAl shows that the stress peak shilted to higher
temperatures, while the peak stress magnitwde stayed nearly unchanged as the sirain mate
increases(91].

2.6.5. A review of proposed mechanisms for the siress anomaly

Vartous mechanisms for the stress anomaly in different alloys were proposed by many researchers
and summarised in some review papers[65, 92]. What is essential to these mechanisms is
explaining the sress increase before the stress peak followed by the stress fall. Some proposed
mechanisms are highlighted as fellows:

i) Cross-slip pinning model[72]: <1k1> seperdislocations are supposed (o cioss-slip from the
{110} 1o the {112} planes and the cross-slipped segments act as dragging points for the motion of
the screw dislocations. Since cross-slip is a thermallty activated process, the density of such cross-
slipped sepments presumably increases with increasing temperature, leading then to the siress
increase.

i) Dislocation transition from low to high \emperatures[70, 93]: It is believed that the lower
strength at low lemperature is associated with the easy glide of superdislocations and at high
temperatures, associated with easy glide of single dislocations in the disordered state, while at a
certain infermediate siete, deformation will be difficult. This modet can be related to the siress
anomaly in FeyAl alley, where four-fold superdislocations exist in the well-ordered DX state at
low lemperature and 2-partial dislocations in B2 or poorly-ordered DX siate at high temperature,
and the stress peak is present at temperatures near 530°C where the I¥); to B2 transition takes
place.
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iii) Climb locking of superdislocations[54, 81, 94-97]: Stress anamaly in FesAl has been well
explained by climb locking of <11 1> superdislocations[56, 817 proposed initially by Saka and co-
workers to explain the stress anomaly in B-brass. An low temperalurcs, ihe vield siress decreases
with the increase of deformation emperature due 1o 1he easy glide of <111> dislocitions and the
decreasing Peierls force with temperalure. In the intesnediale lemperalure range where the yield
stress begins lo increase climbing of 1/2<111> partials occurs, leading to dislocation scgments
lying in the climbed sessile configuration. Since the climbing is conlrolled by dilfusion, raising the
tempcralure i5 expected 1o accelerale the climbing process, lhus more segments lying in climb
locking configorations can be expected. This iheory is supported by Lhe siudy on the influence of
strain rate on the stress anomaly m Fe-Al alloys, where both the sieess anomaly and the siress peak
were shifted 10 higher Lemperﬁtme al high strain rate, Since diffusion is a thermally activated
process, climb locking docsn't have enough time 1o occur al high sirain rate and thus a higher
iemperature 5 needed for the siress anomaly and stress peak lo appear. Above the peak
temperaures, <100> perfect dislocations will lead to easy deformation, resulting in a stress fall.

iv) Decomposition of <11 1> superdislocation 1o <100> and <0l 1> [59, 61) : This theory is bascd
on \he faci that the onset of the stress anomaly corresponds 1o the appearance of <[00 dislocations
in Fe-Al alloys, which were thooght to result from the decomposition of <111> dislocations, Such
resuliant <100 and <011> distocation segments act as pinning points against further <11 1> slip.
The frequency of appearance of these pinning points is assumed 1o increase with temperature since
decomposition becomes more likely al higher temperature, leading to an increase in strength with
increasing temperatre.

v) Core structure of dislocations[6]: The stress anomaly in some B2 ordered materials was
associated with the asymmetric, non-compact core struciure of <100> dislocations. i was
suggested that the core configuration of the <100> dislocation becomes sessile with the help of
lempetature and applied stress, and thereby results in the increased flow stress and the orientation
anisotropy at intermediate temperatures. However, the stress fall above the stress peak lemperature
was not explained by this theory.

vi) Vacancy hardening[20, 927 The basic idea behind this theory, proposed recently by Carleton
and corroborated by George and Baker, is that the strength anomaly is observed only in well
anncaled Fe-Al alloys in which the vacancy concentration is previously minimised by annealing at
Jow temperaure for a long time. New thermal vacancies are generated due to the new thermal
equilibrium prior 1o festing the well annealed maiemials at elevated temperatures and the
concentralion of these newly generated vacancies is expecied to increase with increasing the
deformation temperature, Thus the strength in the imermediaie temperature range (higher vacancy
concentralien) s expected 10 be higher ihan al low temperature (low vacancy concentration) if the
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vacancies ar¢ considercd to be the pinming points of mobile dislocations, by a solid-solution
hardening mechanism. The vacancy hardening proposed reeently by George and Baker is

- Ao=ICyexpt-BATN L L 23)
where Ag is the stress increase doe to vacancy hardening, C', is the modified pre-exponential
factor, E; is the formation enthalpy of & vacancy. However, some aspects remain that reqoire
further examination, e.g. the stress foll at elevated temperature where a high concentration of
vacancies is cxpected[65].

2.7. Idca, approaches and methods of investigation In the present study

The results of all the previous studies about the slip systems in both FeyAl and FeAl type alloys
dcformed at low temperatures were consistent, showing <111 slip directions: confirmed by slip
e abservation, diglocation analysis, texture examination and deformation texture simulation.
Heawever, the inconsistency in the slip systems at high tempemtures in Fe;Al and FeAl was noted
in different studies. Particolarly for B2 ordered FeAl, <11 1= slip at low temperature and <100> at
high temperature during defonmation were confirmed by neardy all the previons literatares except a
few recent investigations by texture simulation and dislecation observation, indicating that
deflormation is controlled by <111 slip at both low and at high temperatures,

The previous studies on the stress anomaly and slip systems in FeAl alloy were conducted using
either slip trace examination, or dislocation analysis, or deformation texture deformation together
with the measurermeni of mechanical propenties. If a study was carried out using as many methods
as possible for a certain alloy, more information conld be available and the correlation of the resnlis
obtained by different ways woold make the results and analysis more convincing,

The intention here is to examinge the slip systems operating over the anomalous stress peak in a B2
ordered FeAl alloy by combined studies of microdeformation by dislocation analyses and
macrodeformation by 1exture analysis. Based on the above oulline, the following considerations are
necessary fo ensure more eonvincing results: i) deformation over a wide temperature range where
the presumed stress anomaly takes place; i) fairly Jarpe deformation to ensure the development of
deformation textures for the convenience of x-ray diffraction but not too large to render TEM
observation cxcessively difficult; iii) high strain rate is of praciical relevance with respect fo the
commercial fabrication of final products by forging, rolling etc{these procedures are usually
conducted at high strain rate[34]). In addition, the high strain rate enables deformation o be
performed in a very short (ime so that there is little time for recovery or recrystallization (thermally
activated process) o modify dislocation structures during deformaion: iv) rapid cooling after
deformation to retain the deformed microstructure to room temperatore, becanse the rearrangement
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of the dislocations takes place very quickly at high wmperaure[98, 98] v) measurement of
mechanical properties which wil{ be associated with the dislocation process.

In the present study, forging experiments were conducted from 400°C to 1000°C at a strain rate of
apout 'l s~ The deformation strain was desipned to be 459 height reduction to ensure the
development of textures at high temperatures, while it was 25% for forging ot low tempertures
because of the relatively low ductility of the materials at high strain cates. The mechanical behaviour
during forging a( various temperatures was monitored and the mechanical properties such as yield
stress, maximum stress as well as waork hardening rate were obtained and were correlated to the

deformation mechanisms.

Deformed microstructures were examined by both optical microscopy and SEM to evaluate the
extent of recovery and recystallization as well as grain refinement of the materials forged at different
temperaiures and aftes heat treatment. Further, the fraction of recrystallized area was correlated to
the forging texture abtained by x-ray diffraction examination to distinguish deformation texture and
recrystallization texture, and hence, to help explain the deformation systems.

The areas examined by TEM are vsvally limited to the order of 1um or less in diameter such thal the
TEM analysis of only a few areas is only poorly representative of a deformed specimen. Therefore
several thin foils were prepared here and numercus fields were analysed for each condition so that
the results are more representative. In additon, a large number of dislocations in each field was
analysed such that the typiéal behaviour of this farge quantity of dislocations is truly representative
of each forged condition. The Schmid factor of each distocation and slip system was analysed 1o
assess the likely mability of each type of dislocation and its importance during deformation[63,
100].
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Experimental details



3. Experimental details

1.1. Experimental material

The alloy employed in this work had the composition Fe-41AI1-2Cr (atomic percent). The matesial
was supplied as a cast and forged pancake abowt 20mm thick and 10cm in diameter, This alloy
exhibils B2 structure over all the iemperature range 3s indicated in the preceding chaptet.

The spark discharge method was used 1o cut the originally forged ingot into small pieces which
were then annealed 1 1000°CH h+700°CA 1-600°Cr L b+500°C/24h followed by furmace cooling to
room femperature in an Argon protecied furpace as sbown in figure 3-1. This annealing procedurne
was used to remove any mechanical damage doe to cutting or prior deformation, and to ensure 1he
removal of most of the high 1emperature vacancies.

1060°C Argon protected (ube furnace

1h

g T00°C

[-1]

5 1h 600°C 500°C 1 24h

§ . #

o

8

3]
Hesating rate: Furnace cooled to
15°C/min room ternperatore

Soaking time (hour)

Fig. 3-1 Heat trearment scheme of blanks for forging samples

In this case, the annealed specimen contains very few defects such as disbocations or vacancies.
Finally the cylinders were machined to 15mm in height and 10 mm in diameter and the sample ends
were mechanically polished flat and perpendicular to the cylinder axis.

3.2. Forging experiments

The following aspects are important for forging experiments: i) deformation camied out over a wide
temperature range to examine the role of changing deformation mechanism during this remperature
range; i) sofficiem deformation 10 ensure & well developed forging wxture: iy st lower
temperatures, he deformation should not be so [arge that ir will result in cracks duning forging, iv)
it is mecessary 10 control the loading rate for forging so that the strain rate 1% 1he same for forging at
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the variows tempersures (AL elevated temperature, the deformation resistance is fower than (ha &t
lower temperature, and the swain e is not constant for the forging machine used when (he
deformation resistance varies greatly); v) the forged samples should be guenched as fast as possible
to minimise the effect of recovery and recrystallization on the change of dislocation canfiguration,
thus the microstructure and the dislocaiions examined are really those present at high temperature.

For the abservation of dislocations, a karge deformation makes analysis difficult in view of the
extremely high dislecation density and it is not pessible to distinguish individual dislocations in
different phoias obtained using various diffraction vectors afier lilting. Thercfore, a small sirain of
5% was performed when forging at 400°C and 500°C.
Based on ihe above viewpaints, the Tollowing forging schedule was desigoed, as shown in table
3-1.

Table 3-1 Forging schedule and post heal treatment

No Forging Deformation Cooling condition Post forging
temperatre, °C %o heat reatment
1 400Q-1* 5 rapid quenched
2 400Q-2 25 rapid quenched
a 500Q-1 5 rapid quenched
4 500Q-2 25 rapid quenched
5 500Q-2+A annealed
6 6000 25 rapid quenched
7 600Q+A annealed
8 700D 45 topid quenched
9 800Q 45 rapid quenched
10 B8D0Q+A annealed
11 Q00Q-1 25 rapid quenched
12 2000-2 45 rapid quenched
=13 9000Q-3 70 rapid quenched
-14 9005Q 45 slow quenched
15 00SQ+A anocaled
16 10000 .45 rapid quenched

* Note: rapid quenched, SQ-slow guenchad, A-anneal

As discussed in the preceding chapter, the stress anomaly appears in the temperature range of about
0.4.0:45 T, for this alley, say 500-700°C depending on the sirain rate, so the forging experiments
wene cartied aut_ at 400°C, SO0PC, 600°C, 700°C, 800°C, 900°C and 1000°C (o ensure covering the
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emperaiure range of the stress anomaly. 11 is evidant that the ductility decreases with decreasing
temperature, such 1hat deformation at 400°C, 500°C and G00°C was limited to 25% at which the
samples did nol crack aler foiging and the delormation lexture was sufficiently developed.
Differemt deformations (25%. 45% and 75%) were designied for the forging a1 900°C o examine
the cffect of deformation an the fimal structure and forging textures. A specimen forged at 900°C
was held for abont 5 seconds before guenching to assess the Kinetics of structural changes after
deformation and 1o investigale the effect of Ihis time interval on the change of deformation texiure.

The post-forging heal treatment was given 1o the samples forged at 800°C and 900°C to examine the
difference between forged stawe and annealed siate, i.e. the difference between actual defermation
textune anel reerystallization texiore, which is extremely important 10 help explain the real
deformation texture and | hence, the slip system al different (emperatures, The anncaling parameter
is as follows:

800°C/ 10min + quenching
realised using an Argon protected vertical tube quenching fumace.
It is important to pote that the rapid cooling following forging is of great imponiance to keep the
deformed microsicuciure unchanged from high emperature 10 room @mperaime. For Fe-Al alloys,
the recovery and recrystallization fake place mpidly st clevated temperatures[98, 99] after
deformation if a forged picce is not cooled as quickly as possible, such that it is very difficult 10
obtain information of the real structure at high temperature. As such the resulis of lexture sludies
and the analyses of the dislocations may not correspond (o the deformed condition. On the other
hand, the temperature of the pre-heated forging eylinder decrcases when il is taken oul of the
heating furnace before forging. It is necessary to take measures to limit this termperature fall. For
these purposes, a forging system was designed as shown in figure 3-2,

In the present experiments, two blocks Al and A2 made of WC smeared with solid lubricam were
preheated to the forging temperature, The two ends of the forging sample were also smeared with
lubricant and then the sample was preheated in ancther Argoo protected tube fornace. The size of
these two blocks is so large that the temperature fall in the short Gme between furnzce and the
forging press can be neglected, A water lank was prepared close to the lower cross-head of the
machine so that the forged piece can be quenched very rapidly after forging.

The process of forging was as follows: The first block Al was taken out and put onto the lower
cross-head of the forging eguipment. The preheated specimen, in another furnace, was taken out
and was put onto block Al. The sieel ring {to control the amount of deformation) was pul onto the
first block Al and then the second block A2 was taken oul and put quickly over the specimen,
followed by the compression of upper cross-heed of the Torging machine until the designed
deformalion. As soon as the deformation was finished, the vpper-cross head was raised, block 2
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was moved away and the forged specimen was quickly quenched in the water tank. The forging
and guenching procedore can, on the one hand, reduce riction forces and Kmil the extent of
barreling. while an the ather hand, the forged specimen did not lose uch heat before forging; in
addition the deformed struciure at high temperature was mainfained to room temperature by the fast
quench, It is estimated that the time between the end of farging and quenching was abont onc
second.

The swrain rate of forging was evalnated fo be abont | s which is much higher than that used for
tensile or compression experiments in typical studies investigaling deformiation mechanisms and
mechanical behaviowr,

s
Anather_important aspect &5 1o examine (he mechanical behaviour al (he alloy at dilferent
temperawrcs during deformation. Firstly, the collection of mechanical data can demonstrate the
siress anomaly, and secondly. it is the only way 1a show whether there is dynamic recrystallization

or nol.
upper cross-head
wC
blocks Al
10
ks
[ 1=
Al |
watcr tank
;.# - = T T T lower cross-head

Fig. 3-2 Schematic illustration of forging cxperiments

The mechanical data collection was conducted asing a Lab VIEW data collection sysiem, The force
and displacement of forging were transformed into vohage and then recorded by a computer. True

28



strain-lruc stress curves were obtained by using various processing solt wares based on the
vonstant volume principle. These curves were fitted to the Hollomon equation:
o=ke” @-1)

where o and £ arc true siress and true strain respectively, k is {be work bardening coefficient and o
is the work bardening index. This relation was derived bosed on the principle of wniform
deformalion stage before necking in the tensile experiment. For comprossion tesling, the equation
applies well when the sirain is nol very large { here., the range 0.05-0.1 truc strain was chosen for
curve fitting). Thus valees of k and a were obtained to characterise 1he deformation behaviour o
varigus emperatures.

At the same time, the work bardening rate { slepe of selected section of deformation curve ) was
calculated using the method shown in figure 3-3.

Tl — Sos

0.1 - 0.05

True stress
I

0.08
.1

True strain

Fig, 3-3 Description of calculation of work hardening rate

Such mechanical data as true strain-true stress relation, work hardening cocflicient, work bardening
index as well as work hardening rmale will be analysed and discussed as characterising the

deformation mechanism .

2.3, Optical observation and SEM examination

The specimen for optical microscopy and for SEM was prepared shown  as in figere 3.4, The
cylinders are slightly bamrel shaped afier deformation because of friction between the specimen and
two blocks in spite of the use of solid lubricant. The deformed specimens were cul mid-way
perpendicular to the forging direction. The Imerior surfaces were employed for microscopy



Interior Sorfaces Exierior Surfaces

N

Fig. 34 Forged specimen cut midway for OM and SEM observalion

| |

1]

Fig. 3-3 The cylinder showing the deformed (shaded area)
and less deformed (open area) regions
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cbservation and X-ray examination because the exterior surfaces were [ess deformed duning
forging shown in figure 3-5. Two ends of the cylinder were less deformed while the interior pant
{tross-hatched part) was deformed uniformly so that this purt can represent the real deformed
condilion,

The inferior surfaces were mechanically polished and then etched in a solution of 12ml HCI, 6ml
HNO3. 7 ml HF. 80ml H50 for optical microscopy. The samples for SEM and X-ray diffraction

were mechanically polished followed by electrolytic polishing in a solution: 33% HNO4, 67%
methanol, operated at 5°C, 15V, 4xIs. Optical microscopy was carried out on a POLYVAR
instrument equipped with a video on which the analysis of criginal grain size before forging and
the recrystallised grain size as well as the reerystallization fraction were performed for comparison
with subsequeat SEM observation camied out in a Cambridge Stereoscan 360 instrument in the
back-scattered electron mode.

3.4. Texture examination by x-ray diffraetion

The x-ray diffraction samples were the same as those used for SEM. Deformation textures
experiments wene camied owt using a Philips MPD 1800 diffractometer operated in the swandard
6724 scanning mode using monochromatic CuKa radiation. The step scanning diffractometer mode
was employed insiead of the traditional pole figure method since this was not available for vse with
the large number of samples studied. Scanning parameters such as shit divergence  and sicp ome
were optimised in order (o limil the data fluctuation. Scanning was curred out over a swlficiently
wide angular range that the 110, 200 and 211 fundamental reflections, as well as the 111
superlattice reflection, were measured. The fundamental 222 reflection could not be delected
because it occures at too high 2 Bragg angle for 1he instroment used. 1n this study, only these four
major plancs, namely, (£0, 11}, 200 and 211 were cxamined.

The specimen was installed in the sample holder, taken out after x-ray diffraction, and then put
again in the sample holder and measured for second time, Each forged cylinder was cut o Iwo
pieces and both of them were examined twice, thus four groups of dala were ohained and finally,
the average of these four measusements was used as the diffraction intensity values. Actually, the
values of these four measuremenis were very close 1o one another.

Tn omder o evaluate the evolution of the Lcxtures from the relative intensity of each peak, it is
nceessary, first of all, w have powder difiraction intensidy values, i.e. coreponding to the non-
texwred condition of the material used based on the diffmction inlensity calculation{ 101}

(3-2)

2
|=|F"|2'P'[ | +cos* 28 ].e.m

sin’ 8- cosf
where [ diffmction imensity
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F: structoral Tactor

P: multiplicity facior
0: diffraction angle
M: iemperature factor,

In this study, the alloy was considered to be in a completely B2 ordered structure. The chemical
composition is 57%Fe. 415%A1, 2%Cr {a. %). In B2 structure. 1wo types of the atom sites A and B
arc occupied by these three kinds of moms as shown in figure 3-6, based on the discussion of site
prefurence of third element in chapter 1:

sile A is occupied by Fe mom(50%Fc)
site B is occupied by ALCr.Fe atoms(41%Al 2%Cr, 7%Fe)

()

Site B occupied by AL Cr and At aloms

Fig. 3-6 Atom distribution in a B2 unitcell of studied alloy

s0 the calenlations for F in equation 3-2 15 as follows:
F=ips 0.82f 4 -0.04f -0.14fg.  odd numbered plane (111)
F=fpat0.821 4 40046 +0. 146, even numbered plane (118, 200, 211)

The calculated intensities of the major planes arc:
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Tahble 3-2 Calenlated diffraciion intensitics
of Fe-41 Al-2Cr

Ly L by Ly
106} 225 15.3 o

Compared with the powder diffraction data of AlFz alloy[102]:
Table 3-3 Powder diffraction values of FeAl

™ Ly Lo b
100 3 14 25

the caleulated intensities of these four major planes of Fe-4lAl-2Cr alloy change very slightly
compared with that of FeAl standard data (due to the composition difference). The calculated resolis
were taken as the refercnce of powder difTraction data or standard data, for the present alloy, that is
to say. the calculated results cepresent the polycrystalline dilfraction results when each plane has the
same probability to diffract , in other words, the fraction of area of each plane on the examined
surface is the samc. Thus the values calculated based on the atom distribution in the B2 unit cell
shown in figure 3-6 will be sed as the reference of randomly distributed polycrystalline.

In deformed samples of the studied alloy, extures are developed and consequently the diffraction
intensitics of these planes change with respect to the standard values shown in table 3-2. For this
purpese, the relative intensity fyp,., was proposed to evaluate deformed textures:

1" [hkt HF T4hkE}
T I [hikiti}/ I(hiidti|
where Ly, is standand diffraction intensities of {bkl) plancs as shown in table 3-2, while I';p,, is
the diffraction inensity of {hk1} planesin a given forged specimen, Dividing this ratio by the sum
of all the relative intensity ratios (the 3; term) ensures thal textures are described as the propertion of
cach planc present. For example, the observed diffraction intensities of 110, 111, 200 and 211 after
forging at 1000°C are as follows:

fihe|= (3-3)

Lo L Ly b
100 14 24 M |

then, the relative intensity of 111 diffraction after forging can be expressed as:
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(3-4)

frum, fizo0) and g ; can be obtained in the same way and the values are 0.1, 0.15 and 0.16
respectively. In fact. the sum of f{(q ¢/ #f; i+ 200+ 21 (= |- The meaning of relative intensity
fipsty 35 the fraction of {hkl} plane on the surface of scanned sample, here, the sample forged =
1000°C, Eppings 1100y f2mmand (2 are 10, 60, 13 and 16 respectively when they are expressed
a3 percentage as will be done in the following chapter, Here, an important poimt 10 note is that only
[110) {111), {200] znd {211]) were studied while tbe other planes e.g. {100}, {210] e, ware
not (aken into account for the conrparison of these reflections. This method provided quantitative
informatian abount the proportion of each type of plime 1o be found in the few degrees around the
forged cylinder axis. Thus, the texture of annealed sample before forging and of the samples forged
al various temperatures will be evaluated by this relative intensity fyy),-

3.5. TEM ohservalion and dlslocation analysls

3.5.1. Thin foil preparalion

Small cylinders, 3 mm in diameter were obtained by spark erosian using a AGIE ELOX MONDG |
equipment amd the thin slices were eut perpendicular to the forging axis by a diamond blade as
shown in figure 3-7 .

3 mm

]

=T Slices for Thin Fails / \Interior Surface

Fig. 3-7 Slices for thin foils preparation

The small shces have not been ground mechanically in order ta avoid deformation introduced
dislocations during grinding but directly twin jet polished using a twin-jet equipment operated at -
10°C. 9%, 175mA, with a solution of 33% HNOy and 679 methanol For cach deformed cylinder,
numerous thin foils were prepared so thal different areas in varjous grains with different
characteristics (crystalline oriemation, variety of dislocations, crystallised or non-crystallised
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£rains, €1¢.) in these thin foils were examined, thus. reasonably good statistical data on distecation
analysis were obtained.

3.5.2. Annalysis of dislocalions

TEM examination and dislocation analysis were carried out using a Philips CM200 instrument
operated at 200kV cquipped with a doubleilt system which allowed (ilting over 245° and £60°
about two onhogonal axes. thas it was possible o examinc several major zone axes for a given area
investigated, ensaring that several independent imaging g vectors were used and stereogmphic
analysis was carried oul over 4 wide angular range, so the direction of dislocation line and
consequently the glide plane of the dislocation were determined. Boght ficld and weak beam
photos wenre taken for the analysis of Burgers vector, line direction, gilde planes as well as Schmid
factor of dislocation, The Burgers vector was determined based on the principle of invisibility and
according to g:b=0 or g'h=0 when the diffraction vector changes [103] and the glide planc was
determined from the dislocatton direction and the Burgers vector. In fact, there exist residual
contrast for <100> dislocations even when g-h=0 due 1o sirong g-baU=0 or due lo anisotropic
clasticity effects[64]. The determination of glide plane was not possible when straight screw
dislocations were examined.

31.53. Orienlation of analysed grain { subgrain) and Schmid faclor of dislocatinn
with respect (o compression axis

The orientalion of analysed grain was determined vsing diffraction patiens and Kikunchi lines.
Diffraction patiens were identified when the double th angles A and B were ncar z¢ro and then
slight tilting was performed in order (o place the Kikuchi lines corresponding to the given zone axis
symmetrically about the transmission spol and the angles of double filt A and B recorded. The
diffraction patterns (zones) observed were usually (111). (001}, (110), (t12), (212), (331) and
occasionally (515) and the double Bt angles A and B were small (typically below 3°). Thus these
zome axes were considered 10 be the forging axis of the observed area. As soon as the Burgers
vector, glide plane and orentation of analysed grain ( subgrain ) were determined, the Schmid
factor of cach dislocation was calculated hased on[1033:

Uz + ¥yvgy +Wywy ) I.l|h+\’|k+wll
JuF +v2 +W|2-Jl.lgz + gl +wy? Julz +v? +w12\(h2+k2 +12

m=cos-cosf =

{(3-3)
where o the angle between the oricntation of analysed grain and the Burgers vector
P: the angle between the orientation of analysed grain and the normal of glide plane
[u; ¥, w,]: orientation of analysed grain
[uz va w]: index of Burpers vector
th k1 ). index of glide plane
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A high value of Schmid {actor m indicates ihat the combination of Burgers vector, glide plane and
crystalline arenlation s Tavourable Lo the movement of e dislocation in the given condition while
a low m is not favourable to glide. In the present study. the m=(.15 are considered Jow Schmid
faciar, the m=0,15-0.32 are considered inteemediate Schmid factor and the mz0.33 are considered
high Schmid factor (the cube slip on (001} planes has a valpe of Schmid factor m=0.33 when the
crystallographic oriemation of analysed grmin or deformed subgrain is near [!11] direction),
Statistical analysis of three types of dislocations <100, <1 1d> and <111> was conducted to
determine their relative Trequency, mobility according ta the m value, and the glide plane. in order
to examine the dominant skp systems.

In the present investigation, a targe number of dislecatians was analysed for 400°C, S00°C, 800°C
and 1000°C forged samples, in reference to previons studies which snggested that the transition
tcmpcratﬁre. of Burgers from <100 to <] 1 13> is about S00-600°C. For ¢ach forged sample. several
thin foils were prepared and examined by TEM and for each thin foil, different areas were studied,
Thus. for each forging condilion, a large number of dislocations in different thin foils and o
different areas with grains or subgrains in various orentations was analysed, ensuring that 2 geod
deseription of the deformed statc was obldined.
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4, Experimental results

The experimental resulis of the present work inclode: i) mochanical bebavieur at high strain rate.
karge dcformation and at varions forging temperatures; ii) global microstructural examination; ii)
deformation texture and recrystaflization texture and vi) dislocation analysis.

4.1. Mechanical hehavicur during forging
The true sircss-trug sirain curves were abtained based on

e=tn(1+¢) 4-1)
where € is the rac strain and € s the engineering strain,
Al the same time, averape strain rate was calealated based on:

£=2vi(h;+hp) 42
where v is the upper cross-head speed of the forging equipment, b; and h; ar initial height and final
height of the eylinder before and after forging.

The true strain-true stress corves forged at 400°C, 500°C, 600°C. 700°C, 800°C. 500°C and t000PC
are shown in fig. 4-1 — fig. 4-8 respectively. Average strain rate is indicaied in these figores. The
strain rate was well controlled o be 1 5™ except that for farging at $00°C (25% reduction in height)
and at FOD0PC because of lower deformation resistance (fig, 4-6, fig. 4-8) and that for forging a1
S00°C (70% in height reduction) in fig. 4-7 for both the lower deformalion resistance and larger
strain, hence, smaller hy (final height of deformed cylinder) indicated in equation 4-2,

These figures show a typical polycrystalline strain-stress response, while the forms change as a
furetion of deformation temperature. The true strain-grue stress curve obtained from forging a
400°C (fig. 4-1) shows a low yield stress (here the stress was measured at 8.2% plastic strain) but
a very high maximom stength and a very large work hardening section in which the true steess
spang from gbout 260MPa to about 15D0MPa in the range of true sirzin 0.002-0.33. The
deformation behaviour at 300°C (fig. 4-2) is similar to that of 400°C bat it exhibits a lower
maximurn stress and a slightly higher yicld point, besides, the work hardening section is redaced 10
a scope of 300-1200 MPa in true stress and 0.002-0.21 in true strain. For the sfrain-stress curve
oblained by forging a1 600°C shown in fig. 4-3, an obvions change compared with that of forging
at 400° nnd S00°C is the increase of Gy ;. which is about 450 MPa, and at the same time, the
maximum strenpth also decrcases 10 aboat 925 MPa and the work hardening range is nanowed 1o
0.002-0.2] in true strain. The true strain-lrue stress curve for the forging at 700°C is similar 1o that
of forging at 600°C, but the maximum strength reduced 10 726MPa at (.21 in true strain as shown
in fg. 4-4.

The distinct changes in true strain-true stress curve were noted in the forging experiments a1 800°C
and at 900°C for both 25% and 75% deformations shown in fig. 4-5—4-T respectively, The
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imporant featore nf these three figures is the increased yield stiresses, low maximom stresses, and
narrowed work hardening ranges (0.002-0.17 in tree strain for 800°C forging. 0.002-0.13 in true
strain for 800°C forging) and in (rue stress ranges (556-620MPa for 800°C forging, 550-570MPa
for 900°C forging). The slope of the hardening siage 15 sather low. Ancther pronounced feavure of
these thice curves is the evident sofiening phenomenon afier maximum strength, sugpesting
recovery and recrysfallization at such a high deformation temperature and large strain. This is
especially true in fig. 4-7, where large deformation of 75% (abont 1.4 in troe sirain) resulied in
dynaraic recovery and dynami¢ recrystallization followed by a drop of stress.

True sirin-true stress curve of forging at 1000°C (fig. 4-8) was obtained wsing only a X-Y
recorder t¢ measure force and displacement and true stress and true strain caleulated manuoally based
an (he constant volume principle and the Hollomon cquaton o=ke™ {the Lah View system failed to
collect [orce-displacement data during this forging). The present curve can represent the
deformalign behavigur at 1000°C forging and #1 is characterised by a low yicld point {below about
320 MPa) and again 2 narrowed work hardening range (0.002-0.14 in true siraip, 325-368MPa in
true strezs). For this test, the imprecisions inberent in the X-Y recording sysiem mean that the
elastic strain region and the yield siress value arc not welt defined. Both the yield poiat and the
maximum stress are mueh lower than that of the materials forged at 300°C and 900°C. An evident
drop of truc stress after maximom stress indicates also dymamic recovery and  dynamic
recrystallization a such a high lemperature.

1754

1500 =

1254

True stress (MPa)
=
=
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L

Forged at 400°C

25014 Average sirain rater 1 s
L T T T
o w. i .2 9.3 0.4
True strain

Fig. 4-1 True stroin-true siress curve of forging ac 400°C showing a low yield
point, a high maximum stress and a large range of work hardening
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Fig. 4 -2 True sirain-lrue siress curve of forging at 300°C showing o low yield
point, a high maximum stress ond a large range of work hardening
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Fig, 4-3 True strain-true stress curve of forging at 600°C showing an increased yicld
point, lower maximum stress and an intermediate range of work hardening
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Fig. 4-4 True stress-tree strzin relation upon forging u 700°C showing higher
yield point, lower maximum stress and smaller range of work hardening
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Fig. 4-5 True strain-true stress of 8X)°C lorged material showing a high yield
point, o low maximum stress and a small range of work hardening
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Fip. 47 True strain-true siress cnrve forged at $00°C with the deformation of
75% showing a high yield point, a high maximum stress and a small
range of work hardening

41



Aan

LI
£
2
A
¥ 2u0
i
2
& Forged at 1000°C
1ia4 Average strain rate: 1.2 57!
0 T | e ma—

0 B0 0.2 B3 0.4 U5 0,6 #,7
True straln

Fig. 4-8 True sirain-true stress curve of forging at 1000°C showing a low
yield point, a low maximum stress and almost no work hardening

In order o examine the change of flow siress as a funclion of forging lemperature, the vield values
and lhe maximuom stress were measured for the curves shown above and listed in table 4-1. A o, ,
—temperature curve was drawn and shown in fig. 4-9 togethcr with a comparison with the
compression results obtained at low strain rate (ax10™ 5", provided by D.G Marris ) for the
purpose of examining the effect of strain mie on the flow stress and on the shift of anomalous
stress peak temperature. Since forging experiments  were very difficult at low temperature for the
present alloy at high strain rate due 1o the poor ductility, the forging data below 400°C were nat
available and are indicated by a dashed Jine in the forging results curve,

Table 4.1 Yield stress and ultimate siress at various forging 1emperalures

Forging temperature [*C) Yield stress (Wa) Maximum {MPa}
LIV 264 1460
500 323 1185
600 428 L
T 45 116
500 356 620
- 900 k73 07
| 1 T — T
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A yield stress peak appears in both corves as expected. The compresston results at low swrain rate
show That the flow stress peak occurs at about 500°C with the stress dropping suddenly to a low
value equivalent 1o that at room temperature when the temperature rises 1o 550°C. In addition, the
flow stress at 400°C is comparable o that of $50°C. It is clear that the stress peak i3 confined in a
namow temperature range, namely, 100°C, Forging resulis show some different features compared
with the compression curve in view of siress peak temperature and the temperature Span of this
stress peak. High strain rawe has shifted the peak stress temperature to about 3G0°C and the slope of
this curve from 400°C to B00°C is more genltle than that of the slow compression curve. The values
of the anomalous peak stress are nearly the same for these two case (S60MPa for compression al
500°C and 550MPa for forging at 800°C ). The peak stress at high strain rate does not exceed that at
low strain rate in divergence, to some extent, with the results in the literature.

The dependence of maxiinum stress on (emperature is shown ia fig. 4-10, indicating that the
maximum stress decreases monotonically with increasing temperature over the whole temperature
range.
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Fig. 4-9 Flow stress as funcion of deformation temperature at high and at
low strain rate {the datum for forging at 1000°C was measured at 1% sirain
in absence of precise data at 0.29 plastic strin )

Curve fitting 10 true stress-true strain curve based on c=ke" (Hollomon equation) was conducted
and the work hardening index and work hardening coefficient were obiained in order to define the
work hardening characteristics of forging at various temperaiures. At the same time, the work
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hardening raie was akso calcutated. An example of such a fitted curve is shown in fig. 4-11, The
Hollomon expression fits very well 10 present true strain-ieue stress curves a8 indicated by r values
in the selected strain regime. The n and k obuined by such a regression method are shown in fig,
4-12 as a funciion of forging temperainre. Work hardening rate 8 calculated in the range of 0.05-
0.1 true strain is shown in fig, 4-13.

1t is obvious that n, k and & have a similar trend with change of forging temperature. They exhibit
very high values at 400°C where strong work hardening occurred, where an o value as high as 0.66
was determined and 8 reaches 5900 MPa per unil strain. In addition, this work hardening tock
place over & wide range of sirain, see fig. 4-1. At 500°C, these three parameters decrease but not
oo much and the work hardening range in true stcain also diminished. If we consider these work
hardening parameters at 500°C, the drop is evident especially the valve of k and B. At temperature
a3 high as 300°C. 1, k and also 8 fall so much that they are one order lower in magnitude than that
of 400°C.
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4.2. Optical observation and SEM examination

In this section, the original state of the material tesred was observed and the grain size, deformation
structure as well as recrystallization fraction of forged samples and forged+annealed structures of
different samples were examined.

The anncaled microstructure of inidal matedal before deformation was examincd by optical
microscopy and is shown in fig. 4-14. Annealing wreatment resulted in a single phase, equi-axed
and uniform polycrystalline structore with grain size of the order of 0.5-1 mm on which there are
many small chemical atiack pits.

The deformation stecture after forging at S00PC followed by rapid quench is shown in fig. 4-15
(a) and (b). Some cracks were observed, indicating that the material does aot exhibit very high
ductility upon forging ai such a high strain rate and relatively low temperatore. Both intergranular
and transgranular cracks were seen. The forging axis is normal o the viewing pline, so the
microstructunes did not appear scriously ¢longated or pancake shaped. The deformation fook place
but not uniformly in all the original grains as shown in fig. 4-15 (a). Severe deformation occurred
in some grains, for instance, in A and B due to their lavourable orentarion with respect 10 the
toading axis and a large number af deformation bands are distributed throughout the entire grain. In
contrast, other gmins were Jess deformed. The deformation bands in grain B are shown more
clearly in fig. 4-13 (b) with a higher magnification. These deformation bands are nearly parallel and
uniformly dispetsed, which sugpests the operation of the same slip systems.





















The annealed microstructure of the B0°C forged sample is shown in fig. 4-19 and the annealing
treatment leads to enormous change from the highly deformed structure. The fraction of equiaxed
area was about 90% with grain size about 20pm, which are much larger than the deformed, non-
annealed ones in fig. 4-18. At the right-up side is a less deformed initial grain in which deformation

bands, subgrains and some equiaxed grains coexist.

The deformed structure upon forging at 900°C (45% deformation) and rapid quenching is shown in
fig. 4-20. The higher forging temperature leads to gradually larger amounts of equiaxed
recrystallized fraction, with the grain size also being larger. Beside the recrystallized part, recovery
happened evidently within the unrecrysiallized regions. The grain size and equiaxed fraction in this
ar¢a were estimated as being 8 pm and 35% respectively.

Fig. 421  900°C Forged and slow quenched microstructure

( about 5 seconds after forging before quenching )

In order to consider the effect of delay ( after forging before quenching ) on the evolution of the
highly deformed structure at high temperature, forging at 900°C (45% deformation) and delayed
quenching (a 5 second interval before water quenching) was conducted and the final structure is
shown in fig. 4-21. Such a short interval resulted in a distinet change compared with that of forged
and rapid quenched condition. Recrystallization fraction is as high as 70% and the equiaxed grain

size reached about 10um. In addition, these recrystallized grains are not umform in size from place
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The forging 10 70% deformation m 900°C followed by rapid quenching caused cnoimous
recrystallization {abowt 80%). indicating that the higher deformation Favours very much the
dynamic teerysiallization during high sirain rae deformation al high {emperature. leading 10
significant softening shown by the drop of 1the flow siress in fig. 4-7.

The microstruciures deformed at 1000°C are similar 10 that of the sanple deformed at 800°C and
that of 900PC. The major difference is that the recrystallized grain fraction increased and the
recrystallized prain size is larger (about 50% and | 5pm respectively).

In summaty of the deformed microsiructures ol varigus lemperatures, both the recrysiallized grain
size¢ and the recrystallization fraction increase with the increment of forging lemperature. The
change of recrystallized framiion as well as the grain size a5 & Tunclion of forging rcmperature and
heat treatment is shown in table 4-2 and the data are plotted graphically in fig. 4-23. At lower
temperatures and smaller deformation strains (below 600°C and 25% in height reduction), recovery
and recrystallization were rarely seen, Larger deformation at higher iemperaiure { forging ar 900°C
for 75% in height reduction ] leads to significant recrysiallization . A very short holding time (about
5 seconds) after forging at high temperature (900°C) resulted in 2 much higher recrystalbzation
fraction than for the rapidly quenched sample, 1t can be seen that the proporiion of rocrystallization
is even higher than that of the sample forged a1 1000°C and the recrystallized grain size is as large
as that of the sample forged at 1000PC, 10 minutes anneal at B00°C largely enhanced the exiend of
recrystallization and the grain growth, and consequenily promoted homogenisation of the deformed
structure.

Table 4-2 Recrystallized grain size and recrystallized fraction vnder differen
firgi_ng_ (45% deformation) and heat treatmem conditions

Matenial state Recrystallized grain size (Lm) Recrystallized fraction (%)
8000 5 15
BOOQ+A 20 9}
900¢} 8 35
9005SQ 12 70
S00SQ4-A 15 9}
10000 15 50

Note: Q-rapid qucnehed, SQJ-slow quenched, A-anncal at B00°C for 1 minutes
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4.3, Deformaiion fexture and recrysiallization {exture

The Deformation texture and recrysiallization 1exture will be examined qualitatively based on x-ray
spectra and quantitttively based on the relative peak intensities as discussed in chaprer 3. X-ray
diffraction spectra were oblained on tramsverse seclion perpendicular to forging axis, scanning over
the angular range (28) of 25 to 100P where some major peaks were detected, including some
superlattice reflections doe to B2 ordered state.

X-ray spectra of several forged and anncaled samples will be presented below. A summary of the
texture data is provided later in table 4-3 and fig. 4-28. The specira of annealed sample before
forging and the sample forged at 400°C are shown in fig. 4-24 (a) and (b). In fig. 424 (a), 110
peak displays a very strong intensity while the other peaks have weak intensities especially that of
111. The relative imensity of 110, 111, 200 as well a5 211 reflections were caleutaled based on the
intensity of the peaks using the method described in the preceding chapler, thus representing the
percentage of each of these four groups of planc parzlle] to the surface. Theoretically, they should
have the same percentage (25%) but here, they exhibit some difference doe to inhomogeneity of
structure {texture) caused by the casting, forging and annealing history, thus the relative intensities
of these four reflections are not the same from the powder diffraction results. Thus, 111 and 200
have nearly the expected values and only 110 has a larger valuz and 211 has a smaller value.



Hereaficr, these four relative intensities will be considered 10 ba non-iextnred values for the sake of
comparisen of textures between homogencous, nndeformed original state and that of forged or

(@ e Original
g
-]
5
100 200
111 no 21 220
| I ] Jt 1 T I_Al lA 1
3 4 50 6 70 8 90 100
20
(b) mn 400Q
=
@
=
]
= 3]
110
100 200
Koop 20 220
30 40 50 60 70 s 9% 100
28

Fig. 4-24 X.ray diffraction spectra of original state (a)
and 400FC forged rapid quenched state (b)

heat treated samnples. The sample forged a8 400°C in fig. 4-24 (b) is characterised by a very sirong
I11 superlattice peak, a 211 reflection of the expected intensity, 2 wesk 110 reflection and very
weak 200 reflection. The pronounced change caused by forging compared with that of the
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undeformed state is the very weak 1 |1 reflection becoming a very strong one. The ratio of relative
intensities 1107111200421 1 is 1/821 147 and suggests an extremely lurge fraction of planes paralled
to the surfacc of 111 type, a very small amount of 118 type and 2 reasonable amoumt of 200 and
211, indicating a stroﬁg]y enhanced 111 texture, a weakened 200 a0d 211 and greally weakened
110 planes.

X-ray spectra of 500°C deformed and of 500°C forged and annealed samples ane shown in fig. 4-
25 (o) and (b} respectively. The spectoum of the forged state exhibiis very strong 11 reflection
and, thus, o very high feaction of planes parallel ta 111 ¢ypes, which are similar (9 that of 400°C
forged state. The forging at 400°C and 500°C leads W 2 same type of deformation texture
characierised by very strong 141 relative imensity and very weak 110 one. The investigation: of the
effeet of annea) at 800°C Jor 10 minutes was carfisd put and the x-ray specurum is shown in fig, 4-
25 (b), W s evident that such an anneal did¢ not result in a change neither in the intensities of
reflections examined nor in the relative intensifies caleplated after this relatively small deformation
(25% height reduction) and low temperature, short (ime annealing. Subtle changes such as the
breadth at half maximum intensity d of the peaks before and after anneal were scen. The d value
before annealing is larger than that after annealing, indicating the residual stress in the forged siate
(peaks of larger breadth) and stress refaxed condition after anneal (peaks of smaller bread(h).

Forging at H00°C resulted in similar x-ray spectra and  similar texture (represenced by refative
intensities) 1o that of forging at 400°C and 500°C, exhibiting a very strong 111 reflecticn, a very
weak 110 reflection and relatively weak 200 and 211 reflections. The intensiges of the diffraction
peaks and the relative intensities stayed snchanged afier anncal,

Forging at higher temperatures and forging followed by annealing led to some variation of x-ray
spectra and relative iniensitics compared with that of forging at lewer iemperature (400°C, 500°C,
600°C). Fig. 4-26 (a) shows the intensities of various reflections and relative intencities of the four
major plane types of the 800°C forged sample, featbring very a steong 111 reflection, a strong 110
reflection, weak 211 and very weak 200 reflections, while the relative intensitics demonstrate
pniquely 4 very strong 111 fraction, with the other three fractions remaining very weak (including
that of the |10 plane type) and are expressed by the proportion of fyy yfly) 11 ¢#f 20712111, here
2/897575. Anpealing of the sample forged a1 BD0°C glves rise to major changes in baih the x-ray
spectra and the relafive ineensitics as shown in fig. 4-26 (b). featordng strong 110 and 200
refiections with weak 211 and very weak 111 reflections. Thus the planar fractions parellel to the
section arc then largely 200 planes, with small and nearly equal amounts of the other three fypes of
planes, indicated by the relative intensities of these foor planes. Even hers a strong 110 peak did
not necessarily mean a large fracrion of 110 planes paralle] 10 the section surface due to the changes
occurring doring the conversion from peak intensity to relative intenshy normalised against the
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textureless powder spectrum. Thus the strong 110 reflection is translated to a low relative intensity,
and hence a small planar fraction on the section surface based on the relative intensity calculation.
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Fig.4-25 X-ray diffraction spectra and relative intensitics showing
500°C forged stale (a) and that of forged and annealcd state (b)
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Fig. 4-26 Texture evolution by forging at 800°C (o) and by forging+ennealing {h)

X-ray specira and relative intensittes of forging at 900°C rapid quenching, forging at 900°C slow
quenching as well as 900°C rapid quenching + annealing are shown in fig. 4-27 (a)-(c)



respectively. The spectrum of forging at 900°C and rapid quenching is characlerised by a very
strong 200 peak, strong 110 and 113 peaks and less strong 211 peak shown in fig. 4-27 (a), while
the slow quenched sample dfier forging featured a very strong (10 reflection, a strong 200
reflection, weak 104 and 211 reflections, whereas the spectrum of the forged slow quenched
+annealed state showed 110 peaks to be very strong, To consider the relative intensities of these
three conditions in the onder of {a}. (b), {c), the planar fraction of 111 planes decreases from
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Fig. 4-27 Diffraction spectra and vefative intensitics of the samples forged at
900°C and rapid quenched (a), forged at $00°C and slow quenched (b)
and forged at 300°C stow quenched and annealed (c}
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70—54— 13, the planar fractions of 110, 200 and 21| increase from 1—7—15, from 23532262
and (rom 6-—;3—1»10 respectively. Slow quenching after forging and annealing have substantially
wezkened the planar fraction paraliel to 111 plares and greatly enhanced the planar fractions paratici
to 200 and‘strengthéned the 110 and 211 reflections to a centain exient. '
-

The resuils:_in fig. 4-26 and fig. 4-27 indicate that annedding of the sample forged at 800°C  and thar
forged a1 900°C leads 1o significam changes in the relative intensitics, featurinz a drop in the relative
intensity of the 1] 1 peak a pronounced increase in that of (he 200 peak and a small incremeni in that
of the 110 and 211 peaks. The diffraction spectrum and relative intensities of tie sample forged a
S00°C and rapid quenched with a barger deformation (70% in height reduction) are similar to that of
the sample forged a1 900°C and annealed and the refative intensities are similer in these two cases,
thus & Gairly [arge quantity of recrystallization was expacied.

X-ray spectra and the relative intensilies of the sample forged at 1000°C and rapid quenched
indicate that a1 such a elevated (emperature, the planar fraction of plancs parallel to [t] type on the
section sorface is furiher weakened compased with that of forging and rapid quenching av 800°C
and at J00°C.

Table 4-3 Ratin of normalised x-ray intensities and relative intensities fm]_

Material stale (forging, Ratio of normalised intensity Relative intensity

coaling and heat treatment) | {110} [111} {200} (210} |40} {til) {200} {211}
inilial 100 63 70 22 0 25 27 o
4000 ! 100 13 9 1 82 11 T
500Q. LI o N [ 8 I 85 9 §
S00Q+A i 108 12 4 i 85 10 3
6000 1 10010 5 I 86 4
6000+A t 100 9 5 [ 86 4
2000 2 e 5 5 2 89 3
BOOCHA 9 14 100 12 7 10 4 b
2000} 2 106 38 8 ] 70 23 G
HKOSQ 13 N 59 12 7 54 32 7
IO0SOH+-A 4 2] 100 16 15 13 62 10
900 (£=T0%} 23 - 33 100 29 12 18 55 15
10000 16 106 25 27 9 60 153 16

Note: Q-rapid quenched, 5Q-stow quenched, A-anneal at B00°C for 10 minutes
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A Summary ol x-ray diffraction results is shown below:

Fig. 4-28 {a} summarises the relative ingensities in different s1ates, including forging lemperature,
post quenching Tollowing forging as well as annealing. fy( gy and fyzy change in an opposite
sense as the lemperature increases: the drop of fy,,, carresponds to the increase of Ty fiian
was always very high when forging was carried ont at and below 800°C and decreases on forging
at 300°C and in the conditions ol slow quenching. larger deformation and annealing. fian| stayed
very low upon forging at and below 800°C. in additton, there is a slight deerease of fyaq) when the
forging temperature increnses from 400°C o 800°C as shown more clearly in fig, 4-28 (b), which
is an importani observation for the discussion of texture evolution during lorging by different slip
systems, fy) gy and fi3),; were generally low and they increased slightly with the forging
temperaiure. The delay before quenching has largely weakened [, and greatly strengihened
({200, This suggests that forging texture is {i11} while annealing texture is {200]. In summary:
the initia] state shows a rather weak {cxture; forging at low (emperatures leads o a strong 111
texture, with the 200 texture decreasing (119 to 5%} as the forging temperatnte increases (400°C to
BO0°PCY, annealing aficr low iemperawre forging hardly changes the texture for the annealing
wreaiment given; annealing afier high temperature forging (also during forging at $00-1000°C} leads
(0 the increase of the 200 (extore contribution.

4.4. Transmission eleciron mleroseopy and dislocation analysis

Transmission electron microscopy was applied 1o observation of microstniciore in detail:
determination of crystalline orientation as well as dislocation analysis {Burgers vector, glide plare,
line direction and Schmid Facior with respect to loading axis) for the samples forged at various
(emperatures, Close attention was paid (o the analysis of forging at low temperswre (below the
expecied transilion femperature} and o high temperatere (above the expected transifion
tempetainre). Thus, the transmission electron microscopy was conducted on samples forged at
400°C and SOO0PC (low temperature forging) and samples forged at 800°C and 1000°C (high
temnperature forging).

The TEM observation is nsnally confined 1o a very small volume of the sample and 1he information
obtained from such a small space ean hardly describe (he general condition of the sample. Therclore
the: chservation should be repeated on different areas in various thin foils prepared from different
positions i the forged sample and the Jarge number of analysed dislocations can consequentdy
convey (he overall information. As a result, several thin foils were prepared and observed for each
forging (emperature in order {o obtain infortation as detailed as possible, so the results can
reasonably represent the average condition of the forged sample.

4.4.1. Forging at 400°C












dislocations. The presence.of these [11 1] dislocattons indicates that their Schmid factor was not
exactly zero, implying that the foil oricntation was not exactly [0 1], thus the shear stress acted on
them was not zera. Accardingly, the [111] dislocations gliding on ¢ [21) which could have high
Schimid factor wére nol observed due to the deviation of the fail oricntation Fom the [011]
dircction, hence, a lower Schmid factor. Therefore, the | T11] dislocations and {11 T] onzs may be
considered as the primary slip and second slip respectively. The five <100 dislocations (making
up 11% of ihe imal dislocations analysed) have low Schinid faclors. A jog produced by interaction
of two [G10] dislocations, gliding on {101} and {100} respeclively, was observed shown mere
clearly in fig. 4-30 (marked by arrow). Theoretically, these two [010] distocations could not
produce a jog due 1o the same Bhrgers vector when they moved in whe same direction.
Ne\renhelress, they lay in different directions and one of them bhas a zero Schmid facior and stayed
anmoved whllc another on¢ had a high Schmid factor and moved during deformation and
conscqueplly the imeraction between them occurred resolting in a jog. The analysis results of the
dislocations in this area are shown in appendix 1 {d-dislocation, g-diffraction vecior, b- Burgers
veclor, u-dislocation Jine direction, p-glide plane and m-Schmid factor) . showing the <111
dislocation dominafion 2s a percentage of total number of dislocations. <100 dislocafions did not
contribote significantly 1o deformation of the analyscd grain. As such the dislocation configuratinn
of the matcrial forged at 400°C is characterised by the easy glide of <1) 1> dislocations presumably
with the cross slip of screw dislocations and glide on several [110] planes, a5 well a5 a few
dislocations on {211] planes.

Another thin foil with the oricntation {forging axis) near [111] {2nd thin foil in appendix 1) was
cxamined and the dislocation siructure is shown in fig. 4-3). This field is characterised by long
<11 1> dislocations {making up 74% of the totat analysed dislocations) and a few Jong curved [001)
dislacations but no <I [0> dislocations. Most <111> dislocations are [1 T1] Burgers vector and
only two of them have [11 7] Burgers vecion, Inlerzstingly, nearly all these <1113 dislocations are
screw dislocations cxcept one [1 T1] possessing a high Schmid factar m=047. Four [001)
dislocations gliding on (110) plane also have a high Schmid factor, This suggests that the
ortentalion of the analysed grain was [avourable to the movement of diskocations of both <111
and [00[] Burgers vectors. The analysis also confirms the predominance of <1013 screw
disiccations and only rarely is there dislocation inleraction. Dislocation 2 is curled at mid-length duc
probably to the diag of a jop produced by interaction with a forest dislocation. Small dislocation
toops may he produced by continued dislocation movement.

A third thin foil of the sample forged at 400°C (3rd thin foil in appendix M) was foond 10 have an
orientation near [OIN] and the analysed result of dislocation 1ypes (appendix 11) showed thal ne
<100 dislocation was found in the observed ficld and there exists only one [110] dislocation
gliding on a ¢ T10) planc with a low Schmid factor (m=0.25). The rest are all <1113 ones (about
95% of the tota) dislocalions)'amo:-lg which three |11 T] gliding on (101} plane have a Schmid
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examined and they had such orientations as [OD1, [212] or [331] as estimated by anatysis of
diffraction patterns and Kicuchi lines. Detailed investipation revealed some difference between the
dislocation confignrations after forging at 400°C and at 500°C.

Fig. 4-32 shows in detail an area examined of the S00PC forged sample (151 thin foil in appendix
Vily imagined using g vectors {020. 200). Imaging by these two g wveclors provides some
important information aboul the analysed dislocalions shown in the photos. Mare than half of the
anatysed dislocations (57%) are <1112 type composed of mainly two varionts (determined from
other images with a variety of diffraction vectors): (111] and [111] and most of them lay in the
screw direction with a few exceptions. These edge dislocations were shown to lie on {110] planes
and pogsess a high Schmid factor. The [T11] dislocations are approximately horizontal in this
figure whik: the (4111 ones arc near vertical. Somu eurved distocations exhibil screw scgments and
edge segments, for example disloeation | shows a screw segment (ncar horizontal direction) and a
mixed segment {near vertical direction), and zigzepgged dislocation 2 shows the screw sections (near
vertical divection) and the mixed sections. For these two dislocations no climb happened as seen by
their uniform separations. and as confirmed from the analysis of Burgers vector and line direction
which confirmed the habit plane to be a glide planc.

An important feature of many other < 11> serew dislocations in this field is the gliding away from
each other of two partials, for example, dislocation 3, 10. 12 shown by a cutled section or the
kinks, indicating the cocamence of cross-slip of screw superdislocations. A more detailed snalysis
of two screw dislocations 10 and 12 showed that a partial glided away onta (112) plane.
suggesting that the cross-slip of a |1171] partial to {1 12) plane happened during deformation,
Many distocation Joops were observed and they played a role as obstacles to dislocation gliding,
thus the inicrictions between dislocations and thesc loops happened and led to the curling of
subsequent dislocation lines and an increased resistance of dislocation movement, Soch loops are
presumably formed o8 a jog {or other obslacle) preventing the movement 21 one point on the
superdislocation, which bends around the obstacle, forming a dipole, which breaks off the
dislocdtion, the dipale subseaquently counding to the toop shape. Beside these <1115 dislocations,
some <100 dislocations (34% of the lotal dislocations) gliding on {100) or {110) plancs were
identificd in this area. Only one [011] dislocation was observed. All the <103{> and this [011]
dislocations have zero Schmid Factor regardless of their variants and glide plane. The three vaants
of <100> dislocations were not present in equal numbers: bhere 11 [100] dislocations, 11 [001]
dislocations but no [010] dislocation was found. suggesting that they were nat the resull of the
decomposition of <11 (> dislocations {in this case approximately equal numbers of each type of
<| 00 dislocations would be expecied). The analysed resulis of ihis area including Burgers vector,
dislocation line direction, glide plane as well as Schmid lactor is summariscd in appendix 1V,
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Another thin foil prepared from the matenal forged at 500°C was examined and the weak beam
micrograph is shown in fig. 4-33 (2Znd thin foil, field one in appendix VII). The foil orientation

(loading axis) was estimated as being less than 2° from {212} direction for the grain analysed.

Fig. 4-33 Bright field image showing the deformed microstructure of another

thin foil prepared from the material forged at 500°C. Zone axis [(K)1], g=200

In this area, more than half (53%) of the wtal dislocations was identified to be <1115 type and
some of them are screw types. The edges <I111> dislocations are shown to ghde on {110} or
{211 )planes and some exhibit a low Schmid factor. Cross-slip of some < 11> dislocations was
seen. Some <100> dislocations with high Schmid factor (m=0.47) were observed and they glhide
mostly on (110) plane. Some dislocations of <1 1> type were also seen and they have a low
Schmid factor (m=0.16-0.17). It can be concluded that in this region, the deformation was
dominated by mainly <1115 dislocations. In additon <100> dislocations also contributed slightly
to deformation. Some small dislocation loops, concentric loops and fine debris were observed in

this arca.

Another area in the same thin foil (2nd thin foil, field two in appendix V1) as that of fig. 4-33 was
examined in detail and the weak beam micrographs and the analysed results of dislocation types

{appendix V) showed that about three quarters of total dislocations are <1 11> type. Two thirds of



these <1112 dislocalions are screw ones and the rest are analysed 10 glide or (110) or on [211]
planes posscssing a relatively Jow Schmid tactor. One stepped dislocation (with [ T11] Buigers
vector) has both edge and screw segments gliding on the (101) plane. The observed [001]
dislocations making up of abont 153% of the total dislocations have genceally a high Schmid Factor
{0.44-0.47) while iwo [010] ones have a Schmid factor of zero, Some <110> dislocaiions with a
low Schmid factor (0.16-0.17) were seen and they glide principally on {011] planes. A
dissociation of a dislocation | 11 =110 + 001 was observed. Here | T1 and 00} dislocations
have a high Schmid factor while the 1 10 has a low one, suggesting that this dissociaied ) 10
dislocation was mot mobile and acted as an obstacle impeding the further movement of 17| and
001 dislocations. Some dislocation loops were also seen but were fewer than shown in fig. 4-33.
Climbing was rarely seen in the muerial forged ai this temperatore,

A third thin il was prepared from the sample forged a1t 500°C wiih the orieniation near [331] and
the dislocation analysis cesults are shown in appendix VI, Weak bcam examination and the analysis
showed that ihe <1 | 1> dislocations, making up 60% of iotal disiocations, have a varieily of Schmid
factors. Some of them have 2 Schmid factor lower than (.25, indicating an incompatibility between
ship system and loading axis direction, and others have a high Schmid factor of 0.45. The non-
screw <) 1 1> dislocations glide on { 110] and mmany of them glide on {211} planes. There were, in
addition, fewer screw < 11> dislocations in this region. The <110 dislocations were estimaied as
being 23% of toial dislocations, having a low Schmid faclor 0.21-0.22 and some of them have a
zero Schmid factor. <100> dislocations, acoounting for 16% of intal dislacations, have gencrally
low Schmid factor except for a few dislocations of type 1000 on (010}, (100] on (071) and (100]
on (010},

In sumnmary. the dislocation structure of materia) forged at 500°C has the [ollowing feainres
compared with ihat of material forged a1 400°C: i) a slightly lower percentage of <111 dislocations
of the total dislocations, hence, a slighlly incregsed proportion of <100> and <110> dislocatrons
(the percemages of <100>, <110> and <111> dislocations at 400°C are 12%, |% and B7%
respectively, while that a1 500°C they are 24%, 12% and 64% respectively). 2) proportion of screw
<l 11> dislocation of all <1115 type is lower than tha of the 400°C forged condition; 3) more
<1113 dislosations gliding on [211] planes; 4) cross-slip of the superdislocations were obscrved
more frequenlly; 5} dislocztion loops were observed while they were rarely seen in the material
forged a1 400°C. The characteristics of dislocations of the S00PC forged condition are summarised
in appendix V).

4.4.2, Forging ar 800°C
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Kikachi patterns as being less than 2° Very similar siructures as well as identical subgrain
orientaiions near [ 111} were found in other areas of the same [gil. The subgrain size is abowr |-
Zpm, and most of them are more or less elongated in the same dircction. *

Fig. 4-35 illustrates some typical dislocations found in subgrain A in fig. 4-34, Bright lictd images
ohtaincd using iwo g vectors T0! and 011! in 1wo zone axes. {11¢) and (011} respectively, show
analysed dislocations for the sample forged ar 800°C. The vast majority (89%) of analysed
distocations in this subgrain have <#Xk> Burgers veciors presenting all (hree vananis but not in
equat numbers { more( 100] than [010] than (001] ), Such dislocations were typically present in 45-
90 edge disections and lay on {001) planes with intermediate 10 high Schmid faciors {m=0.33-
0.47) and on (011} planes with Jow or high Schmid factors depending on the combination of
Burgers vecior. glide plane and crystalline orientation of the analysed grain. Some <1i0>
dislocations were observed lying on {001} or [01!] planes with a zero Schmid factor. Such
dislocations arc presmnably farmed by interactions between <|00> dislocations. No <lil>

dislocinion was found in this arca.

Detailed examination of subgrains B and C in fig. 4-34 showed simikor microsiructure to that of
subgrain A, Dislocation analysis results of these two areas are shown in appendix VT and IX
respectively. Appendix VI {sub-grin B) shows 1hat 90% of total dislocations have <100
Burgers vectors and they glide on both (001} and (011} planes with maostly high Schmid factors
(0.33-0.47), and 1hey exhihil unegual numbers of the three variants Chere E7 [100] dislocations, 10
[010) dislotaiions and 21 [001] ones), suggesting that these <|00> dislocalions were unlikely the
result of <11 1> decomposition. These distocations lay in such dircetions as (00!, [101], (130],
€ic., presenting also 45-90° edge directions. There were four <I 10> dislocatians {making up 8% of
total dislocations): twa [01 1] ones glide on (100) and Qary planecs with Schmid factor of 0.47 and
0.38 respectively with the [ 1 10] dislocations gliding on (110} plane having zero Schmid Factor.
Only one [1 T1] dislocation was observed as <111 type and it glides on (011) plane with a
intermediate Schmid factor (m=0.27). This dislocation was presumably generaed by the reaction
(association of <100 dislocations).

Distocation analysis result of subigrain C listed in appendix 1X shows that the <100> dislocations
amount 1 88%, gliding principally on {001} and {01 1) planes with intermediate 1o high Schmid
factors (0.33-0.47), and unequal number of three varianis were observed { 9 [100] dislocations ,
23 [010] dislocations and 10 [001] ones). Most of them present in [001), {011). [012], [043], as
well as (111] fype directions, thus as 4590° edge dislocations. Three <l10> dislocations
{accounting for 6% of totsl distocations) were identified:{ T 10], (01 1] and [ 101}, gliding on (110),
(100) and ¢! T 1) planes with Schmid factors of 0, 0.47 and O respectively. The [011] dislacation
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[001] + [010] — [011]
(016 (100) (100)
m={) 13 m=0.23 m=0.47

This reaction was confirmed by high magnification examination ol the dislocations involved. In this
sub-grain, three [ 111] dislocations (making up 6% of total dislocations) were observed and they
glide on (O T 1), (110) and (101) with Schmid factors of 0, 0.27 and 0,27 respectively.

Fig. 4-36 Bright field image of second thin foil prepared from material forged at 800°C showing

some recrystallized grains dispersed in the loose subgrams with high dislocation density

Fig. 4-36 is a low magnification bright field image of another thin foil prepared from the same
sample forged at 800°C. Some recrystallized grains are seen, about Spm in size, dispersed in the
fine, highly deformed loose sub-grains, 0.5-1tm in size. The orentation of the recrystallized
grains has changed greatly (about 55°) relative to the deformed subgrains. All subgrains exhibited a

very high dislocation density while very few dislocations were found in the recrystallized grains.
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There were about 1en dislocations in the cecryscallized grain R Gn ahe middie of the photo), The
orientations of numerous subgrains and recrystllized grains were studied with respect to the
loading axis by Kikuchi ne analysis on double lting the thin foil. For seveiteen analysed sub-
grains, all of them exhibited an orientation mear <111 (their {111} plane was approximaicly
parallcl to the thin foil) with a deviation of 2.6°-3.5°, For cight studicd recrystallized graios, six of
them Had 2 <001 > oricatation with a deviation of 2.7°-3.8° and Iwo others oriented near (021 ] with
a deviation of 3.5%-4.5% Such analysis resulis are closcly consisient with the x-ray diffraction

examination.

A sub-grain A ncar the recrystablized grain (2nd thin foil, ficld one in apperdix X1) in fig. 4-36 was
idenliﬁid to be oriented to [111] direction and the dislocation analysis results demonstrate that 80%
of dislocations in this sub-grain are <I00> type with unequal number of the three variants (100],
[010] 513:! [001], gliding on f001]. {011} and occasionally on {012 planes. Most of these <100
dislocations bave imermediaie 1o high Schmd factors (0.33-0.47). Four <110 dislocations were
observed gliding principally on {001 } planes. Only one [111) dislocation was seen and determined
to ghde on (11 2) plane with Schmid factor of zero,

Anather sub-grain B (2nd thin foil, ficld iwo in appeadix Xb) in fig. 3-36 was studied amd many
diglacglions were examined. Masi of analysed dislocations (82%) are <100> type, gliding on kath
{001] and {011] planes with inlermediate lo high Schmid factor (3.33-0-47). A few <T10>
thslocations were found 10 glide on [001] planes with zere or intermediate Schmid factor. No
<11 1> dislocation was observed in this area. A dislocation idteraction was found and identified as
follows (Burgers vector, glide plane and Schmid factor are indicated):

{100 + (o0 — [1oN
{118} {010) {010
‘m=047 m=033 m=0.33

Such an interaction indicates apain that the <110> dislocations likely resulted from <1002
dislocation interactions,
Fag, 4-37 shows in detail a recrystallized grain {2ad thin foil, field thre in appendix X1) in fig. 4-
6. A few distocations were observed in this wewly formed geain and most of them were
determined to have Burgers vector of vype <110, occasionally <100> and <1112 with Schmid
factor near zero for almost all dislocations. Such a low Schmid factor indicates that either it was
incompatibility siresses between the sofl, justrecrystalfized grain and the sumounding hard,
uarecrysiallized subgrains, or undelined thermal stresses that induced the deformation,
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A sub-grain oriented ncar [111]in the spme thin fail (3rd thin foil, fickd two in appendix X1} was
cxamined and the analysed resnlt showed tha <100 dislocations make up of about 80% of wial
distocations gliding mastly an [001} and {011) and & very few of thern gliding an {012} plangs
The majaity of these dislocations had a high Schmid factor. Some <110> dislocations were
observed and determined to lic on [100) plancs, bat having a zero Schmid Factor. No <111~
dislocation was scen in this area,

Another subgrain in Lhis 1hin foil (3rd thin foil, ficld three in appendix X1} was examined and Lhe
distocation analysis resalis are shown in appendiz X, illosirating again thal the majonty of
dislocations (82%) arc <100 type, gliding an [001) and {011} planes, occasionally on {012]
plnnu :Most of these dislocations had high Schmid factors. The ratio of tbree variamts is
[100]): [010] [0011=12:29:9, which does non suppoert the suggestion of the formation of <100
dIS[{)(.afEDrIS by < 111> decamposition, Some <1 1( dislocations {about 15%) were determined to
glide on 1001} plancs, possessing an intemediazte Schmid factor. Only two <l 11> dislocations
weie observed and they glided on -{OI 1} planes with a intermediate Schmid facor,

Another thin foil was prepared from the sample forged at 800°C and a recrystallized grain in this
foil was examined to javestigate the distocation coafigurations in this just-recrystallized grain (4ih
1hin foil, Nield one in appendix X1). The arientation of this Toil was [131] (ke fnil is paraliel o
(101) plane of the recrystallized grain) and the bright ficld micrographs are showa in fig. 4-38,
Dislacation analysis showed that <100 dislocations acconnt for 8%9% of the total dislocations
while<l | 1> dislacations account for anly 119, Na <110> disiocation was observed. There ane
many long straight dislocations near the grain boundary and they are parallel each ather. Such
dislocations have Burgers vectors [001] (for example, distocations 1, 2, 3, 23, 28, 29, 32, etc.) ar
[100] (for example, dislocations 30, 31, 33, 36,¢1c.). The [001) dislocations ghide on (100) plane
while the | 100] dislocations glide an (001) plane, thos a very high Schmid factor 0.5 was obtained
referring (o the [10F] oricatation of this grain which is highly favourable 1o the slip of such
dislocalion configurations. They are mostly 45°-90° edge dislocations with line directions {010],
<0125%<003>, ete. and were responsible for the deformation. The [001] and [100] dislocations
did nat'glide on the (010} plane, which has a zero Schmid factor because the plane is perpendicalar
to the crystalline ogentation, hence, to the loading axis. Similuly, all the dislocations with [010)
Burgers vector have a zero Schmid factor (for example. dislocations 4-8, 24-26, ee.) because such
a Burgers verior is perpendicufar to the grain orientation, hence, io the loading axis, The
combination of unfavourable Burgers vector, ship plane and crystalline orentation Timited
mavement of sach dislocatians, A few stepped dislocations, 56, 57, 58, were determined to have
[001] Borgers vectar and the segments parallel to those long straight <100> dislocations lay on






resulied from the relaxation of long curved mixed dislocations. There were also a few [I00]
dislocations gliding on {011} plancs with a Schmid factor {3.35). Some <1113 dislocations were
found to glidc on (O11) and {211} planes with high Schmid factor (0.41-0.47). The dislocation
ana]ysigff another reerystallized grain alse showed the dominance of <100z dislocations with high
Schniid factor (4th thin foil. ficld (wa in appendix X11.

in brief, the deformation of tis newly recrystallized grin was dominated by <100 slip owing 10
the favourable combination of Burgers voctor, glide plane and grain oricniation.

In conclusion, different areas in various thin foils prepared from the sample forged at 800°C were
cxamin'ed and the dislocations were analysed and summarised in appendix X1. About 80% of
dlslmahnns arc <100> type gliding on both {001] and {O11{ planes with penerally bigh Schmid
factor b()!h in the deformed subgrains and in the just-recrystallized grains, Neither the numbers of
three variants [100], {010] and [001] nor the number of these (hree variants with high Schmid
[actor are cgual, suggesting that they did not likely resulied from the dissociation of <111
dislocations. <110 dislocations account for a very small (raction of total dislocations, gliding on
principally [001] and (011} planes with low ar high Schmid factor depending an the cambination
of Burgers vector, glide plane as well as crystalline oricntation. Some dislocalion reactions of
<100 lo produce «110> dislocations were obscrved and such reaclions suggest that the <110>
dislocations probably resulted from the encounter and reaction of <100> dislocations rather than
<111> decomposition. <1113 dislocations make up 2150 a small pan of the total dislocations and
they glide mostly on {01!} and {211] planes with different values of Schmid factor depending on
their configuration with respect to crystalline orientation,

4.4.4, Forging at 1000°C

In order to investigate the dislocation structure an the material forged at even higher temperature,
several Lhin foils were prepared and examined in the same way as for the analyses mentioned
ﬁbmeg;lu: deformed microsinecture of material forged at 1000°C is shown in fig. 4-39, featuring a
high dislocation density and loose subgrains which have a larger size (2-5um) than those in 1he
snmpl.égl'urgcd at 800°C. Many sub-grains were examined and {pund o have sn orentation near
[111], ind there was only a slight deviation of orientation between these subgrains.

A subgrain in fig. 4-39 (marked A) (It thin foil in appendix X111} was siudied and a bright field
micmgraph image using g vector @11 in zone {111) is shown in fig. 4-40. Dislocation analysis
illustrates that <100 distecations amount to 90% of tolal dislocations and they glided on {001}
and {011) planes with generally high Schmid factor (0.33.0.47). The rario of throe variants s
[190):[010]:[001]=5:34:25. The pile-up seen in the upper-lefl comer is composed of such [010]
dislocagons, lying in the [ direction and on the (001) plane. The distance between the
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[00F] + [T00] = [T10]
(100) (001
m=033 m=033 screw

Such dislocation reactions supgest again that < 100> dislecation interaction is responsible for the
formation of <§ i0> dislocations even at 1000°C dering forging.

Anothes subgrain in the same thin foil (2nd thin foil, field rwo in appendix X111} was examined and
the bright field imapes and dislocation analysis are shown in fig. 4-42 and in appendix Xil
respectively, Apain, 80% of wtal dislocations are <|{0= fype, with most of them gliding on
generally (001} planes with moderate Schmid factor and a few of them gliding on {011) and
[0§2) plancs with high Schmid factor. It is well worth noting that at (he corners of the photos,
there are four groups of dislocations gliding on differcnt planes marked by A, B, C and D
receptively. Group A is in fact a pile-up of { 100] dislocations. Iying in the (i direction, and on a
(001} plane. Group B is aiso a pile-up of dislocations but composed of [}I0] type. fying in the
[§00] direction and alse on & (001) plane. Group C is composed of [001] dislocations, lying in the
[010] direction and on a (100) plare, while group D is composed also of [001] dislocations but
lying in the{ 100] direction and on a (010) planc. These four groups of dislocations can allow such a
[111] oriented grain to deform with no change of orientation. A few <111> dislocations were seen
10 glide on {0F 1} planes with zero to intermediate Schmid factor. A very few <1i0> disiocations
were observed and the {0 T 1] vasiant has zero Schmid factor because it is perpendicular to (he foil
with, hence, zero shear stress.

A [001] oricnted subgrain with respect 1o loading axis in another thin foil (3rd thin foil in appendix
Xt11) was sindied and the disiocation analysis showed that the fraction of <100 disfocations
(70%) is smaller than that in preceding arcas and alf the [100] and [010] ones have a zero Schmid
factor due to the right angle between such Burgers vectors and the crysialfine orientation {loading
axls). Many [00f) disiocations Tying un (010) plane also have a zero Schmid factor because of the
right angle between such a plane and the loading axis. Some <110> dislocations were found o
glide on {011} planes with a high Schmid factor. A few <11 1> dislocations were found to glide on
(011} and 1211) planes with moderate to high Schmid factors and a smali number of <i 0>
type were also observed, gliding mainiy on {011} planes with high Schmid factor owing to the
favourable combination of Burgers vector, glide plane and sub-grain orientation.

In summary, the microstirocure and dislocations of matcrial forged at 1000°C exhibit a great
simifarity with that of the matesial forged a1 800°C: mosl of the sub-grains analysed have an
ortentation near [§11); <100 dislocations account for abou 80% of tatal dislocations, gliding
generally on {001) and (911) planes with mostly high Schmid faclors, The three vasiants {1001,
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1¢10] and [O0] are not equal in number. Interaction of <100> dislocations to produce <1 10>
dislocations was observed. A few <l 1> disloctions were found W0 glide on {011} and
{211 )planes with low to intermediate, and occasionally high Schinid factor. A small number of
<1 10> dislocations were also seen, gliding on (011} and sometimes on {001} planes with law,
inlermqﬂiatc and occasionally high Schmid factor. Finally, thenz was n difference in the size of the
sub—grai'r]s in these two condiions, The subgrains in the marerial forped at 1000°C were coarser
than thai in the material forged at 800°C, The dislocation analyses of different areas in various thin
foils are summarised in appendix Xtt,
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Discussion and
interpretation of results



5. Discussion and interpretatian of results

Thermomechanical processing of FeAl type intermetallics is useful not only as a way of oblaining
matenial in suitable shapes but also as a way of modifying (he mechaniczl properiies by adopting the
appropriale processing schome based on deformation and recrystallization principles[26, 29, 21].
Forging, rolling, extrusion, ¢ic. are widely used in the forming of intermetallics especially for those
which have a mediocne plasticity at room femperature but a very good one af medium or at high
temperatpre, Thus, the understanding of deformation characlerislics (deformation  texiure,
recrystallization, grain refinemenm and finally the deformation sysicms in o wide range of
temperature) are of great importance 10 predict and control the final microstructure and mechanical
propertics.

The deformation texture that results from a large amount of straining is closely related o the slip
systems ard the mechanical behaviour during deformation depends greatly on both the internal state
(single erystal or polycrysial, grain size, crystalline onentation, distocation configuration) and
processing condition (lemperature, strain rate), Thus. the comprehensive study of deformation
{exinre {macrostructure), slip system or dislocation amalysis (microsiructure) as well as some
mechanical parameters (yickd point, maximuwm siress, work hardening condition) as function of
lemperature and strain rate can bring light to the umderstanding of macrostructure and
microstructure evolution as well as deformation mechanisms.

5.1. Deformed and recrystallized microstrucivres-recrystallization and orientation
of recrysiallized graing

The: slloy used for the present studies has uniform and equiaxed prains with grain size of about
1000pm after the annealing treatmen before forging as shown in fig. 4- 14, The forging process at
various temperatures resulied in different microstructures—deformed microstructure al intermediate
temperatures (400 and 500°C, fig. 4-15) and mixed microstructure-deformed regions and
recrysiallized grains at higher temperatures (c.g. $00-1000°C. fig. 3-17-fig, 4-20), The highly
deformed microstructure & high temperature is not stable. The siored energy in the form of
disleeations is the driving foree 10 recrystallization in the deformed alloys(105. 106] and the driving
force is given approximately as p=pGb for single phase alloys, where p is the distocation density
» bis the Burgers vector and G is shear modulus{106]. If a metal is subjected to a strain rate high
enough at high temperature, it is possible that dynamic recrysiallization may occutfl1]. But al low or
at intermexdiate {emperatures with moderate deformation, the driving force and the thermal activation
are not high cnough 10 cause dynamic recrystallization and ihis is supported by tue strain-troe
stress curves of 400°C-600°C forged material, exhibiling no drop of siress after the maximum
strength. Only at higher \emperatures with larger sirain can such recystallizarion iake place. Forging
a higher temperalures, for example, al 800°C 10 1000°C at a strain rate of aboul s is favourable
to the occurrence of dynamic recrystallization. The detailed observation of these recrystallized
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grains showed thay the dislocanon density varicd from one recrysiallized grain to another. There
were lree sorts of recrystallized grains: i) recrysiallized grains with firly high dislocation density,
for cxample, fig, 4-38, which probably recrystallized during deformation and hence subsequently
deformed further. During dynamic recrystallization, new grain nuclei at first grow rapidly bot the
concurrent deformation steadily increascs the dislocation density in the recrystallized prains: ii)
those which had a very low dislocation density, c.g. the one in the centre of fig. 4-36. which was
formed at the end of deformation, thus the deformation inrodoced dislocations were not numerous.
W is also possible that such a few dislocations be introduced by Lhermal stress during cooling after
forging: iii) recrystallized grains in which no dislocation was observed, for example. the small
recrystallized grains at Jow-left corner in fig. 4-36. This type of grains was likely formed after
forging before quenching. As described in section 4.2, the deformation was not uniformly
distribated in all the original 'gr;.\ins. cven within the same grain the deformation was different from
place 1o place, so the stored encrgy is not homogeneous every-where, thus lere was a differgnce in
the recrystallization kinetics in different prains or a1 different sites in the same grain, and
consequently recrysiallization may not occur simultancously and unifornaly ihroughout the matenial.
Heavily deformed grains or locations will recrystallize earlier than at places where there is less
deformation. The recrystallized grains are more susceptible to deformation than defermed grains
duc o their low dislocation density and low yield strengih and the work hardening of the odjacent
deformed grains,

The recrystallized grain size and recrystallized fraction is summarised in fig. 4-23 hased on table 4-
2 for the convenience of comparison. The recrystaliized fraction increases with increase of forging
emperawre andfor with the addition of 4 holding time at high temperature as shown by

f=1-exp(-Bl) G-

where T, is the volume fraction recrystallized, 1 is time and B and k arc constanis, illustrating the
relation between rectystallized fraction and holding time after deformation[1], When the deformcd
sample was quenched very quickly, the holding time was very short, so the recrystallized fraction
is small, while the deformed samiple was held at forging temperature, i.¢. the holding tme is
longer, the recrystallization fraction increases rapidly. Therefore the recrystallized fruction in the
slow quenched sample forged at 900°C is fairly high.

At high temperature, the fine grain is not yet stable and further growth of recrystallized grains may
oceur. This growh as a function of time can be written:

s -

- D-Dy=kt” (52



where Dy is the initial size of recrystallized grain size . k and n are constants and n<0.5 [106). S0
the sample forged and held a1 forging temperature had a larger grain gize than ¢hat of rapid
quenched sample deformed at the same iemperaiore,

The discussion above confirms the ease of recovery and dynamic reerysiallization during high
temperalnre forging and the necessity of rapid cooling after deformation to obtain the real deformed
microstructure at high temperature. This peint is panticularly emphasised by the significant changes
brought about during ihe few seconds before quenching of the 2005G sample.

The oricntation of the recrystallized grains with respect io the forging axis was snalysed for the
samples deformed at 400°C, 500°C, 800°C and 1000°C. Nearly all the analysed recrystallized grains
in 800°C and 1000°C forged material had an orientation near [001] dircetion. ¢ can be inferred thay
the ideal recrystallization texture of the present atloy is {001]) type. In contrasi, the orienlation of
most of the analysed subgrains had an orientation near [111] and some others had the orentation
near (212], [331]. [101]. ete. Matcnials forped at 400°C and S00C° and stodied by TEM showed
various grain orientations because of the small deformation (5% in height reduction). In this case.
the grains did not rotate from the original orientations significanily and the deformation texture was
not well developed. Thus the orieniation of the grains was distributed fairly randomly, exhibiting
litde or no orientaiion preference. Whan a deformed metal is recrystallized the crystallographic
onientation of the new grains may be quite different from that of the previously-existing ones. If
this is the case, the recrystallized textre will be dilferent from the deformation texture[106]. The
development of recrystallized sexmre is due to the recrystallization grains having & preferred
orientation. Otherwise the growth rate of the growing grains may depend on their orientation
relative to the deformed mawix[105). In the present investigation, the |001] orentation of
recrystallized gratns is very diffcrent from that of the deformed snbgrains which had maostly the
[31]] orientation, and this ngw orientalion appears to be well established from the beginning, i.c.
the recrystallization (exture is determined by nncleation not by growth aspects.

5.2, Evaluation of deformatlon iexture and recrysialllzation texinre

Deformation textures or slip systems in iron alumindes have been investigaed by various means
(slip trace analysis, x-ray diffraction method as well as simulation of texture developmeni) for a
Yong time. Bxamination of slip traces on the surface of deformed FeAl samples showed that the slip
systems al low temperatures were <111>{011} and <l 1I>{211] [63, 83]. Al inleomedinte
(emperatures both <111> and <100> slips were observed depending on the crystallographic
orientation[66, 84, 107] and at high (emperatures, <1002 shp was dominan(61]. Analysis of slip
trages in individual grains of imperfecdy B2 ordered FeyAl rolled at moderate temperaiures also
indicate that <11 1>{011}] and <11i>{211] were dominant slip systems [T5]. On the other hand,
the latcst studies by Kad et al show that both FeyAl and FeAl deform by <111{011} and
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<01 1>{112} 1o very high lemperaturct80]. The discrepancics of the different conelusions reached
by previous investigations have stimulated the start of the presen( work. In the present siudy, the
relative intensity of a given reflection £y based on x-ay diffraction together with identificativn of
the orcntation deformed and recrystalfized struciores by TEM were employed 1o asscss
deformation texture as well as reerysiallization textore. In addition, the recrysiallized fraction was
assessed 1o understand the relative intensily of x-ray reflections at different forged conditions,

Fig. 5-1 shows the change of relative intensities fy )y and fiagg 35 well as the percentage of
recrystallization as a function of forging temperature and post annealing.
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Fig, 5-1 Vanaion of tt.:lati\re intensity of { 111} and (002} veflections and recrysiallization
fraction as a function of forging temperatore, holding time before quenching and anncaling

liis clear that the £ () value is very high from the material forged at 400°C to the material forged

al 800°C and it decreases with both increasing the lorging temperature {e.g. forging at 900°C and
1000°C) and the holding tine at Torging iempetature (e.g. slow quenching after 900°C quenching).
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The posi-forging annealing (herc 300Q+A and 900SQ+A) has considerably lowered fyy ;.
Comparing now lhe variation of f;),,; with the variation of recrystaltization feaction as a function
of forging temperature and the holding 1ime shown in fig. 5-1. it can be seen clearly thai these two
corves have mmpl'ewly opposite tendencies with chimging the forging temperature and holding time
as well a the heat ireatment condition: high f;y)); values for forging from 400°C 10 8D0PC
comespond (e low vecrysiallization fractions. fy|(y decreases from 900Q to 900SQ+A
monatonically while the recrystallization fraction increases almost linearly. The fiy ) of 89%
(B0ODQ} comesponds o the recrystallization fraction=13% while the iy, of 10% (800Q+A)
corresponds to 90% rectystallization fraction. On the contrary, the curve representing Epyog| fas the
same form and the same tread as that of the curve of the recrystallization fraction: fyzgn) stays very
low from 400 10 800Q and recrystallizavion fraction is fairly low, then f29q) increases from 800Q
to 8000Q+A (10000 is an exception for some unknown reason} and Fnally decreases a little from
800CQ+A to 9005Q+A while recryslallization fraction incrcases from 800Q o 800Q+A and then
increases a litlle at 900SQH+A. The high values of iy al S00Q+A and 9003Q+A (74% and 62%)
correspond 1o high recrysiallization fractions {90%). Such an epposite trend between |4, and the
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recrysiallization fraction and the same wend between flpoqy and the recrysaflization fraction
sirongly suggest that the non-recrystattized part has the <1 | t> orientation whik the recrystallized
part orients preferably (0 <0013, In other words, deformation texture is {111 from intermcdizle 1o
high lcmperal‘urc and recrystallization textre is (200},

The vaniation of Tyyqgy and fj2qq} a8 2 functine of forging (emperature and holding time after
forging as well as annealing is shown in fig. 5-2. f{y gy is very law from 400Q 10 900Q and i
incrcases from 900Q 1o 1000Q and decrcases a little ot 3005Q, and then increases again untk
S005Q+A. ;1) has a similar trend 1o that of f} p;. Howevet, neither M} o nor f;311) changes as
much as fjjy;; and fiz0p; as recrystallization takes place from condition 300Q 1o condition
GOOSQ+A.

The slig systems must be infimately related to the resultant forging texture, thus the simalation of
erystallographic texiure based on assumed slip dircetions and glide plancs can allow the
determination of the operaing slip systems. ‘The present experimental resule of ¢cxture cvaluation is
very well consistent with the forging texiure simulaian canducted by Kad[77). Three projections,
(100), (110). and [11!], in simulated pole figure based on <l11>{011) and <l11>{112]
shaowed (fig. 2-8) that such operating systems produced very strong] 111}, very weak {1001 and
even weaker {110] textures. The relative intensities in the presemt work shows very high [y,
very weak [(agn), and nearly zero f) g for forging a( low or intcrmediate temperatures (400°C,
S00°C and 600°C). sugpesting <! | 1> slip directions on [011] or [112] planes upen forging in
such 2 temperature regime. This resolt is also supported by 2 rolling experiment on FesAl ( rolling
al 560PC in B2 ordered regime) showing a fibre texture close 10 {111 )<uvw> [108]). Texturc
examination of warm rolling of B2 ordered polycrystalline Fe-28a1.%A1-2a1. %Cr and texivre
simulation showed a best comespondence between simulaled and experimentally detecied rolling
textures for simulation based on <1 11>{011] and <#11>[112) siip systems {76], supporting ihe
present resulls,

For (orging at high temperature {above 800°C), the deformafion texwre is similar (o that of forging
belaw 60G°C. However whilst recrystailization occurred more evidentiy in the samples farged at
900°C and 1000°C gs well as in the forged and annealed samples (B000+A, 9008Q+A), the relative
intensity fiyy; of B00°C forged sample is taken as relative intensity of deformed structure since
ther: is only a small amount of recrystallization. When fi14,; and fyz0; of the material forged a
BOOPC and that of the material forged at 400°C, 500°C and 600°C are compared, a sublle difference
between fiaony of the material forged ar 800°C and that of the material farged at low or modesate
temperatures can be noted (g, 4-28 (b)) f{)y Stays very high and unchanged from 400G 10
B00Q, while T1ang) decreases from  400Q 1o 800Q (from abow 10% (0 5%) ( while fy( gy and
#1311y are fairly stable in this regime). Such an observation can be understood by comparing the
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Fe-28at.%A1-2at.%Cf

simulated pole figures based on <I111>{011} and <] 11>{112] slip systems aad that based on the
<100={011] slip system {fig. 2-8) [77]: very strong (111} and very weak (114} are found in both
cases, while a mediom weak {200} is seen in the {100} pole figure gencraied based on
<U11>{0i1) and <11 >{112]} slip and near zerc §200] in {100} pole figure penevated based on
the <10 {011} sfip system. Then it can be deduced that the deformation texture upon forging at
high temperature (above or at 800°C) was generated nol by the <I11>{0H 1} and <l i1>{112} slip
systems (which would show a strong {11!} texture and 2 moderate to weak {200 1exture) but by
<100{011] slip system (which would show a similarly strong {110} texture but not {200}
texture), The simulation of forging texture based on <100>{001} showed that such a system did
not result in significant grain rotations although it contributed 1o deformation 10 a certain exdend.
Texture examination on hot extrusion of Fe-40at %Al and Fe-40at. %A ). Iw1.%B B2 structured
alloys (such extrusion must have been caried out al fairly high temperatore) showed also a very
strong {111] fibre which is identical to present jexture cvaluated by relative x-ray peak
infensity[ 109],

The above discussion strongly supgests (hat the {111} texture is the deformation texiure over a
wide range of forging temperature for B2 ordered fron alumindes, generated by <111>{011} and
<l11>{112} operating systems at low or intermediate temperatures and by <100-{011} slip
systems at high (emperatures. As the iemperature increases from low temperature (400°C) 1o high
temperature (R00°C) there is always a dominant (1 1E} texture, but & gradual reduction in strength
of the weak {200] teature component - il iz this that reflects the change of deformation slip system.
On the other hand, the dominani {200] texture was mainly produced by recrystallization process.
As described in section 4.4, the result of selecied area diffraction shawed that most of the analysed
subgrains in 800°C and 1000°C forged samples orienied to nearly [111] direction, occasionally to
[101], [212], [331], eic., while most of the rcerystallized grains orieat to nearly [001] direction,
occasionally ncar [10k). Ahhough the deformed subgraing do not take exactly the [111) orieniation
referring to the forging axis, the deviation is only slight, maost of the subgrains have a deviation
within 2-3°. The orientations of these deformed subgrains do not change very much one from
another since they are separated by low angle subgrain boundaries. As such il is confirmed again
that the {111} textore is the major texture gencrated by lorging.

5.3. Dislecation dominance and glide plane at varlons temperafures

In the preceding section, the forging textore and ihe recrystallization texture were discussed and
evaluated based on the measurements of the relative intensities of x-ruy diffraction peaks, indicating
that forging texture is {111] generated by <1#1=>{001] and <111>(112} slip systems at low
femperature and  <100{011]) slip systcm a1 high iemperatre, and the recrysiallization texture is
{002]. In this section, emphasis is pul on microstructure analysis, i.e. dislocation examination and
an effont will be made to comelate the dislocation analysis resuli to texiure determination.
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The slip systems in bolh FezAl and FeAl alloy at low and high temperalures were investigated
extensively in previous studies. Critical conclustons werc obtained for FesAl and FeAl alloys ot
low teimpecatures, indicating the defarmation by <31 1> slip sysiecm ., confirmed by boih TEM
cxamihation |62, 30-82. 85. 110] and slip trace analysis [54. 35, G1]. At high temperatuies. i
incompatibility of the 1esulis has been noted: for FegAl ordered alloy, sfip srace omalysis showed the
<1 11>slip direction [53] while dislocation examination confirmed the deformation by <1 00> slip
system(56]): for FeAl type alloy, mosi of the studies indicated that the deformation is controlled by
<100 dislocations| 56, 61. 62, 64, 84]. Howcver, <I1> slip system was also noted by TEM
investigation[80] at high temperature, Thus, the key point is 10 shed light on the slip system al high
temperaturc.
a“:

Kad and co-workers showed <l 11> dislocation dominance at high temperature in both Fe;Al and
FeAl and suggested that the <[00 distocations were formed during cooling after deformation,
emphasising 1he importance of rapid conling afier deformation for ihe study of dislocation
configurations{80]. Accordingly, the samples forged at variaus temperatores were cooled quickly
afier deformarion in the present study o tegduce the effest of prolonged exposurc o high
temperature and the low cooling raic on the possible dislocation reorganisation. At the same tlime, if
is of great importance to comelate the dislocations present, crystatline ordentation of analtysed grains
or subgrains and forging textures 5o a5 to identify the real slip system during defarmation. The
dislocation dominance a1 low and at high temperatures will be discussed separately as follows.

The summary of dislocation analyses of the matcrials forged at 400°C and 500°C in appendixes 11l
and V11 show thai the <i 11> dislocations were dominant (87% for 400°C forging and £5% for
500°C forging) during daformation at low temperatures, Mast of the <i 1> dislocations lay in the
screw direction and the few non-screw dislocations that could be analysed showed that their glide
plancs were typically {00t} planes bul rarcly [112) plines for the material forged al 400°C, At
S00°C, there were fewer serew <1113 dislocations than at 400°C with the nan-screw dislocations
again gliding both on [011) and [112] planes. The present results showed clearly that ihe
defan_lﬂglion al low or intermediate temperatures of B2 ordered FeAl alloy a1 high strain rate is
mainly‘.:sttribulcd to =1 11> dislocations. The deformation textures generated by forging at 400PC
and S00C" are similar to that obtained by texture simulation based on the <It(>{0]1) and
<i11»§{112] ship sysicms which were alsa observed in the presemt study, indicating the
consistence afl slip systems with the resoltant deformation texture. That the majority of <111>
dislocations lay in screw directions in a Fe-39.5A1 deformed at room temperature was also noted by
Yoshirai ¢t al{62) and high density of <1115 dislocations was observed by Yamagata [111].
Dipoles, gencraied by double-cross slipping at room lemperature was investigated by Baker and
Hortcm-:using in siti observation[112]. Similar dounble cross-slip of screw <1 11> dislocations
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from {O01) onto (112) and back to (001) and dipole formation near temperature just below stress
increasing regime were confirmed by Rasner and co-workers[113]. These fealures were also
determincd by other studies to be maintained o iemperatures|63, 84, 114] in the rcgion of
anomalons increasing stress. Skp tace observations deduced the same result. Yamagmia ¢t at
examined the slip traces of single erysials of FcAl submitted (o compression from 77K to 473K and
concluded that slip systems were <|11>{011] and <I!1>{112} in all crystal orientations,
occasionally < Fl={123) at very low temperature (77K) {83]. Dislocation encrgy calculations and
mobility evaluations also support the movement of <111> dislocations in B2 structured FeAl alloy
{{or Alwminivm aomic percenlage of 35%, 40% and 50%) [115]. A ironsition in slip direclions
fram <1113 1o <100 was confirmed by both the slip race examination and TEM obscrvation in
Feal alloy at intermediate and high temperatures {84, 85]. Schrier et al conducted compression
fests on a FeTOAI0 alloy and the resulis also showed <1 11>[011} and <111={112) syslems at
infermediate temperatures[55). ln any case, a very small fraction of <l00> dislocations was
observed at 400°C (very few <1 10> dislocations in this casc) and about one fifth of <100
dislocations was found at 500°C. The reason is that the slip 4l moderate temperalures is mixed type,
thus bolh <I11> and <10 slips exist in this transition lemperature range[61). In fact, the
oficntation of the erystal has an effect on the activation of a stip system{53, 84], and thus in
different grains which have differcnt orientations. the <I11> and <10{x dislocation fractions
varied as shown by dislocation analyses in appendixes 111 and VII. In addilion, the fraction of
<100 at S00°C is higher than at 400°C, suggesting that slip dircction starts to change in this
temperature range, even at such g high strain rate,

Previous swudies of dislocations in B2 ordered FeAl alloy showed similar resulis. At low
temperatures there were: mostly <1112 dislocalionsf82, 107, 110] and at imermediate iemperatures,
4 transition from <111> o <t00> occurred[63. 64. 85, 88, 115, 116]. TEM observation of
dislocation in FegAl alloys[S5, 56] demonstrated DO? snperdislocations at low temperature and
coexistence of 1f2a<ll1> supendislocations and <100 diskocalions af moderaic temperwres
(partially or highly B2 ordered state), and ihe fraction of these two types of dislocations depended
an both temperature and strain rate [91]. At higher iemperature (600°C) and high strain rate, <111>
dislocations were dominani while at very low strain rate at the same temperature, <]00> was
dominanl. Therefore, the present results are comsisient with previous studies in respect to slip
systems in the FeAl alloy.

The selected area difiraction analysis of B00®C forged materdal showed that most deformed
subgrains have an orientation near [111] direction, whick is in agreement with x-ray diffraction
examination, featuring a very swrong [111]) texwre. The statistics of the distocation analysis of the
sample forged at 800°C shown in appendix Vill indicates that sbout §0% of e analysed
dislocations in sych deformed subgrains oriented near [111] are <10Xe> type, gliding on {001] or



{0Ji} planes, occasionally on [012) plancs for some arcas. The <l 10> dislocations make up
generally aboul 10% of fotal analysed dislocations, gliding on principally on [001] and on {011}
planes. As for <11 1> dislocations, they account for less than 10% of total distocations and glide on
r;mst]y on {011) planes but rarely on [112] at such a high tcmpcnilure. In some areas, no <111
dislocations at all were observed as shown in appendix X1. Such quantbative analysis resolis are
weli consislent with most previous investigations of B2 ordcred FeAl alloys[64, 82, 85. 88, 107,
110, §E3, 116} and B2 regime in FezAl alloys[56, 91] bul therc is a discrepancy with the
dislocation investigation in FezAl and in FeAl alloys |80] {as discussed above).

In the recrystallized grains, (he percentage of <100 dislocations changed very much from one
grain o-another, for example, in fig, 4-37, the <100 dislocations are only a very small fraction
while <| 1 account for 83% of the dislocations present but in fig. 4-38, the <1003 dislocations
make up 79%, <ii0= (ypes are 3% and <] §i> dislocations are §9% of the dislacations prezent.
The reasen is that the orientations of these recrystallized groins are different and the shear steess for
these <]00:> dislocations relative te compression axis varics evidently, as & result of the difference
in Schmid factor. For example, <100> slip direction on {001} planes conld easily be activated in
view of its [§0i} oricntation (fig.4-38Y, hence, a very bigh Schmid facior {0.5), while the
orientalion of the regrysiailized grain in fig. 4-37 is nol favourable (o the activation of cube slip on
{001 planes. In any case, in these recrystailized grains, the dominani dislocations are nol <111>
ooes bot <100 ones.

The disiocation analysis of the material forged at 1000°C, summarised in appendix X111, shows
similar results 10 1hose of forging at 800°C for deformed subgrians enenting o [111) direction.
Constdening the x-ray diffraction examinadon and the TEM cbservntion, again nearly all the
deformed subgrains orient 10 near [111] direction. More than 80% of the dislocations are <100
type. mosily gliding on {001) and some of them gliding on {0[1) planes and occasionally on
{012} pianes. [n addition, one [001] oriented snbgrain was observed and analysed in which the
proportion of <i00 is smaller (69%) than thavof {111 oriented subgrains and the ratio of < 10>
and <¥ k1> dislocations is higher (both are 15%) due to its unfavourable orientation for activating
<100 dislocations.

Fig. 5-3 shows the arrangement of <100z dislocations in the sobgrain shown in fig, 440 with the
angle between these two gronps of disiocalions about S0P as discussed i 4.4.4. In facl, another
group of <100> dislocalions was found in this snbgrain but is outside the area shown in this
micrograph. 1t is clear tha the movement of these three groups of <100 dislocations gliding on
{001 ] :planes did not resull in any grain rotaton which maimains its present oriontation (whether
such a [ 111] orienled subgrain held its [111] oriestation from the beginning or was produced from
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an ofiginal grain with differet orientation by rotations caused by forging is not known). Fig. 5-4
shows the layoul of <100> dislocations in another sobgrain (fig. 4-42), The movement of {hese
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Fig. 5-3 Arrangement of distocations in a [111] oriented
subgrain of 1000°C forged material {shown in fig, 4-40)
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Fig. 5-4 Layoul of dislocatiens in a [ 11] orented subgrain
of 1000°C forged material (shown in fig. 4-42}

faur groups of disiocations maintain unchanged the present orientation of (his subgrain during
deformation. Sach cube slip on {001) planes maintains the [E11] oremation of such subgrains anid
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does nol finally generate evident fextures. as was indicated previonsly by texture simulation [77).
However. the original grains with other oriemations e.g. <100, <110>, <112>, ¢1c. wonld tum
finally o near <11 1> ditection and consequently the strong {111} texture could be formed due to
the operﬁtion of 100> (011} slip suggested by forging 1exture simulation,

11 is also important to nele that the rato of {100]:(010):(001) distocations of various analysed areas
in different thin foils is not near 1311, suggesiing that the <i00> dislocations were nol kkely 1o
have resulied from <! 11> dislocation decomposition. It seems reasonable to consider that any
initia} distribution of<t ! I> distocations would decompose to an approximately cqual number of
each variety of <100 dislocations. However, there are many long <10{ dislocations in the
deformed subgrains of 1000°C forged material,

To comrelate the forging 1exwires and dislocation configurations, it is clear that at low or intermediate
temperatures (here 400°C and 500°C) ihe slip of <111 on (011} and (112} planes confirmed by
dislocation analysis agrees very well with the textures evaluated in the present study. Al high
temperaturcs (M and above B00°C) the glide planes of <100> dislocations are mainly {001} and
1011} types and <t00>{QH [ } slip systems resulted in a sirong {1 11] texture by forging confirmed
by texture simulation, while cube slip on (001} plines generated no evident grain rotation
according Lo 1exture simulation [77]. So the disfocation configurations and the texture determination
are well consistent with each other, suggesling that the deformation is attributed mainly to <111
slip at low temperatures and is dominated by cube slip at high tfemperature.

5.4, Activated state and movemeni of dislocatlons during high temperature
deformation

The movement of distocations in a perfect crystal commences when the shear force on the
distocation line overcomes the Peierls ferce. Subsequently the velocity of moving dislocations
refics on the resolved shear stress acting on them(117]. Thus the resolved stress is a essential
extemal factor affecting the dislocatfon movement for the given dislocations. Only those
dislocations which have a favourable configuration can move casily. Shear stress for a piven
distocation is expressed by 1=Tycosecosp, where Ty is the applied stress and coscecosp is the
Schmid factor, & and B were discussed in section 3.5.3. In this swdy, the Schmid factor was
obtained for most of the analysed dislocations in differcnt thin foils prepared from the materials
forged at 400°C, 500°C, 800°C, and (1000°C and wil! be employed 10 explain the mobility of each
type of dislocation under various conditions (crystalline oriemation, temperawre, recrystallized or
unrecrystallized state).

Schmid factor or Schmid factor ratic SR was widely used to assess the favourable slip sysiems at
different temperatures and lo investigate the dependence of stress anomaly on such slips both by
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slip trace analysis [54. 55, 61, 83. 84, 118] and by TEM examinations{64, 68, 81] in deformation
of single crystals of FeAl or FesAl alloys.

Dislocations in the material Torged atl 400°C have sosily <1i1> Burgcr# veclor lying in screw
dircctions. The few edge dislocations that can be analysed (since only for those can we determine
the slip planc) have been shown to have a high Schmid factor, ghding generally on {011} plancs
and rarely on {112} planes. The screw dislocations, though it is difftcult to tdentify the glide plane
and Schmid factor duc t¢ zero angle between Burgers veclor and dislocation line direction, are
probably on the samc glide plancs. A certain plare is presumably selected according 10 jts preferred
crystallographic orientation with respect to the loading axis, and these screw <1113 dislocations are
considzered to be the activated or mobile dislocations for this cmperature. A very few <100
dislocations were also seen i have high or low Schroid factor gliding mainly on {011} planes. Sa
it can be easily deduced hat it is <L11> dislocations that are tesponsible for deformation while
<100 dislocations have very little effect on such deformation due to the very low Fractior of such
dislocations prescnt.

Ai 500°C, the <111> dislecations in the material are also dominant in Iraction but a Ltle less so
tham that in the material forged at 400°C. Additionally, the proportion of screw <111 dislocations
in all these type dislocations is smabller compared with that at 400°C. However, most of these non-
screw dislocations have high Schmid factor. Tt is interesting to note that there are mMore NoOn-screw
<li1> dislocations which glide on §112) planes at 500°C than at 400°C, suggesting thal
<l 11§ 112} slip became more casy when the iemperature was increased. Similar results have been
noted in slip tracc examination of FeAl single crystal. showing that at iemperatures between 300K
and 700K the slip system <[ 115{011} was found o be active as primary slip system whereas at
higher temperatuses the primary slip system changed to <1 115[ 112} 54]. Slip trace analysis of Fa-
30A! demonstrated a similar change at intermediate temperatures depending on the crystaliographic
oricntation[55]. However, an investigation of slip traces on a FeAl single crystal did not reach the
same conclusions{83], deducing thai at very low temperature (77K) the <11 1>{112] slip system is
active and at higher lerperatores, <0 11>[011) became more active. The preserd resulis also show
that the (00 dislocation fraction is higher at S00°C than that a1 400°C  <110> dislocations also
increased bul less markedly soj and these <1G0>  dislocations, ghiding principatly on (001} and
{011} planes, have high, moderatc as well as low Schmid factors depending on the
crystallographic orientation.

in brief, the dislocation configuration and the calculated Schwid factor at 400°C and 500°C favour
the activation of screw dislocations and <111>{0!1) and <l111>[112] slip. A Few <100
dislocations may also be activated depending on their glide plane and the prain oriemation relating
to the loading axis.
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As discossed in 5,2., the orientation of most deformed subgrains in both the samples forged at
800°C and forged at 1000°C is near the [111] direction, in this case, cube dislocations gliding on
{001} planes have a Schmid factor of m=0.33. However, there are some <00 dislocations
gliding on {011} planés. occasionally on{(12) planes having a higher Schmid factor, for example,
m=0.45-0.47. Low Schmid faclor, for example. m=0-0.15 was also found for a few <I00>
dislocations gliding on {011} or {012} plares wilh unfavourable combination of Burgers vector,
glide plane and grain orienlation. fn any case, nearly all <100> distocations observed have a high
Schmid factor whereas most <1180> and <111> dislocalions in these deformed [111] oriemted
subgrains have low Schmid facior. This reffects the activation of these <1005 distocations during
deformation at clevated temperature. Moreover. the ratic of the three variants of <100> dislocations
possessing 2 high Schmid factor [100X.[C10]:[001] is far from V1) in alt analysed areas in various
thin foits of the materials forged at 800°C ang 1H000°C and this demonsirates convineingly that these
activated <100 distocations probably did not result from <11 1> decompasition. Besides, in some
subgrains. 10 <I1)> dislocations were chserved, but instead. most dislocations are <1002 1ype.
Accordingly, <111> dislocation decomposition is noi likely the source of the <100 dislocation
and it is rot <111> but <[00> dislocations which dominate the deformation at high temperature.
Additonally, the high Schmid factor (m=0.5) of long straight <100> dislocations in newly
recrystallized grains, as shown in fig. 4-38, reflects the importance of glide of such dislocations
with high Schmid Factor. So the statistical resulis of calculations of Schmid faciors of a lmge
quantity of dislocations in several areas of different thin foils at high temperatures shows the
activation of <|00={00) ) and <100:{011} systems and confirms that the cube slip dominates the
high temperature deformation.

5.5, Interaction of dislocatiens

Dislocation decomposition or dislocaiion reactions were observed al Jow and high temperatures
respectively in the pegsent study, Dislocation interactions producing <100> or <l10> from <lit>
were not found in the materials forged at 400°C and 500°C, while the glide dissociation of <I11>
dislecations to <100>+<1 10> was ohserved, for example, (I 110N = [00N]CT 103+ 1 10)C1 LO)
in the material forged at S00°C. Here the [171] and [001] dislocations have high Schmid factors
(0.41 and?).ﬂ respectively) while the [1 10] dislocation has a low Schmid factor {0.24), indicating
that the further movement of these dislocations will be impeded by this {1 T0] dislocation. It is the
low Schmid factor for the glide of the <1 10> dislocation and the absence of any evidence of the
glide of such dislocations at such temperature that confirms that the dislocation interaction involved
is such a decompesition of <J 11> dislocations and not a combination of initial, gliding <100> and
<t dlslocalmns Similar decompos:tmns were also seen in a Fe-40A} alloy deformed m 500 and
A 5I2°C[64 65]. However, disiocation interactions and dislocation decompositions were not
frequently observed in low or intermediate forged materinls,
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In comtrast, many dislocation interactions were observed and analysed in the high temperature
forged samples (at 800°C and [1000°C). These interactions were typically <100 dislocations
interacting (o produce <110> oncs. The resultant <110> dislocations have differcnt glide plancs
and Schmid factors for varicus interactions, For example, for the interactions (both Burgers vectors
and glide planes, and Schmid factors are indicated in the following interactions) [001K010)0.33+
[O1010011#0.33 —= [011K100)/0.47 and [100}K011 ¥0.47+{0311(010)/0.33 — [10LKOIONO33 in
the maierial forged at 800°C, the cube distocations and the <01 1> dislocations have high Schmid
factor, suggesting that the <01 1> dislocations arc mohile during deformation. The interaction of
<100 dislocaticns te produce a [ T01] dislocation Iying in a screw direction was observed in the
1000°PC forged condition and was analysed as shown in (ig. 5-5. The crystallographic orientation of
this subgrain is near [111] then both [100) on (001) plane and [001] on a (100) (45° edge
dislacation) bave the same (airy high Schmid facter m=0.33, suggesting the high mobility ef both
these <100 dislacations. Such a dislocation reaction confliguration makes it difficult Vor (urther
movement to cocur, however, becanse of the low Schmid factor of the [ 10T product. Climb may
possibly oceur to allow limited movement of this junction dislecation,

Fig. 5-5 Schematic illustration of z dislocation interaction abserved in a [111] oriented subgrain
in 1000°C forged material: [ TOOK001) + (0011100} —[ TO( 010). The line directions of the
dislocations with the Burgers vector by, by and by are [0 71], [010) and [ TOF] respectively

A [071] dislocation in 2 configuration where ne shear stress was applied was found in the material
forged at 1000°C and was shown to have been produced by the following dislocation reaction:
[0(]]](100J10.33+[0T0](001VO.BB—;[GTl](IOﬂ){O. Such a dislocation reaction will act as an
cbstacle 10 further deformation due 1o lack of shear stress on the [011] dislocation. <1115
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decomposition resulting in <100> dislocations was not observed in the sample deformed at high
temperainres even thongh there is a small fraction of <1112 dislocations. On the other hand, <100>
intcractions o produce <10 dislocatinns suggest that the deformation at high lemperture is
aaributed mosily (o these <100> dislocations and lhey. were not generaled from <lll>
decompositing nor <1 | 1> imcractions.

The present results of dislocation reactions al high temperatores are nol consistent with the previons
investigation on dislocation configuration in BZ stawe of high temperatwre deformed FegAl
alloy[801, showing an example of <! | 1> interaction (o produce <100 dislacations and saggesting
that the cube dislocations were rapidly exhausted al low sirains, However, the dislocations seen
both in highly deformed subgrains and newly recrystallized grains are mosily <100 type (in a few
recrystallized grains, <1 10> disfocations are dominant} and neither <I11> decomposition nor
<l | 1> reaction was obscrved at high 1emperatures bat instcad <100> glide and interaction 1o
produce <i 1= dislocations were scen frequently. This result is supporied by a study of flow
stress in FeAl [116], suggesting that <1 11> andlor <] 10> distocations may have been presem as
junction distocations arising [rom reactions of the type: a[100]+a[010)-2a[110) and
a[110)+a[0] ]—sa[11 1] which have been also noted in the relaied B2 NiAl atlay, According to the
dislocation reaction analysis above, it can be concluded again that deformation is controlted by
<II1> slip at 400°C and 500°C and conmolled by <100 slip a1 high tempemiores (800°C and
1000°C) upon forging for B2 ordered FeAl alloy at high strain rates,

5.6 Some specific characteristics of moving dislocations at varions Lemperatures
1¢ is worthwhile ro recall the specific configuration of dislocations at different temperatores briefly
before examining the stress anomaly and the dependence of work hardening on temperature in the
fellowing section.

Ivis confirmed that most of the dislocations in the material forged at 400°C were <) 11> type tying
generally in screw directions pliding mostly on {011) but rarely on {112). Therc was no evidence
af any climh, ncither for screw nor for odge dislocalions. Occasional tong bowed <((]1>
dislocarions gliding on {1011) planes with zero Schmid Factor were seen {as shown in fig. 4-30),
Such dislocations were bowed due to the presence of other pinning dislocations at their ends, Small
jogé. 'plroduced by dislocation interactions were observed and only few dislocation loops were seen
a1 this lemperature, Af 500°C some subtle changes ol <111> dislocations were noted: i) eross-slip
of a partial <111> dislocations was seen on seme occasions; ii) significamt number of <l (1>
dislogz_ttions gliding on [ 112] planes. In addition, a few loops and some concentric loops produced
by d_]&jnlcraclion of moving dislocations with the onginal loop were seen. Svch cross-slip and
dislocation loops were scen clearly in fig. 4-32 and fig 4-33. Climbing of <111> dislocations



which is clasely related to the increase of temperature and the increase of diffusivity|{56, 68] was
rarely seen at S00°C under the condition of high strain rate,

Dislocations in the maerials forged al 800°C and 1000°C have similai characteristics bul different
fram the 400-500°C dislocations. Both short and long corved <1{{k= were secn in the 1wo cases bat
more long curved <100 dislocations were observed st 1000°C than at 800°C | In addition the
subgrain size at 1000°C was larger than that 2t 800°C. Planes such as {012} were often determined
to be glide planes for <100 dislocations at such bigh temperatures in addition to [001) and [01])
planes because the <10(=[012} slip is Tavoured by cryslallographic orientation of the applied
stress and the high Schmid Tactor, The repont on such slip has rarcly been noted for deformation
study of FeAl. Occasionally <1 10> dislocations were observed, with high Schmid factor, and were
apparent!y mobile at these high lemperaures. A very small number of <111> dislozation was also
seen, but these contributed only very slightly 1o deformaiion.

5.7. Stress anomaly and disiecation configuraliens

The anomalous increases of siress ail intermediate temperatures, that is the positive dependence of
yield point on deformation temperature in iron Aluminides over a wide range of Al concentration has
drawn great aliention over the last two decades and extensive studies have been carricd oul and
several models have been proposed fa explain such an interesting phenomenon as highlighted in
several review papers[5 1, 5], The stress anomaly was alsa noied in the present study and will be
discussed based on the rclevant models mentioned above and the resnlis obtained such as
dislocation configurations, texiures and generat microstruciures,

5.7.1. Correspondence between flow stress and Burgers vecior of dislocatlons al
varlous temperatures

The dislocations found are mostly <liiz at low and moderate temperatures and mostly <i00> at
high temperatures in deformed FeAl alloy as discussed in section 5.3, The curves of yield stress as
a function of forging temperature in fig. 4-9 clearly shaws a styess increasing from 400°C to 800°C
and then a decrease in stress upon forging at higher temperatures. Similar transitions in ship
dircction with the appearance of the inlermediate temperature stress peak were already reported in
many studies on both Fe;Al and FeAl alloys(18, 56, 61-63, 67, 84]. The transition in slip direction
was explained by examining the critical resolved shear siress ((CR.S.8) for the <1115(011),
<100-{011 }and <100={001} systems, and showing that the CR.§.5 of <l11>{011) decreased
slowly as tie temperature increased while the CR.8.8 of <100>{011)and <100=[001] decreased
rapidly with increasing temperatura[84), leading to the transition in slip direction a intermediate
tempetature when the CR.S.S of <111>{011] becomes higher than that of <I100>{001].
Additionally, the lower value of Tpapier than T Trayoar; t bigh temperatures implies thal
<100={001} slip is preferred to <100={(}]1 1} as confirmed by slip trace observation in the same
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study, Mixed slip on <100>{001) and <100={011 } was also noted by Baker and co-workers [18]
al the peak 1emperature and they suggested that the crilical resotved shear stress lor <111> was so
high that other slip vectors hewme active and a transition occuvred in glide direction from <l | |> )
non-<111>, specifically, 10 1 mixiure of <100> and <110>. A similar result was obtamed in the
present work by the quantitative dislocatton analysis which showed thal more <100>{001} siip
combinations than <OG>{011} were found at the peak temperainre (800°C) and at higher
temperaturcs afthough <100={01 1} slip makes an important contribution 10 the deformation lexture
al high temperatores, Yoshimi et al examined the relationship between dislecation stwructures and
yield point at differcat (emperatures in.a B2 structured Fe-39.5A1 alloy compressed at various
temperatures (Tl-the temperature where the yield stress begins to increase anomalously, Tp-the
lempermune where the stress peak appeared}{52). Below T1 (rpom temperature in their study), the
microstructore is characterised by completely long straight <I111> screw dislocations. Below Tp
and above T, it was again <11 1> dislocations thal deminate but mest of them were not screws,
Over Tp, bundles of 1angled [(HO] dislocations were determined fo lie along the 1100} direction.
Screw dislocations were also noted in Fe;Al alloy deformed mt 400°C for both low sirain rawe
(4:c|0'ﬁ s". all the dislocations were <1 11> type on {011 planes, mostly screws, lew edges) and
al relatively high strain rales (4x|0'3 57, all the dislocations were <111> lype and about half of
them were screw Iypes on {011} planes)[91).

The stress variation and transilion in slip direction was also examined by slip irace observations by
Yashimi and co-workers on a B2 ordered FeAl alloy[61]. Below the peak temperatures (near 873K
or 823K depending on the crystallographic orientation), <111 slip was dominant and it changed 10
< 100> slip over the peak Tempeeatuare. It is interesting to nole that the slip dircetion at iemperatures
where the siress peak appearcd was <100> for al crysillographic oncentations, suggesting that
<100 ship is responsible lo deformation al the stress peak temperature. A critical resnll obtained in
the present stindy, showed that <100 dislecations make up the majoriiy, about 80%, of the tatal
dislocations at 800°C where the peak in stress appeared.

5.7.2.zIncreases of stresses and changes of dislocation structures from 400°C to
500° ~v

1 is of interest to compare the microstructures of materials forged at 400°C and at S00°C to explain
the increasing stress over this iemperature range. In the fimt place, masi of the <l i1> diglocations
were screw at 400°C while there were [ewer screw <1 11> dislocations at 500°C. At the very onset
of deformation, the screw <1 1> distocations have the possibility to slip on several planes: {011)
or {112}, depending on the crystallographic orfentation of the applied stress for the particular
Burgers vector. It may then be considered that the density of mobile <111 dislocations is higher at
400°C than at 300°C, leading 10 lower yield stress al 400°C than at 500°C.



The eigss-slip af <1 1> dislacations is more evident at 300°C than in material forged at 400°C as
pointed out in section 4.6, for cxample, the cross-slip of some [11 1] varants omo {1 12) occwrred
during deformation and this is responsible for the increasing stress, as shown in the mechanical
data of ﬁg. 4-9, In fact, the cross-slip of superdislocalion reduces the ségmcnl length of mobile
dislocations, leading io increase of shear siress as described by

Hb
. as 5-3
T 7 (5-3)

where | is the shear modulus, b is the Burgers vector and A is the averge segment length of
mobile dislocations.

An ipvestigation on the sirgss anomaly in FeyAl single crystal by Hanada[52) argued that the screw
part of a superdislocation moving on the { T01) plane cross stipped thermally onto the (Z11) plane
on the twinming side or the (1 12) on the anli-twinning side, thus the cross slipped part acted as a
dragging point for the motiaon of the screw distocation on the (101) plane, leading consequently to
the siress increase. Detailed observation of dislocations in an FeyAl alloy deformed at varigus
temperatures showed[56, 81] that cross-slip became more and more evidenl above ambicnt
temperature and the stress increase ol intermediate temperature repime was afso closely associated
with the locking of <111> dislocations as a result of climb 1o a plane nearly perpendicular 1o the
Burgers vector. Similar climb disseciated configuration of some <111> dislocations was also
identifizd in a B2 Fe-39.3A] alloy[62]. It was believed that the meandering, fairly short [111]
superdislocations strayed off the operative (10!) plane frequently during deformation slightly
below the peak temperature,

Another aspect 1o which attention should be paid is the dislocations leaps generated by cross-ship
and further movement of dislocations as discussed in section 5.5. More dislocation loops were
noted in the present work in (he material forged at 500°C than at 400°C. The loops may oct as a
dislocation obstacle, lcading to stress increase, as shown in fig, 4-32 by the interaction of a bowed
[111] distocation (dislocation 51} with a laap. Further movement of such dislocatian may leave
another Joop around the original one leading to the formation of concentric loops as shown in the
same fig. 4-32 and 4-33. Finc lonps wene also observed in a Fe-43Al alloy and ihey were
considered to produce significant hardeningf 1 19).

In addition, a few dislocation decompositions of <111> o <110> and <|00> were noted in [he
S00PC forged condition. For example, a [1 T1] dislocation gliding on a (011) plane with Schmid

factor 0.41 decomposcd to a [110] dislocation gliding on a (110) plane with Schmid factor 0.17
and a [001] dislocation gliding egually on the {110) planc with Schmid factor 0.47. The low

Schmid factor of the newly genersted [1 10] dislocation may imply its Tow mobility and such
decomposed diglocations may lead to dragging of the other two dislocations, giving risce 10 a stress
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increase. It scems, based on the discussion above, that the increasing stress in this temperature
regime may comelale to several mechanisms insiead of only one mechanism daring deformation at

the high stiain raie used in the present study.

lust as the fraction of <1113 dislocavions afier forging al SO0PC is lower than after forging at
400°C, it can hie expected that this fraction may hecome lower at 500° and 700°C leading eventually
1o the transition from <1113 slip 10 <100> as the temperaiure increases. |n the present siudy, ihe
peak in stress al 800°C 1akes place when <l 1 [> dislocations are no longer predominant as seen by
examgining fig. 4-9. Previous studies by slip trace analysis of FeAl single crystal deformed a
different temperatores showed thar the peak stress corresponded o <I00> slip for various
orientations[61}. Dislocation’ examinalions in another study lso indicated the correspondence
bBtWeen peak in stress and predominant <100 dislocations] 1 16]. The following cvolution of
struc!urt: with iemperature seems possible: i) the nomber of screw <111> dislocaiions decreases.
with i mcreaﬁmg temperaiure, Yeading to a lower density of readily mobile dislocations:, i} at higher
temperatores. thermally activated cross-slip becomes more evident and leads io the decrease of
average segment Jength of mobile supendislocations; iii) more obstacles such as glide-produced
small loops may also exist; iv) the critical resolved shear stress of <10(e= dislocations reaches a
level where it is Jower than that of <111> dislocations, and thereafier the flow stress falls. Thus it
is 12asonable 1o expect a range of increasing suess with temperature and a peak in siress at some
femperafure.

§.7.3. Variation of work hardening rale as a fonclion of temperature

1t is intcresting to note thal the work hardening index or work hardening rate shown in figs. 4-12
and 4-[3 decreases almast linearly from 400°C 10 800°C while the yield point increases from 400°C
to BD0°C. In other words, the yield point and work hardening rate have an opposile dependence on
forging temperatures between 400°C and 800°C. The variation of maximum stress as a fonction of
the forging iemperature shown in fig. 4-10 demonstrates also a pear linear negaiive dependence on
Torging temperature {note thai the stress measured a1 the maximum strain on forging at 400°C was
50t a irile maximum but simply the highest sress at the point where forging was halted). The
nmmnic;_.us siress increasing from 400°C to 800°C was discussed in section 5.7.2 and the negative
dependence of work hardening rate on forging lemperature is discussed here.

Work hardening of ordered alloys was studied and shown to be conrelated with deformation by
superdislocations[120-122). An investigation on work hardening of fully-ordered CuyAu showed
very h:gh densitics of superlattice screw dislocations which had cross-slipped onto {100} and
which were believed responsible for the rapid Stage 11 hardening since they indoce other
dnsloeanons gliding on the pnmary slip plane to cross-slip and remove (hem from sobsequent
glide[122]. Davies and Stolofl had reached a similar conclusion on examining the work hardening

108



of CuyAl single crystal, indicating that the increase of work hardening due to ordering in the alloy
studied arises from 2 source exhaustion mechanism; distocations from a source cannot niove larpe
distances before being hetd up at barrters formed by partial cross slip of superdisiocations[120]. In
addition, a swdy of iensile behaviour apon .orclcring of NiyFe single crystals showed thar the
ordered specimens work-hardened more mpidly than the disordered ones, implying that the
superdislocations (€omplex dislocations) were responsible for the higher work hardening rate while
Lhe perfect dislocntions in the disordered state led to lower work hardening rate[121]. These studies
suggest that superdislocations may resull in higher work bardening rate than perfect or simple
dislocations.

In the present stedy, (ke fraction of the <1 11> superdislocations and the work hardening mte
decrease with increasing deformation temperatere. If we assume also that the work hardening rate
when defermation is controlled by <1 | I superdisiocaticns is higher than when it is controlled by
<M)0> perfect distacations, it is posstble also to explain the decreasing work hardening rate with
increasing forging temperature by (he decreasing fraction of <111> dislocations on forging at
higher temperatures. Thos the work hardening rate may be considered as being composed of two
componems:
8=0, 1115000005 (3-4)

where 8., and 8.y, are conributions of <I11> and <100> dislocations 1o work hariening
rate {the component of <) 1{e- dislocations 8., 1, i85 neglected in view of the small fraction of such
dislocations which are present). According ta the previous discussion 831,228, gy, and this can
perhaps simplify equation (5-4) as 8= f_((},'8¢y(1. Therefore, the higher the <11 1> dislocation
fraction, the higher the work hardening rate. and this can shed oseful light on the transition from
<l 11> to <100 slip system with increasing deformation temperature. Such an explanation needs a
detailed examination of the work hardening mechanisms of B2 ordered FeAl when <I11> and
<100 dislocations operate respectively, as well as the temperatwre dependence of each mechanism,
and the interaction of work hardening mechanisms {than is, for example, the mle that <i11>
dislocations play in muodifying 8, y,) and this discussion cannot be develaped further at the
present time.

5.7.4. Mechanical behaviour al different sirain rates

The comparison in fig. 4-9 shows clearly thal the data obtained by forging were shified to higher
tempexature by the higher strain rate while the values of peak in stress in the two cases did not vary
significantly. Thercfore, the siope of the stress-temperature curve in the nising stress stape is
smaller than for compression. The shift of the curve at high strain rate o higher temperature may be
associated with thermally activated locking mechanism, in other words, theme is Jess time for
locking at high strain rate than at low strain rate when the temperature is the same, whether the
locking mechanism responsible for the stress increase s ¢limb, cross slip. or any othcr pinning
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mechanism, This conclusion would scem, however, 1o eliminate the vacaney hardening miodel of
sirengthening.

Nevertheless, the sensi tivity of peak stress 1o strain rale shows somwe incompatbilitics in different
works. The studics of the yicld stress anomaly in B2 ordered Fe-40A) and Fe-32.5A0 alloys
showed centain increases in peak stress at high strain rale compared with low strain rate[61, 67],
while an investigation of yield stress in FeyAl showed only a very small change of penk stress as a
Tunction of strain rate]91]. The present work shows no significant increase of peak stress when the
sirain rate changed from ax10* 5" 10 l'l. while the shifl of peak temperature is significant and
may be related o the thermaily activated process conuolling the movement of dislocations.
Considering the extent of stress rise (locking Ag*)as a fanction of deformation temperatnre:

- A=A exp(-Q/RT). £ (5-5)

where A is a constami, Q,, the activation caergy of 1he locking process, R and T the gas constant
and the temperaiure, £ is the defromation rate, and n a positive constant. 11 is clear that higher
strain rates will reduce the stress Incrcase at a given iemperatare, and tend 10 push the anomaloas
peak temperature io a higher value. Il ts not possible to deduce further, however, from ihe present

results what precise pinning processes are involved.
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6. Conclusions

High swain rate, large strain deformation was performed at various temperaqures (400°C to 1000°C)
on a Fe-4lAl-2Cr alloy by forging and fapid queaching. Stow qumchiﬁg after forging and
subsequent annealing was employed to investigalc the final structure and its sensitivity to such
annealing. Mcasurement of mechanical properties such as yieM point, maximum stress, work
hardening paramcters, microstructure examination by opfical and by SEM observation, texiure
cvaluation by x-ray diffracion based on the relative intensity of differens reflections, dislocation
analysis and TEM determination of Burgers vector, line direciion, glide plane and Schmid factor as
well as crystallographic orientation determination of deformed grains or subgrains, were all carried
out. The results of microstructure and macrostruciure as well as mechanical behaviour during
deformation a1 low, intermediate and high lemperatures were discussed and the following
conclusions have been drawn:

I} Fast deformation by forging from 400°C 10 600PC resulted in very limited recovery and no
recrystallization duc to the relatively low temperatures, while some recovery was distinguished after
forging at 700°C. At higher temperatures from 800°C to 1000°C, both recovery and recrystallization
occurted because of high thermal activation at such temperatures. Annealing greatly changed the
deformed miciostructure afte large deformation, but hardly changed the deformed microstrucire
afer only a fairly small deformation. The recrystallized fraction and recrystatlized grain size
increase with incressing forging temperature. The halding time before quenching after forging ar
high temperature cnhanced further recrystallization enormously. confirming that rapid quenching
afier forging is extremely important to retain the deformed microstrecture from high temperature to
rocm temperature. Forging can significantly refing the microstructure when parameters such as
forging temperature, deformation, cooling rate after forging, elc., are well combined.

2) The rclative tmensity of x-tay diffraction reflections was used 10 evaluate the forging and
recrysiaflizetion texturcs, and it proved to be able 1o describe fairly precisely the textures obtained.
The analysis of relative intensity of x-ray diffraction reflections, the examination of deformed
microstructure as well as (he orientation detezmination of a large number of deformed subgrains and
recrysiallized grains in various conditions by TEM diffraction were very well consisient and
showed that the dominant forging texwre is {111] a1 both high and low forging temperatures and
the recrystallization texture after forging at high 1emperature or after forging plus annealing is
{200}, The results of exture cvaluation by x-ray relative intensity conformed very well fo
simulated fextures based on different operating systems: <Iti>{011} or <111>41#2} at low
forging temperaiures, bath generating very strong {111} texture and a rather weak {002} exture,
<100=[011} at high forging temperatures generating a strong {11]1) texture and a significantly
weaker {002] refleciion.



1) A larpe quantity of dislocations in different areas of vasious thin foils prepared from the materials
forged a1 400°C, 500°C, 800°C and 1000°C was analysed lo determine Burgers vector. dislocation
line dircction, glide plane as welk as Schmid factor with respect to the forging axis. The resolts
showed that mos! of the analysed dislecations were <11 1> 1ype at low or intermediate femperalurss
and many of them were screw ones: the others were edge or mixed type gliding on {011} and
{112) planes with high Schmid factor. There were more screw < |13 dislocations a1 400°C than &
500°C while 1here were more dislocations gliding an {112] planes at S00°C than at 400°C, A1
higher {above B00°C) temperatures, most dislocations were <100 type, gliding on [001) and
{011) planes, occasionally on (012} planes and generally showing a high Schmid factor.

The reaciion of <b1)2 slocations w produce non—<i 13> distocations was only rarely seen o
intermediate temperature where the deformation was dominated by <1 11> dislocations. At the same
time, occasiomal glide decompasition of <111> to genemte <J 00> and <] 10> dislocations was
observed. At high forging temperatures, many dislocation interactions of <100 ro produce <110>
dislocations were identificd and some of the resoftam <110 dislocations were mobile and others
were not, based on the analysis of their Schmid factor.

The ratio of the three variants of <100 dislocation: [ 100):{010]:[001] and the ratio of these three
varianis with high $chmid factor both in deformed subgrains and in recrystallized grains were not
near I:3:1, suggesting that the <JOO» dislocations did not likely generate from <Itl»
decomposition or <} 1 1> reactions. The dislecation configuration ot 300°C and at J000°C exhibited
simifar characteristics. The coincidence of the textore evaluation and the statistical analysis of
dislocations confirms that the deformarion systems during forging changed from low temperature 0
high temperature; the deformation was controlied by <111>{011> and <l 11>{112] slip at low and
intermediale temperaturcs and by <100={001] and <100>{01 | } a1 high temperatures.

4} 8lip transition from intermediate lemperature 1o high lemperature was identified by both texiure
cxamination and dislocavion analysis and this transition occurred over a wide vange of emperatars,
not at:-one specific temperature. Neither the <lii> dislocations al low and inlermediate
lemperalures nor <J00> dislocations at high temperatures were the onique type of dislocation
present but instead 2 rixture of both types was abserved over a wide temperature range.

5) A peak in 0.2% flow stress was observed at 800°C upon forging and this peak was a broad onc,
spread over a wide lemperatore range m the high swrain raie of forging, Locking of
superdistocaiions (either by cioss-slip or by climb at higher temperalures) had insufficient time 1o
occur & high strain rale when the deformation temperature was relatively low, thus the stress
jncrease caused by such locking was Jess important, and as a result, the slope of the yield point
tempersiure curve in the temperatore regime of increasing stress was lower. The value of the peak

12



stress oblained during forging had a similar magnitude 10 that obtained by compression al low

sirain rates.

6) Work hardening rate showed a negative dependence on forging lemperature due 10 twe factors: i)
work hardening rase is lower al higher temperatune altributed to thermal relaxation mechanisms; ii) it
is assumed that <l 11> dislocations produce a higher work hardening rate than <100> ones, and
hence, the higher fraction of <11 1> dislocations formed at lower lemperatures corresponds (o a
higher work hardening rale.
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Appendices



Appendix I Dislocation analysis of an area in the material forged at 400°C shown

in fig, 4-29, Oricniwion of analysed grain; near (0L [].

d TI0 101 011 510 020 b u p m
I i v v v ooy i e (N 0
b v ¥ i i v [TH] [T11] screw

3 v v i i v (111 12311 @iy 047
4 vooov i H v [T [T screw

5 v ¥ i i v {1 [T1)  serew

6 v v i i v [TI1] [TH1]  screw

7 i v v v v (M1 [T aimy 0
8 v v i i v [T11]  [TI]  screw

9 v ¥ i i v [T1) (111]  screw

10 v v i i v (101 [(111]  screw

" v v v v v [

12 vy i i v [T11]  [TH]  screw

13 v i v v v [0101 [T221 (1) 022
14 " ¥ v v [L1T) (0011 (HIOY 0
15 i v v i i [001)  [001]  screw

i6 v v v v 010 [1221 o1 022
17 v ¥ i i v [1i1

18 v ooy i i v (T8 (3311 W 041
19 v v i i v (711) (1001 (011 0
20 v v i i v [1in

21 v oo i i v [TH]  [313] (10D 041
22 v oo i i v [TII] (010 {101) 041
23 i v v v v el 0101 (101 0

24 v oo i i v (71 [T11]  screw

25 v v j i v [T11)  (T11]  screw

26 v v 010] [I11] (oD 0.35
27 v oo v [0L0]  [0i1] (001 0

28 v oo i i v (1111 (T screw

20 v oo i i v [T1)]  [010) (301) 041
k1 v v i i v [TIY  [T11]  screw

31 v ooV i i v [T111 (1111  screw

32 vooov i i v (T
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Appendix 1 continued

13 v v i i v (T11} tTH]  serew
34 v v i i v {111 piy - ©Tn 0
35 v v i i v (T {3171 iy o4
6 i v v Y (T {1an aon 0
7 v ¥ i i ¥ (T} (TU] screw

18 i v v ¥ v oMy (N 0

39 i v v v v T 111] screw

40 i v v v mir  (Ton1  aoen 0
41 v v i i v (T [211] TN 0
42 i v v v M1y (oo <110 ]
43 i v v v v (I (oo (1o 0

Note: d-dislocalions, g-imaging vecior, b-Burgers vector, u-dislocation line direction,
p-glide plane, m-Schmid facior.
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Appendix 11 Disfocation analysis of third thin foil of the material forged at 400°C.
Crientation of analysed grain: near [011].

d i o1l 10T 110 002 200 b u p m

[ v v i v ¥ [111]  [212] (10D 0
2 v v i v ¥ (1171 1T]  screw

3 vooov i v v (111] [M1]  screw

4 v ooy v ¥ M1y (Zizr gon 0
5 vooovo v v (7] [1T] screw

6 v v i v v [117] [11T]  serew

7 v v i v v 111] [T) screw

8 v v i v v (111 @o] e 0
9 i v v v v (TH] [T11] screw

10 i ¥ v v v (TH] [T11] screw

B i v ¥ ¥ v [TH] [T11]  screw

12 v v i v ¥ (1IT) MT]  screw

13 v v v v [111) [HT]  screw

14 Y i v v (1] (111]  screw

15 v v i v oy 0171 (U] screw

16 i v ¥ v v (TH) (] screw

17 v ooy i v v (ni

I8 v v i v v [

19 v v i i v (o] M3y (e 0.25
20 v v i v v 1171]
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Appendix ITT Summary of distocation analysis on three thin foils of the material forged at 400°C

| prop of <100 102l ] |2 5:0:38 5:0:)4 0:1:19
L2 pereenage of 1180) 0% bl %
3 percentage ol [010) % % 0%
4 percentage of 10} % 26%: 0%
5 p geof <) 10> i) ) 5%
b pereerage of 1111} ¥ R W%
7 percemage of [111] 52 % L%
] m® age of {111} . i 5% O%,
9 percentage of [111] 26%  _ | H% £5% .
0 analysed thin foil 151 thin foif nd thin fod Srd thin fold
11 orienlation of analysed grain 10101 ALY M L H]]
12 4 inth: of anatysed prain won-recrysiallised| non-peevysiallised | mom-recrysiallised |
13 her of tota) dislocations 41 i 12 20 |
1d {100 |percentage with high m R 0 i
I5 percentage with Jow 0% 0% 0%
16 J(JEL] J percentage with high m S04 % 0%
17 perceniape with low m S0% 0% 0%
13 1001} |perceniage with highm | 1005 100 %
1Y percentape with low m i . 0% 05
o iy perceniage with highw | i/ % 0%
21 percentage with low m i _ % 0%
22 11 perceniage with high m EO% 100% 1%
23 . Ipercentage with low m . _16% 0 (%
b1 10 percentage with high m (1] 100% % |
3 perceniage with low m % ) % 0%
26 111} |rercenlage with high m | b B GlHE
7 perceniage with low m HE _ 0% | A%
28] <10 ith hi "
perceniape with highm ;0% | 100% . 0%
29 [percentage low m| 4% 0% %
[ <ld>  |percemoge with high m L . O 0%
31 percentage withlow m | 0% | 0% 100%
32| <ti)> e ge with high m ¥R ) | G 685
33 pereentage wilh low m 1% - % ta%
d propating of | 10[(01¢]:M01]
35 \s‘ilh_h_'!ghSchmiﬂ'facmr.m } 0:2:1 ] 0:0:5 0:0:0
L] | <l > domingie | <] 1> dominae <) )>d

Note: Line I shows the pruponion of three types ol dislocolions <[00, <10 and <) 11>,

Lines 2.4, line 5 and lines 6.9 indi the percentages of three vartants of <100> distocaions of
the wial dislocations analysed, the percentage of <110 dislocattons of vhe lotal dilsocations and Yhe
percenlages of low var of <) 11> dislocalions of 1he o1e] dislocmions, respaciively.

Liae 14 s line 1S thow the percemtages of (100] dislocmions with high and with tow Schwmid facivs
of 1he rowal [100] dislocations analysed. Lines 16«19 have the simidar meaning.

Line 20 and Dine 20 show the penseriages of 111} varizay with high and with low Schmid fheinr of
Ihe 1otal | 1117 dislocations. Liaes 22-27 have the simila meaning.

Lines 28.33 show the percemages of theee 1ypes of dislocations <110>. <1 10> and <1V with high
and with low Schmid facvor of the wolel distocalions of cach 1ype.

Lines 34-35 shaw the proportion ol three <J00> varipnis with high Schmid facior,
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Appendix 1V Dislocation analysis of an area of lhe material forged at 300°C as shown
in fig, 4-32, Ocientation of analyscd grain: ncar [OD1].

d ’ 020 200 110 110 071 . b v, p . m
{ v v i v i [ (111} SCriw

2 L S i [T [T11)  serew

3 vovoov i (T (TH]  screw

4 v v i v oo (1113 [11]  screw

5 iy o ovoov i (1000 (0011 (010} 0
6 i v v v i f100) [T1] (@O 0
7 v v i L | [y [y screw

B T [111]  [010} ¢T0D) 0.41
9 T D [N 1010)  (To1) 041
1o v oov o oov i [T11) 1711  screw

11 v v i v i [y [t11) screw

12 A [(T11] [T11]  screw

13 v ov o ov i [TH] [TH1]  screw

14 R (T11]  [T11)  screw

15 vovoov i i {T11] [T1] screw

16 iy v v [1e0] [301] (0L0) 0
17 v ov o ov i i (111 [TH] screw

18 v v i v oo [111] [111]  screw

19 T (1117 (1001 1N 0.4l
0 v v 0w i iy Ry I 0.41
21 R R R | [100] (3100  {(oo1) 0
22 v v i v i o

23 T (T11] [111]  screw

24 T R {1111 [OodM) 1 0
25 iov ovoov i [100] [0M] (010} 0
26 (T (100] [001] (0!0) 0
27 ioovo v i i [100] [001] (010) 0
28 i v ¥ i i [100] [001] (@0) 0
29 R R [(T11] [001] (11D) 0
30 v ov iV i [ (oo @y 04l
EH vov iy i (111 {100] 11y 041
32 O [(T1)  (T1]  screw

33 v v v i [TI] {1111 screw

14 N Ty o) a2 024
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Appendix 1V conlinued

35
a6
37
a8
39
40
41
42
43
44
4s
46
47
48
49
50
51

< & = om e =

[T1)
[T
[T
o
{100]
[oo)
[in
pHn
i1
[160§
i
f001)
1001
[001]
{001]
[6o1)
[rn

(o1}
f100]
(111}
{mi1]
i
It

[
1010}
[011]

uzn
@ain
screw
(100)
©In
o

RCrew
(To1)
nTn

0.24
0.41

041
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Appendix ¥V Dislocation analyis of another area in the same thin 1ol of the material

liozrlggii at 500°C as that of fig. 4-33. Orientation of analysed grain: near
& _ _ _
d 110 Tol 01T 200 002 020 b u P m
1 Y oov v v i v [T (11 (i 0lé
2 v i v v v oy DT {171 screw
3 v i v v v oy T {111)  serew
4 ioovoov 0 v 10011 [TH] (1o 047
3 O T [TH]  [TH] screw
6 v v iy v v (T4 [TN1]  screw
7 i v iy i o) 1 (e 047
8 v i v v v v T Y1) screw
9 A T ntol  [T12] () 017
L0 v i v oy v v T 211} i 041
1 I R TV [oo1] nriy  aley 047
12 v iy v v v Y piz (1 024
13 v v b v v v iTH] (213 o 0.8
L4 v ov i v v ¥ (11 [N} screw
15 v i v v v ¥ 1T [I11)  screw
16 v i v v v v nrny 31 My 024
17 N T [F11]  [001] gy 014
18 T [TI1]  [111]  screw
19 N 2 A [111) [ 1zl 005
20 v v o iov v [T11]  [H1T1 (o0 018
21 v i v v v v (17 [T1]  screw
22 v v bov v oy (T Q0131 1y 014
23 v i v v v ¥ [(IT1)  [}11)  screw
24 T Y [T1Y]  [¥1]  screw
25 T T [o11] (N o1y 037
26 iy oY 0w [OH] 228 (1 0.47
27 v oy oiov v v ITIN [F11]  screw
28 v v i v ¥ v [I']-I] [Il_l] screw
29 v i v v v v (i 7] screw
30 v i v v v v T 7Y screw
31 v i v v v v [ITI] [T screw
32 v 1 ¥ v v v T OT1] screw
13 v iy v v ¥ D () 041
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Appendix V continued

M v oioov ooy v ¥ (71 (71 serew
5 v iy i i v [o10] prTn o (on 0
6 iy ooy i i wor; {11l 010y 047
37 T R [010) (1T {on 0
18 v v iy v v (T (T1) serew
39 v ot v .oo¥v v v (i (trn screw
8 v v v v i v 11y (7] uo U8
a4 h v oy 0 v (0o1] (2211 (1o 047
42 iy v iy i 0011 {3M]  aW 047
43 vy i v v v ¥ N1y iy seew
44 v i v v v v A ] V) 0.4
45 vy v v v i ¥ [ty (T (i) 017
46 Yy oy i ov v v (T11; (1o1)  gob 0.18
47 R T R Sriny o g2 on 0.18
48 ioov ooy o iov i [001) - (110] (11 047
49 S BT 0T serew
50 N T 0ary 0T screw
st iy ooy 0w [@01] [032) (100) 044
52 v v i v v v [Ty (11 serew
53 v o v v v v (171] (T SCTew
54 Y v i v v v (1ny (o) (112 013
55 v iy v v o (71 (71 sceew
56 S T (YH] (T4 screw
57 v v v v v ¥ 1171 (1ol 1213 047
58 v i v v v ¥ [T1] (0111 01D 0.41
50 v v i v v oy LTIy (71 screw
80 iV v 0oy i (1} (Tt21 (1o 0.47
61 y v v i v 1071) (001} (00 016
62 vy i v v v ¥ nry o pon {101 0
a3 v i v v v v (711 111 screw
64 v v v v i v (110) 1113 oy 0417
85 vy i ov v v v 11 1T1 screw
66 v o iov v v v nTny (11 scew
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Appendix VI Dislocation analysis of ihird thin foil of the matenal forged al 500°C.
Origniation of analysed grain: near [331].

d * 0T T T10 002 200 b u P m
| i vy v vy Iy TN ScTew

2 ¥ v ¥ v ¥ [Tﬂl]

3 v i v v v (T  1T13] 211y 012
4 v i v v ¥ (1111 11 (e 009
5 v ov i v v M1 [117] screw

6 v v v v i eI

7 v v i v v [

8 v v i v ¥ ITy [(1T)] screw

9 A " (T10]  [001] {1} 0
10 v v v v i o11]  [137) on 021
" T (o171 (1 (T i]
12 v v v v v [TOI]

13 v v i v v mily pm 1} 043
14 Pov oy i [010] 1271} (105 022
i5 T miy  [pz2 1) 043
16 i v i [010]

17 v v Yy v v [ToI] [121] aoly oM
18 v ¥ 1 i ¥ (g

19 v v v v (101]  [s01] o 022
20 v v i v ¥ (I [ron (1o 043
21 v iy i v [100] 112 02 016
22 v v i v v [t [I13] 11y 025
23 T N [ (13 @7 025
24 i L T B (TN (i} screw

25 i v v ¥ v [t [T SCICW

26 v vy ooy i 111 [(0Z1] {00y 022
27 v i v i v (100] {111 @) 045
28 v v v v v {101y (111} (o o021
20 iv v v v (T (g scTew

30 iovYy v v v i 033 on  om
Al T [100] o11) 1) 045
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Appendix VI continued

32 v v i v (M1 (1l screw

33 S HIT)  f11T) screw

34 ¥y v i ov ¥ [ [0T1] (011} 043
35 L (1171 (1 gy 022
36 A {Tn) 2111 @I 043
kY, vV ¥y ¥ v ¥ (Ton

38 v i Yoo v (1o [120] ((LH)] 0.16
19 v ooy i owv i [T [r2el] @211y 025
40 v oy iy v (i (207 (O11) D43
4| v v i v oy (i} [om (aon 043
42 N R mn (2131 @iy 025
43 N (1T 3 @i 03
4 T M (331 oy o4
45 v v i v v (Y (122 o 043
46 iy v v v Ty i1 0
47 N [ [z ©1} 043
48 v ioov i W (100] [105) ©I0y 047
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Appendix VII Dislocation analysis on three thin foils of the malerial forged at 500°C

t proporiion of <1(K<) 1041112 17:1:3} 9:4:17 12:6:48 8:11:29

] _percemage of | 1] % 1y 0% 0%

a P e of |010) 0% b % 4%

4 percentage of |001] 12% 5% 15% %

) _percentage of <l 10> i% 19% % 3%

5 P ge of 1111} 30% 0% 0% 1]

7 g peof 1H1] % 8% 0% 5%

3 p geol [111] I3 19% 2% 3%

0 prcemage of [111) % o) 0% o
i anatysed thin ol Lo thim foil 2etd thiy Falt 2a2 thin foll et ihriz foll

1] fleld field omre Ficld e _ )
12 jentetion of analysed griin 1001} 1212) ) [EA L]

12 h fxtic of anslysed geain non-reerysialllsed | noa-recrystallised | _mon-recrysiallised | _noa-reciysiallised
14 nurmtzer of potal dishocations 0 . 32 &6 a

i3 11004 P age wilh high m o o 0% 0%

16 perrmage with fow m 100% _ 0% 40%

17 10101 P 1pe with high m D) [ 0% 0%

18 P ge with bow m 0% ; 100% s

2 0013 reeniage with high m ! 5% e |G

20 with bow m ] f o 100%

il my reemope with high m 2% 0% o | o=
L2 peiceniape with low m o o o UE

B Iy ge with high m 6% S6% 555 x|
24 Y e with low m A% 4% I 1%

a3 pag_ | r with bigh m. 0% 0% o me £1%
26 . ge with low m 0% N 3 n% e

22 ]y ge with hiighn |_ 0% e % | __

7B P 5 with bow m % 1RKE [ %
| 29 | _<I100> pertenizge with high m % 519 41% = g

o I; g with low m S0 0% 17% 0%

al <l 1G> percentage with high m 0% 1% % .

12 F K< with bow m 0% Bi% 0% T s

33| <tz |p ge with high m % L R 2%
L P ge with kaw m I L) . 2% L
35 | __propamion of 1100100010011 .

i) with high Schmid lagtor, m D:0:-- B:0:6 A 0:0:10 3:0:0

37 comments 4111> dominate <l 11> dnminate < 111> dominae <H11> doeminme

Note: Line 1 shows the proportion of \hree types of dislocations <100, <110 and <111>.

Lines 2.4, line 5 and lInes 6-9 indicate 1he percentages of three variams of <108> dislocations of
the total dislocations analysed, the percenlage of <I 10> dislocations of 1he taral dilsccations and
the percentages of four variants of <1] 1> dislocations of the to1al dislocations, respectively,

Linz 15 and lne 16 show vhe percentages of [100] dislocations with high and wilh tow Schmid
factor of the total [100] dislocations analysed. Lines 17-20 have the similar meaning.

Line 2! and line 22 show whe percentages of [111] varjant with high and with low Schmid factor of
the rotal [111] dislocations, Lines 23-28 have the similar meaning.

Lines 29-34 show the percentages of three types of dislocations <100, <110> and <111> with
high and with low Schmid factor of the total dislocations of cach type.

Llnes 35-36 show the proportion of three <100 varianls with high Schmid facior.
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Appendix VIt Dislocation analysis of subgrain B in fig, 4-34, Orientation of
analysed subgrain; pear | 111}

d ¢ Tor 071 1T¢ 002 200 b u p m
1 voovoi v, 1001}

2 v v v 14001 Wil O 033
3 v oo v LoDl (1221 @t 0
4 i vy 33 (010} {430) Q01 033
3 v oo v v [100]

6 v i v i v {10}

) v i v i v [100]

8 vy i % i LTy 10101 {100y Q33
9 i voov i i [010] (1501 @i 03
10 v oo ¥ i v {100]  {133) 011} 047
1" v v oo v 1100]

12 v v v i 1y @11 (100 047
13 v oo v oo v [100) [321] ©79 015
14 ¥ i v i v {100}

15 v i ¥ ¥ i [arit

L& v oo vooov latng

17 v v oo v [10q] (1111 ©Tn ]
12 T {0011 15101 (@I 033
19 i v v i i 1010]  [Z01) (02 015
0 v ¥ 1 v i {no11

21 i VA 1010]

22 2 S v [100] (0017 (@0} 033
23 v ooy oov i v (1101 [003) 0o} 0
24 v oov iy i (oo1) (3011 @I0) 033
25 i v oov i i j010] -

6 v v i ¥ i {d0i]

7 v v i v i (]|

28 v v i v i [001]

29 i v v v v 1Tl p33] ©In 027
30 v oo v oo ¥ (1901 [001)]  (010) 033
3l v oo Voo ¥ [100]
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Appendix VIH continued

32 v.ooiov i v [100] LI @I1n 0
a3 ¥ i v i v 1100]
4 iy v q [010]
15 v v i v i 0017
36 v v i v i [o0t)
37 v i v i v L100] 1130] won 033
38 v v i % i [601]
9 i v v i i [010]
40 i v v i i [G1Q]
4] v i v i v [100] o1] 01 033
42 v v i v i [001]
43 i ¥ v i i 01}
44 i v v i i [010]
45 T 001]  [010] (100}  0.33
46 v v i v i [oo1] [010] (100 033
47 v oov i v i (0017  [010]  (100) G633
48 v v i v i 1001] [010] {100y 033
49 v v i v i [601] [010] {100) 033
50 v v i v i ool [010] (100 033
51 i v v i i [a]
52 v v i v i [00n
33 v v i v i [001]
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Appendix [X Dislocation analysis of subgrain C in lig. 4-34. Orientation of analysed
subgrain: near [111]

d BTm ©11 110 002 200 b 0 p m

[ v i v i v [1I00] 01 @) 033
2 T T [100] [M] 010y 033
3 I [i00] (i) o1} 033
4 oo v 0w {100 [001) @Iy 033
5 v v i v i [6on

6 v v i ov i {001}  [0i®) (100)  0.33
7 i T [0103 (2ot (a2 045
8 i T [0 2011 (10n 045
9 ioov v (010) [201) (102} 045
10 v v i v i [001] 1100] I 033
(l T 1010  [Z01] (102) 045
F vy v i i ©1] 100 ©on 033
13 i v v i i [010] [100) 001} 0.33
14 v v oo v (1000 (1211 (012) 045
15 iy v i [010] 00l @01} 033
6 v i v i ¥ (100) (101} (010} 0.33
17 Py v d Moy 0] ©on 043
18 i v v i i [010] 1000 (001}  0.33
e i v v i i {010) [100) (©O1) 033
20 v v i v i {001]

21 ioov v i i 0107 [THT Qoi) 047
20 v vy i i 010 (2017 (102 045
23 0v v i v i 001] [100) (01 033
24 i v vV i i 1010]

25 v v o v o0}  [1] @1 0
% v v v i ¥ (T10) [0o1]  €110) 0
%7 voov oo v 1001 031} {10y 033
28 v i v v [100) [072] (021 045
29 v v i v oo {001] (032] (i00) 0.33
W v v diov i (001} (0311 (100) 033
31 v v v v {TH] (o113 @in 0
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Appendix IX continued

12
n
et
A

35
a6
kY
8
19
40
4]
42
43
a4
45
a6
47

< 2 =

¥

€ & &% & €« — = & & g =-

< =

<

L R R B T T - R

-

[001]
[010]
(019
(011]
(111
HH
[010]
[010]
(T11]
1100]
(001)
[010]
10101
1010)
[010]
[Ton
[019]

(1oo] ©10}
[eg] (0o
[07Ti]  (o®
[con {1y
[0i0]  (ion)
(301 @0
(100]  (oon)
o] QTn

031

0.33
047
027

027

0.33
033

128



Appendix X Dislocation analysis of an area of a second thin foil of the material forged
al 800°C. Orientation of analyscd subgrain: near [111]
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Appendix X continued
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Appendix X1  Summary of dislocation analysis on four thin foils of the material forged at 800°C
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Litie 21 and loe 22 show the _H_Q.._.__muo... AF [111] variam with high ond wlb lew Schmid lacter of rhe total [111] dislocmions, Lines 23-28 huve the simifar smcening.
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Appendix X11 Dislocation analysis of the area shown in fig. 442 ( forging at
1000°C. Onentation of analysed subgrain: near ((11)
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Appendix XII continued
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Appendiz XIN - Summary of dislocation analysis on three thin foils of the maverial forged m 1000°C
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Note: Line 1 shows the proponion of three types of dislocations <300, <} 10> and <1 11>,
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The Iotab [ 100 diskocavions anubysed. Lines 17.20 have the simtlar meaning.
Line 21 and Yinc 22 show the percenlages of [178] variant with high and with Tow Schmid Faclor of 1he
tcial [111] dislocations. Lines 23-24 have the similar meaning.
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