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1. Introduction

Encouraged by the discovery of the ductilisation of polycrystaiiinc NizAl other intermetallic
compounds have attracted interest as structural materials for high temperature application.
Therefore, during the late 1980's, research in intermetallic compounds formed by elements with
low densitiss become increasingly more widespread. Lightweight, heat resistant materials will
allow for weight saving in all kinds of combustion engines, particelary gas turbines, and in the
fuselage of future space aircraft. The wcigﬁt reduction in these compounds would lead to fuel
savings and an increase in pay-load.

One example of such a material can be found in the group of the AlyX-based aluminides,
where X is a group IVB or VB transition metal. Due to their high aluminium content, they
have low densities (generally below 4 gom™) and a protective Al layer at the surface, which
leads 1o good oxidation and corrosion resistance. In spite of their high alumintum content, they
exhibit a high melting paint: Ty, 2 1300°C. Unfortunately, the binary Al;X phases are
daltonides and, in addition, they melt incongruently. Therefore, their preparation causes some
difficulties, The earliest works published on these intermetallics reported an extreme brinleness
at low temperatures and related the britile behaviour to the tetragonal erystal structure which
exhibits an unsufficient number of deformation systems. Cubic trialuminides had been
proposed to augrtient the number of active deformation systems.

This was the smme of knowledge ar the beginning of the following thesis. The goal and
challenge of the research was to undersiand the mechanisms which relate the microstructure to
the mechanicat properties of these trialuminides. With this knowledge, improved materials with
properties meeting the demands of industry can be designed and brought to the weight saving
applications mentioned.

Other, obvious methods 10 improve the ductility are embedding the brittle material in a ductile
matrix or reinforcing the brittle materizl with a ductile second phase. Both types of two phase
materials, in which Al3X-based aluminides form the hard but brittle phase, can be prepared by
powder metallurgy techniques. These two phase materials will be presented in a separate
chapter.
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2. Literature Review
2.1 Fundamental Properties of Al;X-Base Intermetallic compounds
2.1.1 Structural Relationships

The most important long period ordered structures in the Al3Ti basg intermetallic compounds
are the DOy (Strukwrbericht designation), or 118 (Pearson symbol), and the L1y, or ¢P4,
structures. The AlyTi phase and, for example, AlyV, Al3Nb and AlsTa form crystals with the
D04y sructure. AlzSc and wernary alloyed AlsTigM (where, for example, M = Cr, Mn, Fe, Co,
Ni and Cu) erystallize in the 114 structure. Both unit cells are closely related, i.¢. the tetragonal
DQpy-type structure is derived fram the cubic L1-type structure by inoducing an antiphase
boundary (APB) with a displacement vector of the type 112 [110] on every (Q01) plane, as
shown in figure 2.1.

le

Figure 2.1: Swuctures of the types L1 and DO3y. The DOyy structure can be derived from
Llg by an APB an cach even (001) plane. Open circles represent Al, shaded circles represent
Ti,

Electronic model simulatons by Nichalson et al. (1] suggest that the tetragonal distortion of the
tattice for Al3Ti (%/, = 2.23) stabilizes the DOy, structure. For a trialuminide with the ideal ¢/,
ratio of 2, the energetically favorable sructure would be L1, Exactly this effect, i.e., lowering
the ¢/, ratio, results when AIRTi is alloyed with an clement out of the group of d transition
metals mentioned above. Complementary, Eberhart, Kamar and MacLaren [2] find that dilue
alloying of Cr, Mn, Fe introduces an amount of d character into the aluminium sp-bonding
region of Al4Ti type compounds. The d states are localized in energy and firstly, increase the
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isotropy of the bonding (reducing the ¢/, ratio) and, secondly, induce preferential ordering of
the second neighbour Al atoms consistent with the L1, crystal structure.

The discrete variational Xa cluster calenlations are accomplished for ¥ TiAl by Morinaga,
Saito, Yukawa and Adachi [3}. The addition of certain third elements, M, weakens the Alp -
Tid interactions but enhances d-d bonding in terms of Md - Tid interactions. The p-d covalent
bonds with the lower coordination number are highly directional. Righ directionality of the
bonds increases the shear strength and gives a large barrier to shear deformation. The
simulations by Morinaga et al. show that the Md - Tid interactions increase and the Md - Alp
interactions decrease in the order of decreasing atomic number between Cu and V. Since V
alloyed trialuminides crystalize in the DOy, structure, AlsTioCr and AlsTioMn are expected to
have the lowest strength and the most symmetrical properties, as far as the results for TiAl
based intermetallics can be transfered 10 Al3Ti based alloys.

The Pettifor strocture map for A3B compounds shows pseudobinary Al;Ti based phases
exhibiting the DO or the L1, crystal structore in direct vicinity [4]. This map suggests that it
shonld be possible to move from one structural domain to another by suitable addition of a
third alloying element. Unfortunately, the Pettifor maps restrict only the number of the candi-
dates far the third element, but it does not predict if a such alloyed phase exist, if this ternary
compound exhibits really the L1, structure or at which amount the third element has to be
added. Using Penifors’ critetion of the average Mendeleev numbers (4], the possible candidates
for alloying elements to transform AlyTi into a trisluminide with L structure are the group
V1A to group IIB transition metals. At least for the fourth row transition metals this prediction
is correct.

However, the list of the transition metals which, alloyed to about 10 at-%, change the tetragonal
DO+ lattice of Al3Ti into the cubic L1 long mnge ordered structure is not complete and still
nnder investigation. In 1965, Raman and Schubert {5] publishes a work on the constitution of
some alloys related to Al3Ti. This paper reports the L1; crystal structure of AlgoTigsCanys and
Alg7TiasNig. Later, in 1981, Seibold finds in her research on the ternary Al-Ti-Fe system [6]
the phase Aly;TigFes, which forms L14 crystals. Only in the last few years, the L1 stabilizing
effect of Co {7], Mn [8] and Cr [9] is discovered.

2.1.2 Deformation Systems

Considering a fce lattice as a base for the explanation of the Burgers vectors, in the ordered L1
superstructure, the dislocation with b = 9/,<110> is only a partial of a so called superdislocation
(see figure 2.2). The whole Burgers vector of the snperdislocation is b = a<110>. The
dissociation of the superdislocation means that an APB ribbon is spread out between the two
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superpartials. Moving this dislocation, the leading partial will create an order fault, which will
be annihilated by the trailing partial. The equilibrium separation of the pair of dislocations is
determined by the balance between the elastic repulsion of the dislocation and the attraction
caused by the APB and its encrgy. The usval glide plane for dislocations having a %/,<110>
Burgers vector in a foc laitice is the octahedral {111} type. In the ordered L1, structure, the
same glide plane is found. However, the superdislocations may be able to cross-slip inta cubic
{100] planes as will be discussed in section 2.2.

Another Burgers vector lying in the cubic plane of the LI, crystal structure is possible, i.e.
b = a<100>. A dislocation with this & is not dissociated and will glide in the [100) plane, ie. a
second closest-packed plane.

A simple energetical consideration explains which of the two ghide systems mentioned above is
more probable for L1, structures, Considering that the line tension of a dislocation is propor-
tional to the square of the length of its Burgers vector, dissociation into two partials of "’lz
means an decrease of the energy of a dislocation. In the point of view of this first order
approximation both linear faults, the b = 9/y<110> + 9/<110> superdislocation and the
a<]00> dislocation have the same energy. But the closest-packed {111} plane provides easier

glide for the dissociated superdistocation, so that {111])<110> is the most favorable glide
system at low temperatures.

Figure 2.2: The possible Burgers vectors in DO3;. Those in the basal plane, <100}, and <110]
are identical to the Burgers vectors <100> and <110> found in L13. 1/5<112] is also the
twinning vector in DOy4. Only half of the DOy, unit cell is shown. Open circles represent Al,
shaded circles represent Ti.

The basal plane of the DOy and the L1, superstructure are identical. Hence, these two types of
dislocation with Burgers vector lying in the (001) plane, are also found in the DOy, lattice, ie.
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b = a[100) and b = a[110]. A third Burgers vector, namely b = 9/,<112] * may exist. (See
figure 2.2). The glide plane of a dislocation with b = 9/;<112} would be (111). But this is also
the twinning system for defdimation twins, with the four iwinning planes {111) and %4<112)
shear vectors. This type of twin is called an ordered twin because it does not disturb the first
nearest neighbour (NN) configuration in the DOy structure, Three consecutive layers parallel
10 {111) composed of large, medium and small circles are shown in figure 2.3 to illustrate the
NN configuration. Only shear in [11Z] direction conserves the NN relations, [121] and [211]
are nOt equivalent.

Figure 2.3 First nearest neighbour configuration in the DOy, structure. Three consecutive
tayers parallel to {111) are labetled with large, medium and small circles. Shear direction for
the ordered twinning is <112). Open circles represent Al, shaded circles represent Ti.

2.1.3 Binary AlsTi

Aluminium and titanium form the compound AlyTi with exact stoichiometric composition.
After the binary phase diagram AI-Ti [10], there is no detectable range of solid solubility.
Hence, AlyTi is a so called Daltonide. It contains as single phase 75 at-% Aland 25 ar-% Ti. A
peritectic reaction at 1360 °C forms the intermetallic compound Al3Ti, which solidifies directly

* : The mixed notations <...] and (...) mean that L1, indices are used for the tetragonal DOy
lattice, i.c. permutations are possible on the two first indices and the third one is fixed. For
example, the Y5[112} vector in fipure 2.2 is in tetragonal notation 155[111].
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in the DOy, structure. There is no order-disorder ransition nor polymorphous reaction down to
room temperature. The lattice parameters of the tetragonal DOyj structure are a = 0.3848 nm
and ¢ = 0.8596 nm, i.e. ¢/, =2.23 {11). The density p of Al3Ti can be calcvlated as p = 3.36
gem*3. The binary phase diagram as proposed by Massalski and his co-editors [10] is shown in
fignre 2.4.

Weight Percent Aluminjum
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Figure 2.4 The AlL-Ti binary phase diagram. The Ti-rich comer is still controversial. {After
Masslaski and co-editors [10])

A systematic research undertaken on the mechanical properties of Al3Ti and related
compounds is first published by the group around Yamaguchi {12,13,14). Their investigations
comprise mainly high temperature compression testing, oxidation behaviour and TEM
analysis. At temperatures op to 620 °C, Al3Ti behaves in a brittle manner, which means that
even in compression samples fail after only a few %o of plastic strain. The yield stress
undergoes a sharp drop in the range of 400 °C 10 600 °C, falling from about 170 MPa at low
temperatures to abont 70 MPa at high temperatures. The deformation mode at temperatures
below 620 °C is ordered winning of the type {111) <112]. Above 620 °C, good ductility in
compression is observed, and the four {111) <112} - type twinning systems are augmented by
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slip along <110} and <100). Yamaguchi explains the increase in fracture strain in terms of the
von Mises criterion: Below 620 °C, only the four twinning systems carry the deformation. At
higher temperamre, dislocation slip becomes active and 2 greéier number of deformation
systems is available [12]). Hence, the von Mises criterion is fulfilled, ie. at least five
independent deformaricn systams are active and an uniform deformation of a polycrystal
material is possible.

A crystal with the D04, structure is not necessarily brittle. The NigV phase exhibits the same
crystal structure (g = 0.3542 nm, ¢ =0.7173 nm and ¢/, =2.025 [11]} and the sams crdered
twinning is the important deformation mode 2t RT as in Al3Ti, as is shown by Vanderschaeve
and Sarrazin [15). Although this material is characterized by a high yield stress and a high work
hardening rate, good ductlity in compressicn is observed, both for single crystals as well as for
polycrystalline samples [16].

Again, it is Yamaguchi and his co-workers who propose ternary alloying additions to AlsTi to
aungment ductility [13). Elements as Li, Zr and Hf are seen to improve room temperature
ductility t0 some extent by promoting slip of <110] superdislocations on (001). On the other
hand, elements like V improve ductility due to the increase of the activity of ordered twinning.
However, for both types of allaying additions the ductility in compression does not exceed a
few %. Such a poor ability of plastic deformation has no technical use and another method for
improvement of ductility must be found.

2.1.4 Ternary AlsTioM Type Phases

A standard approach to achieve more ductility for a low symmeiry polycrystal material as
Al3Ti is to augment its structural symmetry. As presented before, the tetragonal DOs; structure
and the high symmetry, fcc based 115 structure are closely related. From the list of elements
which alter the DOy; structure 10 & cubic AlsTioM type, this L1y phase is reported only in the
Mn [8. 17], Fe (6, 18], Ni and Cu [5, 18] containing ternary equilibrium diagrams. From these
ternary phase diagrams the Al-Ti-Fe system is relatively well established. The recent work of
Mazdiyasni, Miracle, Dimiduk, Mendiratra and Subramanian [18] confirm the prior investiga-
tions by Seibold [6]. Figure 2.5 shows the Al-rich comer of the Al-Ti-Fe equilibrium diagram
as isothermal sections at a) 1200 °C and b) 800 °C. The L.15 single phase ficld seems 1o be
restricted and shified rowards higher Fe contents at 800 °C compared to the 1200 °C isotherm.

The other temary phase diagrams are controversial (Al-Ti-Ni and Al-Ti-Cu) or poorly
established (Al-Ti-Mn) concerning the existence and the extent of the L1, phase field. For an
overview see ref. [19].
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a) 1200 °C 2. b)800°C
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Figure 2.5: Al-rich comer of the Al-Ti-Fe equilibrium diagram, a) isotherm at 1200 °C, after
{18] and b} isotherm at BOO °C afier [6].

The carliest investigations on the mechanical behaviour of AlsTizM type trialuminides are
published in 1988 by Kumar and Pickens, who studied an Aly2TigFeq compound with the L1
structure [20). The results of compression tests are reported as 0.2 % offset yield swrengih in
the temperature range from -196 °C up to 750 °C. The yield siress is almost constant at about
400 MPa between the temperature of tquid nitrogen and 200 °C, increascs then and exhibits a
peak of 475 MPa at about 400 °C. At 750 °C, the yield stress drops towards 300 MPa. Neither
ductility daia are presented nor is the positive temperature dependence of the yield strength
commented.

Later publications report low ductility in bend and tensite tests for AlsTizM 1ype alloys, for an
overview see ref. [21]. The most widely accepted explanation for this lack of ability for plastic
deformarion in these materials are theories comparing the strength or energy of atomic bonds 10
the critical shear stress 1o drive a dislocation trough the crysial. n other words, the energy for
propagation of a crack is compared 1o the energy absorbed by the crystal by emiiting
dislocations from the crack tip. In a material which exhibits a low resistance against crack
propagation, the crack tip remains sharp, i.e. no blunting of the crack tip on a atomic level
occurs. In a paper presented by Rice and Thomson [22], the authors relate crack tip blunting to
the emission of dislocations from the crack tip. They find a strong tendency for crystals to be
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either completely ductile, or completely brittle, so far as dislocation emission in concerned. 1f
the condition pbfy, > 7.5 - 10 is satisfied (where p is the shear modulus, b the Burgers vector
and ¥, the true surface energy of thé ¢rack plane), the crack is ekj:écled to remain sharp, i.e. the
crystal behaves in 2 brittle manner and fails by cleavage. Turner, Powers and Wert deduce a
value for the surface energy of the crack plane in Alg;TipsNig and estimate ¥, = 2.4 Jm'2 [23],
Knowing that this rongh estimation scales with the melting temperature, this value is valid for
any trialuminide. Using the Burgers vector b = g<011> = 0.56 nm and p = 80 GPa [23] for
AlsTiyFe, the Rice-Thomson ratio is calculated as pb/fy, = 19. (A single 9/,<011> partial
dislocation cannot slip away from the crack tip.) Hence, Al3X based inermetallics are expected
to have poor fracture toughness and failure will occur by cleavage.

Using selected area electron channeling patiern, George and his co-workers show that there s
not an exclusive type of cleavage planes [24, 25]. Investigating different L15 trialuminides, they
cbserve that the cleavage plane occuring most frequently is of the {110} type. For example, of
the eight cleavage facets examined in an AlggTig1Feg Vs alloy, six are of the {110} type and
two are of the (100} type. This finding is compared to the results of computer simulations for
Al3Sc and A)yTi accomplished by Fu {26]. For the AlsSc, exhibiting the L1 crystal structure,
the cleavage strength is found to be about 19 GPa and essentially independent of the
crystallographic plane. This is significantly less than the value reported for Ni;Al, where the
cleavage strength of (110) planes is estimated as about 27 GPa [25]. It is concluded that the
availability of more than ane plane with low cleavage strength contributes to the brittleness of
Al3Ti-based intermetallic compounds., At the same time, fracture toughness measerements are
made using 4-poinmt bend testing [25]. For the quarternary Fe and V modified alloy mentioned
abave, the fracture toughness is reported as Ko = 2.1 MNm™15. The final conclusion in all
threz papers [24, 25, 26] is that the britileness of trialuminides is related to their intrinsically
low cleavage strength.
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2.2 Temperature Dependent Strengthening Mechanisms
2.2.1 Introduction

The following section provides an overview of the models proposed in the literature of three
dislocation pinning mechanisms at intermediate temperatures. Since a complete list of
strengthening mechanisms would exceed the frame of the present thesis, only the models of
those relevaat to the actual investigations will be presented. The subjects are treated in the order
of the strengthening they can offer: Strain ageing stands at the beginning, followed by antiphase
boundary relaxation and cube cross-slip leading to the so called anomalous strengihening.

2.2.2 Strain Ageing

Dynzmic strain ageing (DSA) is a phenomenon manifest as Liders’ bands or Portevin-
LeChétclier effect in many common interstitial and substitutional alloys. DSA is characterized
by an inhomogeneous flow stress often called serrated or jerky flow, and is caused by
segregatdon of solute atoms to dislocations. Twao principally different models are proposed.

1) Cotrrell postulates an "atmosphere” of solutes around the dislocations to explain strain
ageing [27]. The locally higher concentration af solute atoms pins the dislocations and gives
rise to a moderate hardening which can be undersiood as the difference in the shear stress to
move a dislocation throngh the atmosphere or through the lattice far away from the solute
cloud. At a certain temperature solute diffusion becomes rapid enough to be dragged along with
the moving dislocation. The speed of the dislocation is then restricted to the speed of migration
of the solute atoms in the atmosphere. Serrated flow is due to the dislocations alternacely
enabled (o break away from their atmospheres and being caught again by the diffusing atoms.

2} Based on the fact that the motion af 2 dislocation is in general a discontinuous process, van
den Beukel develops anaother theory of dynamic strain ageing [28]. He considers a distocation
segment waiting for the time t,, In front of an obsiacle. At a certain stress, this obstacle is over-
come and the dislocation jumps at a high velocity to the next obstacle. At a temperature high
encugh, segregadon of solute atoms to the dislocation may occur during waiting time t,. Thus,
the dislocation stopped by an obstacle is additionally pinned by the locally higher solute
concentration, leading to a moderately higher flow stress. If the dislocation surmounts the
cbstacle it leaves behind the solute atmosphere. More sophisticated theories, based on the van
den Beukel modet, explain successfully the beginning and the end of the serrated flow in many
alloys [29].
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It would be interesting to correlate the Portevin-LeChételier effect to the diffusivity of the solute
atoms. Taking the van den Beukel model, the waiting time t,, can be imitated by static strain
ageing tests with ageing time t;. A normal tensile or compression test is interrupted and the
.sample held under stress. Essentially, the dislocations do not move during ageing wnder stress
and the ageing time corresponds reasonably well to the waiting time. For an easy measurement
of t,, the tests have to be done at temperatures below the onset of serrated flow, where
diffusion is stow.

A mobile dislocation is stopped temporary for the ageing time t,. After Friedel [30], the
concentration ¢ of impurity atoms arcund a dislocation follows a power law during apeing:

¢ ~ (Db @n

where D is the diffusivity and B = !/ or B = %3 , depending if the matrix impurity interaction is
due to modulus or size effects respectively,

Fleischer [31] and Labusch [32] in their theories of solution hardening found a dependence of
the critical shear stress T, on the solute concentration as follows:

T ~ cb 2.2)

Again, B = !/, (Fleischer) or b = %3 (Labusch). For polycrystals, the flow stress is proportional
to the critical shear stress, such that an increase in stress Ao can be expressed as

AG ~ (D (23)
Where n is a number in the range of /4 to */g . With the eemperature dependence of D:

D~ cxp['%ﬁ 2.4)

where R is the molar gas constant and Qg4 the activation energy of strain ageing, (2.3)
becomes

- Al
Ao= A{lgex RT]
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or ln{A o) In{A} + n In{tg) - 2 QSA

where A is a constant. For a given ageing time t,, the first two terms on the right hand of this
equation are constant and the equation reduces to:

ifA )=« -1 BA QS"‘ @2.5)

where K is another constant including t,. With the well known Arrhenius type plot In(Ag) vs
T, Qsa can be calculated as:

Qsp = 2anR (2.6)

n

Where m . is the slope of the curve in the Arrhenius plot. Using equation (2.3} and taking the
namrel logarithm, n can be determined as the slope of the line in the plot In{Aa) vs In(t,):

ln(A U] ~ n In{D} + n Inftg)

Comprehensively, a Ag vs 1, or In{Aa) vs In(ty) plot is used to determine Aay at a fixed ageing
time. The slope n in the logarithmic In{Ao) vs In(1,) graph together with the slope of the
Arrhenius plot In(Agp) vs T-! enter into eq. 2.6 in order to calculate the activation energy of
strain ageing, Qga.

2.2.3 Antiphase Boundary Relaxation

If a superdislocation, as mentioned in section 2.2, maves, it 1rails an APB enclosed by the
superpartials through the lattice. This fault produced by shear is a sharp discontinuity in the
stacking sequence of the ordered crystal. Annealing such a fauli will lead to a spread of the
discontinuity over several atom layers. This phenomenon is known as APB relaxation. It can
be understood in terms of increasing the low configurational entropy corresponding to the
sharp, shear-produced discontinuity. In addivion, excess atoms in the material, if the
composition is not exacily on stoichiometry, will tend to diffuse to the boundary, reducing the
overll energy level of the alloy and changing the local composition significantly.
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Considering P brass with bee ordered crystal structure, Brown [33] is the first to establish a
relationship between APB relaxation and the yield point of a superlattice. More precisely, he
associates the critical shear stress T to the fault energy ¥ of the APB enclosed by a superdis-
location, and finds the dependence

o=

27N

§l=

where b is the Burgers vector. Brown continues the calculations taking imo account only near-
est neighbour interactions and neglecting diffusion. Finally, 1 is related 10 the long-range order
by the relationship ‘

T ~ 82 %5

where § is the degree of long-range order. The assumptions made by Brown [33] restrict the
validity of eq. 2.8 10 the temperature range of 0.5T, < T < T, where T is the critical tempera-
ture of the arder-disorder transition. Figure 2.6 shows the long-range order as a function of the
distance perpendicular to the plane of the stacking fault.

Onder
+So‘|—_
. ’
APB ———— ,-'
’
Distance
r"
rl _S 0

Figure 2.6 Long range order vs distance from the slip interface. The full line is the APB
created by slip of a single dislocation. The dotted line shows the APB spread to its thermal
equilibrium width d. (After Brown [33))

f3 brass undergoes an order-disorder transformation at a critical temperature of about 460°C.
Increasing the temperature closer to T, means that entropy effects reduce both the overall
degree of onder and, particularly, that at the fault. The width d of disordered material at the fault
increases gradually. The reduction of order and stacking fault energy at the APB plane of a
superdislocation will lead to pinning of that dislocation. Including APB relaxation, the motion
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of a superdislocation involves the leading partial dislocation creating a fresh, high energy APB,
_whilst the trailing parrial will only incompletely reheal the low energy, relaxed APB. From the
calculations of Brown, a maximum extent of dislocation pinning is predicted at a temperawre
of about 0.7 T,. This is in reasonable agreement with high temperature strength measurements.

One of the shortcomings of Browns theory is that it disregards the segregation of solutes to the
stacking fault, knowr as Suzuki effect in normal fee solid solutions. The idea of chemical
segregation (o the APB is followed by Popbv and his coworkers {34, 35], who investigate the
L1, erystal structure. Calculations made by this group consider both relaxation of the long-
range order and segregation of one of the components to the APB. It is deduced that the
combination of both mechanisms leads to a significant reduction in the order parameter S. In
the range between 0.5 T, and T, S falls much faster at the APB than in the bulk material. The
APB thickness, hence, increases by several atom layers. Segregation occurs at the APB,
leading (o an enrichment in element A at the fault plane for an exactly stoichiometric A3B alloy.
In case of a compaosition richer in A or B atoms, a segregation of the excess atoms at the faule
is observed. All these changes Jead 10 significant pinning of the superdislocations.

The modeis presented here can only éxplain the iemperature dependence of the yield stress. But
a mapid relaxadon at elevated temperature can produce continuous, sieady-state relaxation and,
hence, maintain supendislocation pinning. Similar to Cottrell locking in annealed matedals,
APB relaxation can lead to dislocation locking and to the appearance of discontinuous yield
points as well as dynamic strain ageing (DSA), if relaxation occurs fast enough. On several
occasions, discontinuous yielding or DSA has been observed and related (o APB relaxation,
¢.g. as reported by Morris, Besag and Smallman for CuzAu [36, 37]. In this work, Morris
shows that APB relaxation can lead to dynamical strengthening throughout plastic deformatan,
although the model proposed can not explain the phenomenon in all details.

Schoeck and Korner investigate the evolution of the dissociation distance of superdislocations
in plastically deformed NisFe during in s heating [38). They observe that the separation d
between the superpartials enclosing an APB increases because the geometrical APB formed by
slip can lower iis encegy by reordering of atoms in its neighbourhood. The value of the equili-
bium APB energy ¥ is reached asymptotically, The increase of d during in situ annealing in the
temperature range of 0.89 T, < T <0.98 T, is slow enough to establish evolution kinetics
(where T, is the temperature of the order-disorder transition). Three models are proposed:

Model A: The APR is considered as a thermodynamic system with initial free energy vy of the
APB created by slip. With the assumption that the APB energy v approaches the equilibtium
Y(T) at a rate which is proportional to the deviation from equilibrium (the classical second order
relaxation model), it is deduced
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where k4 is a constant, the so called relaxation time, determined by the diffusion process.

Model B: The APB is considered as enclosed by two unit dislocations. This system of the two
dislocations and the APB ribbon has the free energy E and approaches the equilibrium energy
E according to the linear rate equation

dE- EE
dt kg (2.10)

where kp is another relaxation time.

Model C: As starting-point, the authors consider a geometrical APB freshly created by slip
with an energy vg. For beginning the relaxation, it is assumed that the displacement of the
partial dislocations in x direction can only take place if the APB energy, starting from g, is
simultanconsly reduced by atomic rearrangement to a valie .. The dislocation will undergo a
diffusion-controlled movement and the resulting rate described by an Einstein drift is given by

s

where E; is the pre-logarithmic energy factor of the superpartials which determines their mutual
repulsion and k¢ is a rate constant.

Schoeck and Komner find that model C offers the best description for the observed kinetics of
APB relaxation in NijFe.
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2.2.4 Cube Cross-Slip

In a work published 1962, Kear and Wilsdorf [39]) investigate the dislocation structore in
CusAn, exhibiting the ordered L1, structure. They find a homogeneous distribution of disloca-
tions, but also vnusually long and straight dislocation segments. The later are interpreted in
terms of cross-slip of screw dislocadons from their octahedral (111) slip planes onto (010}
cube planes (see figure 2.7). The driving force for this cross-slip is the reduction of the energy
of the superdisiocation. The difference in APB energy between an APB on (111) and on (010)
is evident when looking at the fault created by a moving <10T> superdislocation. On {111), the
APB due to the leading partial 9/,<10T> changes NN bonds, contrary to the same partial on
(010) which creates an APB with only "wrong"” second nearest neighbours.

{010)

[101]

(1 fion}

(111)

Figure 2.7 Schematic representation of a straight dislocation segment locked by cross-slip of a
superdislocation in screw orientation from their usnal (111) slip plane onto a (010) plane.
(After Kear and Wilsdorf [39], the actual understanding of the cube cross-slip process is
shown in figure 2.10.)

Due to this cross-slip, the superdislocation becomes relatively immobile, in accordance with the
experimenially observed straight dislocation segments. Further, certain of these straight seg-
ments arc connected to one another in a stepwise manner. This observation is consistent with a
mode] of cross-slip occuring at different positions on an expanding dislocation loop. Tt is
proposed that cross-slip plays an important role in work hardening of ordered L1, alloys. At
low strains, accidental cross-slip of dislocations in the screw orientation will tend to control the
average slip distance, and therefore the work hardening. At higher strains, where more than one
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system becomes acrive, obstacles to slip may develop as a result of the Lomer dislocation
reaction, which provides an additional source of hardening.

Thomton, Davies and Johnston [40] study, in 1970, the ordered phase NijAl deformed in
compression as well as in ¢reep. NijAl exhibits the cubic L1 crystal structure. The authors
report among other observations the positive temperature dependence of the microstrain yield
stress and the flow stress, the strain rate sensitivity of the flow stress and structoral
investigations, namely slip trace analysis and TEM observations of the dislocation structure.
According 10 the form of the respense of the flow stress to strain rate changes two zones of dif-
ferent modes of response are defined, with a transition occuring at about 400 °C. Below this
transition temperature the activation volume is small, 25 10 300 5 3 (where & = 0.508 nm).
Apprectable strain rate sensitivity was found only at iemperatures above 600 °C. Deformation
in zone 1 (T < 400°C) is carried by edge dislocations, moving on {111}, Screw dislocation
appear 1o remain in sessile configuration, visible in TEM as long straight segments, as
described by Kear and Wilsdorf [39). In zone 11 (T > 400 °C) plastic deformation involves
glide of edge and screw dislocations, mobile both on (111) and (100) planes. Moving
distocations are submitted to an increasing interaction with forest dislocations and distocation
loop debris coming from the additionally activated cube slip planes at higher temperatures. In
summary, Thornton and his coworkers attribute the increase in the flow stress with increasing
temperature observed in NizAl to a change in the mechanism controlling the flow stress. An
exhaustion hardening process at lJow temperatures is supplanted by a debris hardening process
at higher temperatures, This transition arises from an increased propensity for { 100} siip.

In 1973, Takenchi and Kuramoto publish an investigation on another L1, material showing the
anomalous strengthening, namely NijGa [41]. They report the temperature dependence of the
yield stress as well as slip pattern and TEM observations of the dislocation structure. The yield
stress-temperature curve is divided into three stages, i.e. the low temperature (-196 °C) stage
(1), the intermediate temperature (RT to about 600 °C) stage (II), and the high temperature
(above 600 °C) stage (I1I). The yield stress in stage I is considered to be determined by solid
solution hardening due to the deviation from the stoichiometry and to impurities. In stage 11, the
yield stress is reganded as the superposition of this solution hardening effect and an anomalous
temperature effect. The beginning of stage IH is related to the onset of the macroscopic slip on
{100}, From the character of the dislocations observed in deformed crystals, the flow stress in
stage 1 is determined by the mobility of the screw dislocations. Furthermore, the critical shear
stress for {111)<110> siip increases with increasing stress component on the [100) plane.
This suggests that cross-slip of screw dislocations onto the cube plane is reasonable for the
angmalous temperature cffect. Based on this orientation dependence of the critical shear stress
and the results of electron microscopy, the positive influence of the temperature on critical shear
stress is interpreted in terms of a model in which the marcoscopic yield stress is determined by
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the dynamic motian of screw dislocations. Dynamic mation means creating and breaking away
sessile dislocation segments. These sessile segments are formed by thermally activated cross-
slip of a short portion of the superdislocation onto the {100} plane to reduce the total energy of
the dislocation. Nevertheless, the superdislocation will continue to slip on {111) becaose its
mobility on {¥11) is much higher than on {100}, When the stress is increased to a sufficiently
high level, the drift velocity of the dislocarion moving through an array of obstacles comes to
be substantially the same as the free flight velocity at this stress level. This phenomenon is
known as the dynamical break-away procéss. The dislocation bends locally only around the
sessile points and passes through them almost in a straight form. One new sessile portion is
formed on the average after the time t, in which the dislocation proceeds to the critical distance.
The dynamical motion of a screw dislocation is schematically illustrated in figure 2.8,

Figure 2.8 Schematic illustration showing the dynamical motion of a dislocation creating and
breaking away sessile portions. (After Takeuchi and Kuramoto [41])

In two articles published in 1982, Yamaguchi, Paidar, Pope and Vitek [42]), and Paidar,
Yamaguchi, Pope and Vitek [43] respecavely, repont computer simulations of the core struc-
ture of a <110> screw dislecation in a general ordered alloy with the L1; structure. Dislocations
lying on both (111} and (100} planes in stress-free crystals, on one hand, and under an
applied stress, on the other hand, are studied vsing different interatomic porendals comrespond-
ing to different anti-phase boundary (APB) and complex stacking fault (CSF) energics on
(111} planes. The resuls of the simulations indicate that, if the APB energy is not 100 high, the
dislocations dissociate on the octanedral plane in te two !/2<1105> superpartials separated by an
APB (cf, figure 2,9a), The cores of the superpartials are coplanar with the APB and can be
considered as two Shockley pardals '/5<I 12> limiting an CSF on (111} { see figure 2.9b).
This configuration is glissile with a low Peierls' stress. If the APB energy is high, the disloca-
tion dissociates on {111} in two Y/3<112> superpartials separated by a superiattice intrinsic
stacking fault (SISF), the cores of which are highly non-planar. The Peierls’ stress to move this
three dimensional, but glissile dislocaton configuration is relagvely high. On {100) planes the
dislocation always dissociates into two 1/3<110> superpartials. The cores of these partials are
nat coplanar with the APB and spread on (111) or (11) or two types of of these octahedral
planes simultaneously. Once in this sessile configuration, further motion on (100} can only
take place with the help of thermal activatian,
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The authors interpret these calculated resnlts by suggesting two classes of L1, ordered alloys
which show different dependences of the flow stress on temperature. Compounds in which
dislocations dissociate on {111) planes into 1/,<110> superpartials separated by APB show a
weak dependence of the flow stress on temperature at low temperatures, but are likely 10 exhibit
a strong increase of the flow stress at high emperatures (anomalous strengthening), When dis-
sociation on [111] planes into 1/34:112> superpartials separated by SISF occurs, the flow
stress will inerease rapidly with decreasing temperature, while the increase at high temperatures
is likely 10 be weaker than in the former case. The energies of the APB and SISF can be esti-
mated in (erms of the stability of the L1, structure relative to related crystal structres. If a
change in composition tends 10 make the L15 alloy unstable relative 10 DO,y the APB sepa-
ration is more probable. In the case of instability relative to DO;g (a hexagonal-based
structure), dislocation splitting with superpartials separated by SISF is more likely. Figure 2.9
depicts schematically the two classes of superdislocations proposed for the L1y crystal
structure.

a) (To1] = %-[Tm] + Ji[Tou

Vel dddd
APB

(To1] = %—[f] ]+ %-[Tﬂ]

SISF

b) (To1] =16-[ﬁ2] +Lzmny + 4y +é-|1"11]

J XX L SO J XX L
CSF APB CSF

(Ton =%[T1’2] + %-[2‘1 11+ %{T:T] + 16-{171] +%{T1’2] + 6L{1"1 1}

JXXL/// | -L///JXX

CSF APB SISF AFB CSF
Figure 2.9: Two possible superdislocation configurations for the L1, crystal structure. The
reaction schemes and graphical illustrations are shown. a) without further dissociation of the
superpartials, b) superpartials dissociated into Shockley partials.( After Pope and Ezz [44])
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In their publicadon in 1984, Paidar, Pope and Vitek [45] propose a model which predicts the
form of the activation enthalpy of cross-slip from (111) to (010). Based on the results of
Takeuchi and Kuramoto {20], their model incorporates the constriction theory for cross-slip
and the computer simulations of superdislocations in a general L1, alloy accomplished by
Yamaguchi et al. [42] and Paidar et al. [43). The Paidar-Pope-Vitek (PPV) model successfully
predicts the temperatore and orientation dependence of the macroscopic yield siress as well as
the tension / compression asymmetry of the critical shear stress. The anomaly of the shear
stress behaviour as function of temperature is related 10 the dissociation and the core strecture
of the superdislocarions. The sequznce of crass-slip is described as nucleation of a constriction
of the two Shockleys on the leading partial, l/g[TOl], of a screw superdislocation on the {(111)
planc. The cross-slip iniriates at this constriction, the dislocation wranslates a distance w along
the (010) plane and (he cross-slipped segment immediately dissociates on the (111) or (111)
plane. The driving force of such a process is the difference in APB energy on (111) and (010)
respectively. The PPV model requires an APB anisotropy of ¥,11/ Yg10 > ¥3 for cross-slip
onto (010) where vy, and vg,g are the APB energy on (111) and (010), respectively. The
atomistic studies by Yamaguchi er al. [42] and Paidar et al. [43] indicate that the core of a
'IZ[TOI] superpartial is always dissociated on the {111} planes. Hence, the leading superpartial
will move on (010) a distance w of %/, or b only before redissociating immediately on an
octahedral plane. Since w is very small, the anthors consider the cross-slip process as a core
transformation. In this donble kink configuration, the screw superdislocation is dissociated in a
non-planar and sessile form. The thermally activared formation of a donble kink and the
rearvangement of the core of the superpartial are proposed as the dynamic processes of cross-
slip. The frequency of these dislocation locking events increases with increasing temperature
and explains the anomalous temperature dependence of a L1, mzterial, the deformation of
which is controlled by superdislocarions separated by an APB. Figure 2.10 illustrates the cross-
slipped configuration of a (111)[101] superdislocation.
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Figure 2.10: A perspeciive view of the cross-slip of one superpartial from the (111) to the
{010) plane. For simplicity, the redissociation of the 1/5{T01] core on {111} is not shown.
(Afier Paidar, Pope and Vitek [45])
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2.3 Identification of Deformation Mechanisms
2.3.1 Introduction

Macroscopic deformation experiments are gererally insofficient to identify the microscopic
deformation mechanisms. Such tests have to be correlated to other experiments (e.g. diffusion
measurements) and indirect observations (e.g. slip trace analysis) or direct observatians (e.g.
TEM analysis) of mobile distocations. While classical ¢lectron microscopy is restricted to the
state of the material after deformation, macroscopic deformation experiments give indications
of the dynamic dislocation interactions which occur during deformation. In case of thermal
activation, the results of macroscopic tests eilow to limit the number of possible mechanisms
controlling deformation.

1t must be kept in mind that the model of the activation volume considers on¢ dislocation and
its interaction with a restricted number of obstacles. In real crystals, other mechanisms may
play a role. For example, interactions between dislocations, the formation of slip bands, grains
boundaries or segregation influence the motion of dislocations. Nevertheless, the experience
show that the measurement of the activation volume offers additional information on the
deformation of materials. On the base of TEM observations it must be verified that the model
of the activation volume applies to the observed dislocations.

2.3.2 Activation Volume

Cagnon [46] considers the geometrical meaning of the activation volume, U, and relates it to the
thermodynamic definition. In geomerrical terms, the activation volume equals the activation
area, A, moltiplied by the Burgers vector b, U = &R, The activation area can be considered as
the surface a dislocation crosses while it "feels” the imeraction with an impediment. As an
example, a dislocation meeting localized obstacles on its slip plane is illustrated in figore 2.11.
A distocation moving in the direction of the x-axis is pinned in front of the obstacle row A-B-C
and surmounts B in a next siep. At xg the dislocation is in an equilibrium position, at x¢ in an
unstable position with an energy equel to the equilibrium value and at x¢ in the equilibrium
position behind the obstacle. A is the area between the two lings representing the dislocation at
xg and bowed out at position x,., respectively.

The thermadynamic definition of the activation volume U is given by the relationship:

U.—.-{m

So I (2.12)
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where AG is the Gibbs' free energy. For the situation in figure 2.11, this relationship can be
expressed as |

Ae
U:] 8F gy = axb (2.13)
X

o bo

where F is the force acting on the dislocation, A the average spacing of the obstacles and x
{= Xc - Xq) the "active” size of the obstacle. It is seen that the product Ax corresponds to the
activation area. This simple mode] does not 1ake into account that under a high shear stress the
dislecation bows out between the anchoring points. With increasing T the curvalure increases
and the dislocation line touches more obstacles, A decreases. This problem can be overcome by
measuring A along the dislocation line.

Y
|

Y
e

Figure 2.11: Schematic representation of the activation area . A, B and C are localized
obstacles lying in the slip plane of a dislocation with a spacing A each. xg and x¢ are the
equilibrium positions in front and behind obstacle B, respectively. x, is the unstable position at
equilibrium energy directly after surmounting B.
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The definition of U can also be used in the context of macroscopic deformation experiments.
Considering the general equation for thermally activated deformation

&= cx;{:f,]g-) (2.14)

where £ is the strain rate, &g is assumed to be constant in the present framework, k is the
Bolizmann constant and using eq. 2.12, the following expression is deduced:

um(M) 2.15)
So Iy

Hence, the activation volume is a measure of the strain rate sensitivity and can be determined
by recording the flow stress at different strain rates.

Analogous to eq. 2.13 a formula for linear obstacles can be deduced:
U = bdh, (2.16)

where d is the (dissociarion)} width of the dislocation and A the critical length of the pinning
segment.

Groh [47] presems a list of possible mechanisms related to dislocation slip, see table 2.1,

obstacles acting on a Jocat obstacies in the lattice
dislocation segrnent
thermal + lattice friction (Peierls) « dislocation forest
activation » Shockley cross-slip + solution hardening
» dissocizdon/recombination
thermat activation |  Suzuki or Cotwrell aimospheres | » coherent precipitations
or athermal * local changes in order + irradizdon defects
{APB relaxation)
athermat * changes in long range order + incoherent precipitadons
+ trailing kinks
» long range residual swresses

Table 2,1: Examples of mechanisms influencing dislocation movement, after Groh [47].
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He classifies them, on the one hand, as thermally activated or athermal and, on the other hand,
as local obstacles in the littice or impediments along a dislocation segment *. While for
athermal deformation eq. 2.14 is not valid and, consequently, U is not defined, the activation
volume related to the other dislocation obstacles are discussed in the following:

Peierls’ [attice friction: the dislocation moves by forming a kink, one b in width, d, and
several b in length A, Thus. eq. 2.16 becomes

UPeierls) = b2, (with 3b SA, < 10b) (2.17)

This mechanism is independent of the specific material but A is temperature dependent. The
upper limit mentioned applics only at 0 K. Groh gives an upper limit for A, at temperatures in
the order of magnitude of 0.1 Ty, with A S 100 &7 [47]. The thermal fluctuations increase the
critical lenth of the double kink of width b in the classical Peietls’ model.

Shockley cross-slip: the Shockley partials constrict and bow out on the cross-slip plane. The
width of the dissociated dislocation is d and the critical length of the constricted segment is A, =
5d. Using eq. 2.16 yields

U(Shockley) = 5d%b 2.18)

The superdislocation reaction schemes introduced in section 2.3.4, figure 2.8, leave open the
possibility of further dissociation of the superpartials into Shockley partials. Assuming that the
latter exist, & critical value of U can be related 10 the resolution in TEM. Imaged under g : 4- 5
g contrast condition in weak beam, & dissociation d £ 2.5 nm is not resolved. Taking eq. 2.18
withd =2.5 nm and b = Q.28 nm (cf. section 2.1), the activation volume is estimated as U =
400 p3. In other words, if the Shockley partials are not observed in weak beam examinations
and the measured activation volume is U < 400 63 cross-slip cannet be excluded as
deformation controlling mechanism,

Dislocation dissociation and recombination: A dislocation dissociated by the distance d
recombines over a critical length A;. As a rule of thumb, Groh [47] assumes that an
undissociated segment longer than 50 b is sufficiently stable to act as an anchoring point. Eq.
2.16 gives

* : The original french publication classifies in “obstacles linéaires" and “obstacles localisés".
The interpreting ranslation takes into account the actual understanding of dislocation slip.
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U(dissociation) 2 50dp® (2.19)

Similar to the constriction of the Shockley partials for cross-ship, disseciation and recombina-
tion of dislocations can happen in a hidden manner, i.c. below the resolution of TEM, Assu-
ming again d = 2.5 nm and b = 0.28 nm, eq. 2.19 yields I} = 4000 b3. If dissociatied and
undissociated segmenis on the same dislocation are observed by weak beam technique, the
measured activation volume must be U 2 4000 b3 to have dissociation and recombination as
the mechanism dominating the deformation. Such high activation volumes cannot be
determined by changes in strain rate since the response of the flow stress becomes undetectzbly
small,

Dislocation forest: A moving dislocation is pinned by forest dislocations in an average
distance of A. Comparing with eq. 2.13, x = b and A can be expressed in terms of the density of
forest dislocations py, i.e. A = py®3, thas follows

Uforest) = Bpg 03 (2.20)

Considering eq. 2.20, it is seen that an increase of the density of forest dislocation by a factor of
100 only gives risc 1o a drop in I by a factor of 10. Only a drastic decrease of I} with
increasing strain indicates forest dislocation as the controlling deformation mechanism. The
increase of the activarion area with increasing strain is much smaller (cf. page 23) and masked
by the effect of the dependence of Uon e.

Solution hardening: The dislocation is pinned by solute atoms, as illustrated in figure 2.11.
The lattice distortion around such an obstacle is assumed to be a few b, L.e. bSx < 5h. Fora
random solution, the average distance between the solutes is A = cg™05, where c is the
concentration of the solute atoms per surface unit. Taking the surface unit as b2 & = be 03,
where ¢ is the normal molar concentrarion, eq. 2.13 yields

U(soluie) = xp3c 05 (with & < x <5b) 2210

The activation volume depends only on the solute concentration and is independent of the
spexific matrix material. This model applies strictely only in a erystal at absolute zero. Compa-
rison of the analyzed solute concentrations with the activation volume should be done using U
at 0 K. For strong interaction of the dislocation with the solutes, there is a mild dependence of
the activation volume on stress.
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Precipitation hardening: The obstecles in figure 2.10 are considered as particles. Assuming
the extreme case of small particles (x = 5 b), with a small spacing (A = 500 b), eq. 2.13 gives
rise to

U(particle) = 250043 222)

in usual precipitation hardened aloys, U is expected to be even higher. Such high activation
volumes cannot be determined by changes in strain rate, since the response of the flow stress
becomes undetectably small. Again, the dislocation may bow out under a high shear stress and
U depends slightly on 1.

Irradiation faults: Irmadiation ¢an lead to different lattice defects, for an overview see ¢.g. ref.
[4E]. Vacancies and interstitials can be treated as solution hardening, eq. 2.21, diluted zones and
cavities act as obstacles similar to particles, eq. 2.22, However, irradition defects have no
imponance in the following work.

Suzuki ar Cattrell atmospheres and APB relaxation: These faults evolve during the time
necessary (0 overcome the pinning. Strain rate experiments are falsified and the deduced
activation volume has poor significance. This important fact must be kept in mind for the
analysis which will be presented in secton 4.2.5.

Atlow temperatures, it is often difficult to decide based on the activation volume if lattice frict-
ion or solution hardening controls the deformation. Biget and Saada propose a procedure to eli-
minate the contribution of thermal activation to the activation volume by extrapolating U at 0K
[49]). The activation volume of lattice friction is expected to be a few B3 at absolute zero. On
investigating the deformation of pure Ti single crystals at temperature between 4 K and 296 K,
the authors observe o dependence of the activation volume on stress as

U =Bt -7,)? (2.23)

where B is a constant, 1 the applied shear siress and Tjq, the internal shear stress. This relation-
ship is reated with the framework of the theory of thermally activated glide. By determining
graphically the constants B and 7;,, a1 0 K, U at O K is deduced as Ug =~ 8 b3, It is concluded
that frictional stress controls the deformation at absolute zero. The authers emphasize that small
smounts of substitutional impurities (< 100 ppm} have a large influence on the plastic
behaviour at iow temperatures.
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3. Materials and Experimental
3.1. Preparation of the Materials
3.1.1 Introduction

The materials in the focus of the presenr work are bulk intermerallic billets, prepared by the
Qsprey spray deposition technique. Sarﬁplcs of these ternary alloyed compounds will be
labelled with their chemical formula, suggesting their stoichiometry: AlsTigM (where M is Cr,
Mn + Cr, Mn, Fe and Cu).

Supplementarily, casting, mechanical alloying {MA) of elemental powders and composites pre-
pared by mixing elemental powders with intermetallic powders are investigated. MA materials
will be labelled with their composition in at-%: Al - x%Ti. The composites again will be
labelled only with the ingredients, for example AlsTizFe + Fe. Figure 3.1 gives an overview of
the preparation routes for the three types of materials.

. elemental
casting powder
]
\ 1
Ospn:y_ spray mechanical
deposition alloying
overflow
powder
i A
powder mixing
+HIP
‘ ! '
Osprey billets composites, label: extruded/hot pressed
. i material, label:
label: AlgTiqM AT, M+ X Al-x%Ti

Figure 3.1 The preparation routes for the three types of materiais and their labelling in the
currem work.
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3.1.2 Casting

The mehting and casting of the intermetallic phases were done at Alusuisse-Lonza Services Ld
at Neuhausen. The cast ingois were very inhomogeneous and porous. Therefore, no
mechanical tests were done on samples in this state. Prealloyed ingots were subsequently used
as melt stock for the spray deposition, described in 3.1.4

3.1.3 Mechanical Alloying

Mechanical alloying is a high energy milling process for the production of composite or alloyed
metallic powders. The control of milling speed, milling time, and the use of processing control
agents allow a fine microstructure to be obtained. The milling process itself consists of repeated
welding and fracturing of powders in a highly activated ball charge, Under this condition of a
balance of rates of welding and fracturing, an alloyed powder with fine dispersed initial
constituents within the same grain is formed. Figure 3.2 shows schematically the refinemem of
the structure in the powder grains.

Al powder

mechanically alloyed
powder

Ti powder

Figure 3.2 Evolution of the microstructure within the powder grains during MA.

A commercial ball mill (Fritsch Pulveriseue 7) was used for the mechanical alloying of
elemental aluminium and titanium. The powders of size below 150 pm were filled into
hardened chrome sieel containers together with the balls made of the same steel. The weight
ratio of balls 1o powder was 8 10 1. The powders were siored under vacuum and all powder
handling was done in a glove ‘box under Ar atmosphere. During milling, the containers were
sealed. An organic lubricant (2-butoxymethanol) was added to the powders as a process control
agent preventing premature welding of the powder particles. The milling time was 5 h.
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Following milling, the powders were cold compacted, using a pressure of about 500 MPa, The
green billets were first homogenized for 1h at temperatures in the range 600 °C - 800 °C. Final
consolidation was accomplished by hot pressing or extrusion.

Table 3.1 gives an averview of the chemical compositian, the homogenization temperature as
well as the method and temperature of consolidation.

Aluminium Tianium T¢homog.) T(exwrusion) T(hot press.)
at-% at-% T < T
87.5 12.5 600 500 -

700 500 -
800 400 -
g0 20 800 700 -
800 800 -
800 320 -
800 850 -
800 - 500
800 - 700
800 - 800
800 - 900
800 - 1000
76 24 800 - 800
800 - 900
800 - 1000
75 25 800 - 700
800 - 900
800 - 1000
74 26 800 - 800
800 - 900
800 - 1000

Table 3.1: Chemical composition, homogenization and consolidation emperature
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3.1.4 Osprey Spray Deposition

The Osprey spray depasition technigne combines powder atomization and powder consolida-
tion in one step. A stream of molten metal is disintegrated into a fine dispersion of droplets
using high energy gas {Nq in the current work). The resultant distribution of droplets is directed
1owards a snbstrate, where it impacts and builds up into a deposit of a shape given by the spray
equipment and the process parameters. Figure 3.3 shows a schematic section of a simple plant
for the production of billets by spray dcpbsition. As indicated in this figure, the stream of
droplets is not focused to the center of the substrate. The rotation of the latter ensures a regular
shape of the deposit. The material is added in a spiral way, giving rise t0 an approximately
cylindrical billet. Unfortunately, this preparation technique can enhance spray layers
perpendicular to the rotational axis.

Stopper Rod
Thermocouple
Crucible
Induction Coil
Alloy Melt

(Gas wmuip

[T

Nozzle

Atomized
Droplets

Spray Deposited
Material

Movable
Substrate

Enviroamental
Chamber

Overspray
Powder

Figure 3.3 Osprey spray deposition: schematic section throvgh a deposition chamber.
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The master alloys were prepared by casong as described in 3.1.1, These ingots were remelted
for spray deposition at Osprey Merals Lud. in Neath, UK. The deposits had sizes of several
kilos each. The overspray powders were collected for subsequent consolidation as described in
detail in 3.1.5. While the spraying process offers a rapid solidification (several 10% °Clsec
cooling rate), the deposited billets had to be cooled slowly and uniformly. The materials
prepared in this way showed minor segregation and traces of porosity (about 1%). A
subsequent HIP treatment at 1140 °C for 3 h at 100 MPa produced & fully dense material, with
a fine-scale microstructure, free of segregadon. In Table 3.2, the chemical compositions and the
crystal structures of the alloys studied in this work are listed.

Alloy Aluminum Titanium Temary : Structure
at-% at-% at-%

Aly(V.Ti) 75 1.3 V:23.7 DOy,

ALSTiCr 67 25 Cr:8 Ll
AlgTis(Ma,Cr) 67 25 Mn:4/Cr: 4 Lly

AlgTigMn 67 25 Mn: 8 L1y
AlsTiyFe(1) 64 28 Fe: 8 Ll
AlsTipFe(2™) 63 29 Fe: 8 LI,

AlgTipCu 62 27 Cu: 11 Li,

Table 3.2: Chemical composigon and crystal structures of the compounds prepared by Osprey
spray deposition.

3.1.5 Powder Consolidation by HIP

The overspray powders from the Osprey deposition were used for further investigations. The
mean size of these powders was roughly 50 m and they were mechanically sieved to hold
back pieces larger than 112 pm, namely, fragments chipped off from the billet or agglomerates
from the chamber wall,

Mixing these powders with other metallic powders offers an easy way to prepare composites
with an intermetallic matrix reinforced with a ductile second phase. In a first attempt, AlsTigFe
was used as the matrix material and different amonnts of iron powder (size d:
100pum £d £ 44 um, 99.9 % pure). A second series based on AlsTipMn powder as matrix and
either Nb (100 pim = d < 44 |im, 99.8 % pure), V (74 jim £d < 37 um, 99.7 % pure) or W
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(100 ym < d < 44 pm, 99.9 % pure) additions. Table 3.3 gives more details to the composition
of the composites.

Powder mixing was accomplished in the same Fritsch mill as for MA but without the balls.
The mixing time was 15 min. To avoid oxidation, the same care was taken as for mechanicai
alloying, that means degassing the powders under vacuum and handling under argen. Cylindri-
cal steel cans (about 40 mm long and about 12 mm in diameter) for HIP were welded onder
vacuum. The HIP treatment was done at 1140 °C under 100 MPa for 3 h. By this means, a
fully dense material was obtained bot there was also a considerable reaction zone between the
metal powder reinforcements and the intermetallic matrix. Further details of the microstructure
of the composites are discussed in section 6.

intermetallic second phase
matrix element vol-% powder at-% powder
AlsTiyFe Fe 1.37 1.£8
AlsTiFe Fe 2.14 376
AlsTisFe Fe 548 7.52
AlsTipMn Nb 3.84 3.45
AlsTi,Mn Vv 3.9¢ 473
AlsTisMn w 3.18 332

Table 3.3: Compasition of the HIPped composites



1
3.2 Analytical Technigues

3.2.1 Electron Microscopy

A Cambridge Stercoscan 360 scanning clectron microscope (SEM) was used for surface
investigations. In the image mode of backscattered electrons (chemical contrast), the evolution
in microstructure of the grains during MA and after homogenization was observed. The image
mode of secondary clectrons gives good topographical contrast. By this method the fracture
surfaces and the beginning of cracking on compression samples were investigated.

Thin foils for wansmission electron microscopy (TEM) examination were prepared by first
cotting slices of 250 yum 10 500 pm from a rod of 3 mm in diameter on a low speed saw
(Buehler Isomet or Struers Accutom), polishing mechanically o a maximum thickness of 250
pm, if necessary, then thinning clectrochemicaily in a Tenupol twin jet system. The thinning
solution was 12 % perchloric acid and 35 % butoyxethanol in methanol. For the mechanically
alloyed two phase matenial the foils were electropolished at - 20 °C and about 20 V. For the
spray deposited AlsTiaM intermetallics (where M is Cr, Mn, and Fe) the conditions were -18
°C and 25 V for 75 sec and finishing the thinning at 10 V. The TEM examinations were
accomplished with a Philips CM12 insrument operating at 120 kV.

For the examination of dislocations the Burgers vectors were found using the g + b = 0 criterion
and taking micrographs of the same spot on different orientations near low indexed zone axes.
Habit or glide planes of the dislocations were determined from the reat directions of curved
dislocations or, for superdislocations, from the projected separation of the two superpartials.

3.2.2 X-ray Diffraction

X-ray diffraction was used to confirm the crystalline structure of the Osprey billets. The
examinations were carried out on a flat polished surface of bulk samples using a Philips
diffractometer with Cu Ko monochromatised radiation. The lattice parameters were calculated
directly from the 2@ values without further corrections.
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3.3 Mechanical Testing

3.3.1 Samples
Tensile tests were limited to mechanically alloyed Al-12.5%Ti material extruded to bars. The

samples were machined from these rods to 4 shape fitting into the special grips for hot testing.
The dimensions of the tensile samples are shown in figure 3.4.

45° 'Ql

— 26 la—

= 44 >

Figure 3.4 Tensile sample for high temperature testing. (Dimensions in mm})

Three-point bend tests were carried out on the ternary alloyed, spray deposited compounds.
Rectangular bars 3.5 x 3 mm? in section were cut by spark erosion from the Osprey billets.
These samples were lapped to obtain smooth, microcrack free surfaces. Hence, the final dimen-
sions were about 3.4 x 2.9 x 20 mm3. For testing the bending force was applied to the broader
side.

The majority of the mechanical tests undertaken was in compression. The hot pressed billets
prepared from mechanically alloyed powders were cut with a low speed saw. Small rods were
cut out and carefully polished to a cuboidal form of about 3 x 3 x 5 mm3. For spray deposited
materials only spark ¢rosion was suocessful in machining pieces of a precise shape. Rods of 3
mm in diameter and 6 mm long were electrodischarge machined and electropolished. The ends
were hand lapped to ensure parallelism and smoothness.

3.3.2 Testing Machines

For compression and bend tests at RT and below, a Schenck RSA 100 universal testing
machine was used. The hard platens on this machine (maximam load: 100 kN) allowed tests to
be conducted till sample failure. The three-point bend tests were carried out using a support
with a span length of 16 mm and a radius of 1.5 mm of the support edges and the applicator
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edge. The cross head displacement was taken as a measure of deflection. For compression, the
cross head displacement or a gauge fixed directly at the grips could be used alteratively for de-
termination of the strain. The force-displacement curves were plotted on a X-Y-reconder. They
were converted into real stress-real strain for calculation of the work hardering rate, activation
volume and influence of the strain ageing on the flow stress.

Tests at elevated temperatures were carried out under argon atmosphere using a testing system
comprising a high power image furnace, a Polanyi cage compression grips arrangement, and
extensometers connected via alumina rods to the compression platens. This system was made
of Nimonic 90 and installed on a Schenck RSA 10 1esting machine. The temperature range for
testing was limited from RT up to 700 °C. Heating and cooling up to this 1emperature and
down RT took about 40 min each. The maximum applied stress could not exceed 1200 MPa
on this system. For this reason, several tests had to be interrupted before failure. Generally, the
compression samples were deformed at a cross head speed of 0.1 ™M/, .. comesponding 10 a
strain rate of about 2 - 107 sec™!. The surface of the compression platens was polished to
reduce the amaount of friction. The identical geometrical dimensions of the samples guaranteed
constant friction from test to test.

By changing the grips, the testing system allowed also tensile 12sts. Here the applied strain rate
was about £10°3 sec™?, Figure 3.5 shows schematically the high 1emperature testing system
(following page).

3.3.3 Testing Procedures

The tests for determination of the activation volume of the deformation mechanism and of the
activation energy of the dynamic strain ageing (DSA) merit further discussian.

As stated in section 2.4.2, the activation volume is a measure of strain rate sensivity. The basis
for the detcrmination of U is changes in strain rate during compression testing. From the initial
cross head speed of 0.1 ™™/ the strain rate was switched to 0.3 ™™/, . and back to 0.1
MM nin OF up to 1.0 ™My - and back 10 0.1 ™M/ . alternatively. On a fine scale force vs
displacement plot the load was recorded with an accuracy better than 2 N and the displacement
with an accuracy of about 1 pm. Due 10 this uncertainty in the load displacemem plot, an upper
and lower limit with the corresponding average of the values of AF were taken. The changes in
load, AF, on increasing and decreasing the cross head speed were convered into real stress AG.
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Figure 3.5 Schematical section through the high temperature testing system installed on a
Schenck RSA 10 universal testing machine,

Strain ageing is related with the phenomeneon of jerky flow, the so called Portevin-LeChdlclier
effect. A dislocation pinned by an atmosphere of solutes frees itself under a certain stress and is
caught again if its velocity slows again. Imitating the waiting time of the pinred dislecation, an
ageing procedure under load at different iemperatures is used to determine (he activation energy
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for strain ageing, Qg,. A compression sample is deformed more than 2%. At this amount of
strain the “shoulder", i.c. a zone of low sirain hardening on the stress-strain corve after yielding
is overcome (see figure 3.6). Then the cross head is stopped and the stress lowered io 400 MPa
for a given ageing time t;. This stress can be held in a range of -10 MPa to + 5 MPa. Afier this
ageing the compression test is restarted. The new yield point is higher than the stress reached
before ageing. This increase is labelled Ag,. The strengthening is not permanent, but the stress
drops back 1o a value which can be extrapolated from the curve before ageing. In other words,
the Ao, can be viewed as a hump in the stress strain curve. With further sirain the siress drops
back 1o the value expected without the interruption. The procedure is then started for another
ageing time ty. Over the whole ageing procedure the sample is deformed from about 2 % to
about 5.5 %, Figure 3.6 shows schematically the influence of an ageing period on a siress vs
strain curve. The ageing times were in the range of |5 sec up 1o 1 h and the ageing temperatures
comprised the range of 100 °C to 300 °C.

Stress

400 MPa 1

’agcing {n) ageing (n+1)

Y

Strain

Figure 3.6 Schematic stress strain curve during the ageing procedure.
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and, with exception of AlgTisFe (1), small amounts of impurities. The grain size comprises
the range of 20 ym to 35 pm. Considering the microstructures presented above, the Qsprey
alloys can be classified as follows:

A group comprising Al3(V,Ti), AlsTizCr, AlsTi;Mn and AlsTip(Mn,Cr) comains second
phase particles on the level of impurides. The microstructure of these four compounds are very
similar to that of Al3(V,Ti) shown in ﬁg_urc 4.1b. In spite of the considerable amoum of
relatively coarse second phase particles the first run AlsTi;Fe is also pan of this group (cf.
figure 4.3a).

The twe alloys AlsTi;Fe (2" run) and AlsTisCu exhibit both the "basket weave” precipitations
illustrated in the micrograph of AlsTisFe (2 run) in figare 4.3b.

X-ray diffraction confirms the DOy crysial structure of Al3(V,Ti) and the L1, structure for all
the other alloys, namely AlsTigCr, AlsTisMn, AlsTig(Mn,Cr), AlsTioFe (1% and 2™ run) and
AlsTiyCu. The X-ray patterns indicate single phase or nearly single phase materials with
occasionally & few additonal minor peaks. Unfortunately second phases cannot be identified
from thase results. The lattice parameters are suamarized in table 4.1.

alloy crystal structure lattice parameters

{Strukturbericht) a [nm] ¢ [nm] cla

Ala(V.Ti) DO5y 0.3784 0.8336 2.203
AlTirCr L1, 0.3958 - - -
AlsTi~(Mn,Cr) L1, 0.3954 - -
AlsTiaMn L1, 0.3958 - -
Al<Ti,Fe(1%) L1, 0.3949 - -
Al<TipFe(2"d)y L1, 0.3942 . -
AlTi»Cu L1, 0.3935 - -

Tabie 4.1: Crystal structure and lattice parameters of the alloys prepared by spray depaosition.
In the cubic L1, structure a = c.

The a and ¢ values of Al3(V,Ti) (with only 1.3 at-% Ti) are very ¢losc to the lattice constants
reported for Al3V in ref. [11], i.c. a = 0.3780 nm, ¢ = 0.8321 and hence ¢/, = 2.201. The lattice
parameters of the cubic L1 phese are almost identical 1o those reported in the literature, For an
overview sce ref, [7]. The lattice parameters of the L1; compounds are larger than the 2 value
{a = 0.3848 nm [11]) and smaller than half of the ¢ value (¢ = 0.8596 nm {11]) of the
tetragonal Al;Ti phase and increase with decreasing atemic number of the temary element. For
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example consider a Cr atom occupying the 0,0,'/, Al site in a DOy cell (cf. figure 2.1).
Ignoring the destabilisation of the structure with respect 1o the L1, structure, a decrease in the ¢
parameter is observed which arises from two factors. First, the Cr atom (as well as Mn, Fe and
Cu) is smaller than the Al it replaces. Second, because the directionality of the Alp - Tid
interaction is replaced by the more isotropic Crd - Tid bonds, the new configuration permits
contraction in the ¢ direction. Changes in bonding in the a direction will be smaller since the
effect of the four new Cr - Ti bonds is reduced by the four (less affected) new Cr -Al bonds.
As discussed in section 2.1, the n:placcmcni of Al with Cr yields more d-d bonding between Ti
and Cr. As elements other than Cr, with greater numbers of d electrons, are alloyed, the d-¢
bonding becomes stronger, leading to cubic phases with smaller lattice parameters. Hence, the
decrease of the parameter a with increasing atomic number of the alloying element, i.c. filling
the d shell of fourth row eransition metals, can be understood.



46
4.2 Mechanical Testing

4.2.1 Introduction

Compression tests have been performed on all materials. The emphasis of the research was
focused on the AlsTi;Cr, AlsTigMn, and AlgTiyFe (first run) compounds becanse these three
materials exhibit good ductility in compression. The AlsTi(Mn,Cr) was not considered
because its properties are very close to those of AlsTizMn as well as AlsTizCr.

4.2,2 Hardness Tests

Hardness testing gives an initial estimate of the strength of the alloys bat can also help to
quantify 1oughness. At a certain load, the indentation of a Vickers diamond pyramid in britile
materials causes cracking. There are standardized equations to deduce Kj. values from the
crack length, as well as defined strict limits of applicability (for an overview sce e.g. ref. [52]).
Unfortunately, the current trialnminides do not fulfill these conditions. Insiead of observing the
required four cracks starting a1 ¢ach corner of the indentation, only two cracks or a extensively
deformed region full of small flaws around the mark of the diamond pyramid are seen. Hence,
the resistance against cracking is reporied only by a qualitative measure, i.e. the maximum load
under which a Vickers hardness test leaves no cracks. Table 4.2 shows hardness values and the
maximum load applied without crack formation at the snrface outside of the indentation.

alloy hardness crack-free load remarks
[HVap) [kgf)

AlTisCr 2315 31.25
AlsTi5(Mn,Cr) 177 £ 10 30 extensive plastc deformation

AlsTisMn 183+ 3 31.25 around indentation
AlsTioFe {159 280+ 10 30
AlsTisFe (20) 445 33 7.81

AlcTiaCu 396115 39 irregular cracks

Aly(V,Ti) 300+ 4 5.85

Table 4.2: The resulis of the hardness 1ests. "Crack-free load” refers o the maximum load
applicd on the diamond pyramid withont visible cracks starting from the indentation.
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4.2.3 Compression Tests
The results of the compression tests are summarized in 1able 4.3, If a scatter is listed, at least
three tests are averaged at the comresponding temperature. The sign ">" means that the test had
10 be interrupted becanse of the load limit. For illustration, the yield stress as a function of
temperature is represented graphically in figure 4.4, The mechanical data will be listed in the
order of strength.

t) The highest strength, i.e. more than 1000 MPa a1 RT is exhibited by the AlsTi;Cu alloy. But
this material has almost no ductility at RT.

2) AlsTisFe of the second series is characterized by its high strength, also more than 1000 MPa
at RT, and by a ductility in compression of about 10 % at 23 °C as well as at 700 *C.

3) AlsTigFe of the first series shows an anomalous strengthening at temperatures above
500 *C. The stress decreases somewhat from S00 MPa to about 430 MPa between ¢ryogenic
temperatures and 400 °C and, thereafter, shows a continuous increase up 10 490 MPa at 700
®C. The material exhibit a ductility of about 20 % over the whole temperature range.

4) An extreme brittieness at low and intermediate temperatures is seen with the tetragonal
Al3(V,Ti) compound, combined with a strength of about 350 MPa at temperatures between RT
and 700 °C.

) The trialuminide alloyed with Cr is the next lower in strength. From 410 MPa at RT and
below, the yield point falls to 315 MPa at 300 °C. At higher temperatures, the yield stress is
rather constant, perhaps with a small peak in strength at 400 °C. But there is no clear
anomalous strengthening in this material. The ductlity rises from 23 % a1t RT to 37 % at 700
°C.

* 6) Conceming strength, AlsTis(Mn,Cr) lies between AlsTisCr and AlsTisMn, A yield stress of
about 340 MPa at RT and about 280 MPa at 700 °C is observed. This material shows good
ductility in compression, 26 % at RT and 42 % a1 700 °C.

7) Al5TiaMn is the alloy with the lowest strength. From the value of 340 MPa a1 the tempera-
ture of liquid nitrogen, the yield stress decreases slightly to 270 MPa with increasing
temperature up to 300 °C, remains constant up 10 500 °C and decreases again towards 240
MPa at 700 °C. The data of ductility are about 25 % at 23 °C as well as at 500 °C and 44 % at
700 °C.
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alloy test temperature | 0.2 % yield  |maximuom suess| strain at failure
[°C) stress [MPa] [MPs] [%]
AlsTirCr -196 408+ 8 > 710 >5.0
23 413 1 49 1763 £ 281 232147
200 354 & 56 > 1146 >18.8
300 31422 >1197 > 15.1
400 3401 46 > 1183 >15.9
500 326+ 16 > 1118 >20.1
600 305 > 883 > 164
700 321+28 1173 36.9
AlgTiy(Mn,Cr) 23 342112 1717 £ 58 26.1+1.8
500 326219 > 1163 >222
700 28215 1006 + 124 422163
AlsTisMn -196 340 + 40 > 1064 > 14.9
-60 368 >1241 >17.0
23 31130 1517+ 19 240109
100 291 > 1102 > 154
200 293140 > 1154 >15.7
300 275+18 > 1133 >17.1
400 27618 > 1205 >20.3
500 274+ 12 11429 265+ 1.5
600 260 12 > 846 > 20.6
700 241+ 14 903 + 99 43816.1
AlsTisFe(1%) -196 506t 17 > 1103 >69
-60 524 > 1376 >11.2
23 459123 1748 + 110 192115
100 460 > 1107 >9.8
200 446 >1113 > 8.4
300 4321 4 > 1128 >9.2
400 441125 > 1152 > 10.2
500 437122 > 1168 > 10.5
00 449 + 22 1194 + 48 20622
700 488 + 17 1028 £ 22 21.1£2.0
AlsTiyFe(2M) 23 1037 £ 12 1546 £ 68 103+19
500 891173 > 1151 > 2.8
700 88614 118116 9.7+0.7
AlsTiyCu 23 1041 £ 76 1075 + 85 0.0...65
600 980 > 1050 >0.5
700 927115 > 1075 >0.9
Aly(V,Ti) 23 338114 478 £ 102 0.0..32
500 38451 460+ 101 0.0...52
600 3171 583 £ 84 60+28
700 389 £ 52 706 + 104 14.4 4.0
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Table 4.3: (preceding page) Results of the compression tests at different temperatures.
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Figure 4.5: Yield stress, Ry 7. as a function of temperature T.

For those materials exhibiting a reasonable ductility, the maximum stress is much higher than
the yield stress at room temperature because of the large extent of work hardening. As
menticned earlier (section 3.3.2), tests are carried out 10 failure at RT, but at higher tempera-
ture, the stress limit imposed by the plattens of the high temperature testing sysiem requires 1o
interrupt many tests before failure occured. Only in the range of 500 °C to 700 °C, most of the
samples can be deformed til] failure. Hence, in this temperature range, the maximum stress falls
compared to the values measured at RT.

The work hardening rate of all the cuctile samples, i.e. AlsTi;Cr, AlsTigMn, AlgTis(Mn,Cr)
and AlsTizFe (1% and 2™} are very high, between 5 and 8 GPa at RT, and still 4 GPa in the
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first few % of plastic deformation at 700 °C. Figure 4.6 presents the work hardening rate, 8, as
a function of the flow stress, o, for three differemt temperatures, namely 23 °C, 500 °C and
700 °C. A genceral aspect of these graphs is the slope of the curves for the different alloys.
While at RT, 8 decreases only slightly with increasing flow stress, even stabilizes towards high
stresses, at 500 °C and 700 °C, ¥ decreases considerably faster with increasing flow stress.
Looking at individual materials, the two trialuminides alloyed with Fe behave both differently
from the AlsTizCr, AlsTigMn and AlsTia(Mn,Cr) alloys. AlsTigFe (1%) has the highest work
hardening rate, at least at RT and 500 °C as well as a somewhat steeper slope than the non iron
intermetallics. AlsTigFe (29 is distinguished by the steepest slope at each temperature,

It is well known that strength and ductility are contrary properties, i. €. an increase in onc
property is usually offset by a decrease in the other property. A stress vs sirain at failure
diagram is shown in figure 4.7. The yicld stress, Ry 5, and the maximum stress, Ry, are plot-
ted as a function of the comresponding maximum deformation. The data for room temperature
and 700 °C arc shown. Rpg 2 for all alloys and both temperatures can be approximated by &
single hyperbolic line, as would be expected from one hardening alloy. R, does not differ
significantly from one material to another at the same temperature, While the stress as a
function of strain at failure, €,,,, increases somewhat for the more ductile materials at RT, the
data points at 700 °C lie in a scatterband between 900 MPa and 1200 MPa. The tetragonal
Aly(V,Ti) phase does not behave like the L1y trialuminides. The DO4y compound is less
ductile coupled with lower suength. For comparison, the properties of Aly(V,Ti) are
represented by squares in figure 4.7.

There is no clear dependence beiween the maximum stress and the ductility neither at RT nor at
700 °C. The best description are two horizontal scaner bands comprising the date points at RT
and 700 °C, respectively. In other words, within a cenain range, the maximum stress is
constant for the present trialuminides with L14 structure. The reason for this will be discussed
in section 5.2, In this view-point, the ductility in compression can be undersiood as related to
the difference between the yield point and the maximum stress. Due 0 the much lower work
hardening rate at 700 °C (cf. figure 4.5), the materials exhibit better ductility at 700 °C in spite
of the lower Ry,. In other words, the ductility of the five different compounds alloyed with four
different elements is determined by a yield stress and a work hardening rate as low as possibie.
The factars influencing the work hardening will be discussed in section 4.3
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Figure 4.6; Work hardening rate as a function of the flow stress for three different tempera-
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Figure 4.7: Yield stress and maximum stress as & function of the strain at failure. The data
for the L1; compounds, AlsTiyCr, AlsTisMn, AlsTigMn,Cr), AlsTizFe (159, AlsTipFe (2M)
and AlsTioCu at RT and 700 °C are shown, RT is represented by open signs, 700 °C by full
signs. For comparison, the data of Aly(V,Ti) are represented by squares.

Failure occurred at RT in a sudden way. For the britle alloys, i.e. Al(V,Ti) and AlsTizCu, the
samples disinlegrated in many small pieces. The other, tougher materials (Cr, Mn and Fe



53

alloyed) broke in two larger, conical and some small fragments. The base of these cones were
the polished ends of the cylindrical samples. This geometry suggests that the conical pieces
correspond to the dead zone of the samples deformed under compression. At high tempera-
tares, the two brittle compounds still failed by disintegration. Both AlsTioFe showed still the
faiture characterized by the conical fragments. But at temperatures of 600 °C and above,
AlsTiCr, AlsTioMn and AlsTiy(Mn,Cr) failed in a unspectacular way. Two diametrically
opposed longitudinal cracks opened more and more, This behaviour lead to a continous change
in the force-displacement plot and impeded the exact determination of the beginning of
cracking.

The fracnure sorfaces show brittle cleavage failure over the whole iemperature range. There are
little differences in character between the failure surfaces of the different atloys as well as
between the different temperatures. The cleavage facets are generally irregular because of 1he
interaction with particles inside the grains and breakage at the grain boundaries.

Even for the samples exhibiting a good ductility in compression, the first cracks can be detected
long before failure, at strains as fow as 2 % to 3 %. Cracking starts at the surface in the middle
of the sample. The first detectable cracks are longitudinal and about 10 pm in length. With
increasing strain, more cracks nucleate farther away from the middle, existing cracks grow and
join forming s4ll longer flaws as well as branching out of the direction parallel to the deforma-
tion axis. A preferred site for ¢crack nucleation are scratches oniginating from machining or
handling. Figore 4.8a shows such a scratch perpendicular 10 the compression axis on a
AlsTiyCr sample deformed 5 %. Sometimes cracks nuclezte on inclusions or grain boundaries
attacked by the clectropolishing and sometimes there scems to be no "weak point” in the
vicinity of the 10 pm cracks. Figure 4.8b illustrates that grain boundaries can stop cracks
(marked by arrows) as well as the grain boundaries can separae and form cracks (marked by a
circle). The small pieces after failure, described above, are thought o be separated by such
breaks starting at the surface.

As will be discussed in the following section, L1 trialuminides seem to be unable to deform
plastically under tension. The beginning of a measurable barreling of the cylindrical samples
falls together with the first cracking, i. ¢. at a strain of about 2 %. The barreling is due to the
friction between the polished end of the sample and the compression platens. Measurements of
the maximom diameter after 5 %, 10 % and 15 % strain show thai different samples behave
similary under defomation in compression. Hence, the friction must be about 1he same in all
cases. Barreling leads to a triaxial stress state inside the sample and a tensile circamferential
stress. Hence, as soon as the hoop stress at the surface exceeds the end of the elastic range of
deformation, the materials respond by separating the atomic planes, i.c. cracking. Residual
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negative strain rate sensitivity, as will be discussed in the section 4.2.5. The form of the serra-
tions as well as the temperature and strain a1 their beginning and their end are very similar for
all L1, compouads, namely AlsTigCr, AlsTi;(Ma,CY), AlsTigMn and AlsTigFe (1% and 2°9).
The amplitude of the serrations seems to be proportional to the strength of the material. The
ratio maximum amplitude o yield stress is AG/Rpg 2 ~ 0.15 for AlsTizCr, AlsTisMn and
AlsTigFe (1) at 300 °C and 400 °C. The tetragonal Al3(V,Ti) material exhibits no consecutive
serrations. As an example, figure 4.9 shows the stress-strain curves of AlsTizFe (1) at 300
°C, 400 °C and 600 °C. At 300 °C the flow is inhomogeneous all along the deformation till the
test is interrupted because of the load limit. At low strains the oscillations are small in
amplitnde, Ac. A0 increases with increasing strain and at the same (ime the frequency of the
serrations decrease slightly, Nevertheless, the oscillations are relatively regular. At 400 °C, the
serrations start with higher amplitude after yielding than at 300 °C. With increasing strain they
become more irregelar, both in Ag as well as in frequency. Before the test is interrupted, there
is a zone of a few % strain of homogeneous flow. At 600 °C, some irregular serrations are
observed after yielding. However, the jerky flow stops afier 1 % to 2% strain. At temperatures
below 200 °C, diffusion is too slow to affect dislocation movement and above 600 °C,
diffusion is rapid enough to follow quasi instantenously the dislocation. The materizls deform
homogeneously.

In the Ponevin-LeChitelier effect, a serration is imerpreted as a cascade of unpinning
disiocations. It is proposed that these dislocarions are trapped by a diffusional mechanism.
Imerstitial or substtutional atoms diffuse to the dislocation and pin it due to the locally higher
solution hardening (cf. section 2.3.2) or the relaxation of the dislocation changes the chemical
and/or ordering state around the dislocation core (cf, section 2.3.3). At a certain stress level, the
dislocations can escape from their pinning points, giving rise 10 an abrupt decrease of the flow
stress. If the temperature or the strain is too low that the dislocation can overcome the rapping
a normal strengthening of the maierial is observed. This phenomenon is known as dynamic
strain ageing (DS A).
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Figure 4.9: Stress-strain curves for AlsTigFe (151, The jerky flow (Portevin-LeChételier
effect) is depicted for 300 °C, 400 °C and 600 °C. The star refers 10 an interruption of the test.

4.2.4 Bend Testing

The bend 1ests focused on the AlsTioCr and AlsTipMn materisls. AlsTigFe (1%) would have
been an interesting candidate, but the billet was 100 small to machine bend samples out of it. To
investigate the influence of the spray layers described i section 4.1, samples of both com-
pounds were tested in three different oricntations. 1n the first oriemation (TP), the layers lie
transverse in the sample and parallel o the applied force, in the second orientation (LP), longi-
tudinal and parallc] to the force and in the third (PP) perpendicular to the force. Figure 4.10
illustrates the spray layers in relationship to the samples. The TP orientation represents the
worst case because the layers are parallcl 10 the expected crack path and could induce ¢racking,
But within the scatter, there are no differences between these oriemations, neither in strength
nor in ductility. The best plastic deformation for Al Ti;Cr is observed in the PP oriemation, for
AlsTipMn in the TP oriemation.
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- L

PP

Figure 4.10: The orientation of the spray layers within the bend samples. The direction of the
applied force is indicated by arrows.

Figure 4.11 shows the force displacement curves of some bend tests. It is clearly seen that
these materials exhibit only poor ductility in bending. Failure occurs abruptly as seen in the

graphs.

The plastic deformation, €pls is calculated using the equation proposed by Dadras [53]:

-0.5
F.1Y3 (b h4F. + F,
EP“'E’M( e z) @1

Where b is the width, h the height, ] the loaded length of the sample, E the elastic modulus, F,
the yield force and Fy, the maximum force. This formula assumes elastic-perfect plastic
behaviour of the material and is restricted to small plastic deformations. Table 4.4 summarizes
the results of the bend tests. All three orientations are averaged together.

alloy yield stress maximum stress | plastc deformation
[MPa] [MPa] [%]
AlsTi,Cr 320435 349147 0..0.03
AlsTisMn 0612 328+ 10 0..034

Table 4.4: The results of the bend tests. The plastic deformation is calculated using eq. 4.1.
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Figure 4.11; Force-displacement curves of two AlsTioCr and AlsTisMn samples each. TP,
LP and FP indicate the orientation of the spray layers within the samples (cf. figure 4.10).

The yield stress of the AlsTiyMn alloy comesponds well 1o that measured in compression
{Rpo2 =311 MPa). The suengih of the AlsTisCr compound is considerably lower in bending
than in compression (Rpg 5 = 413 MPa). Bending is very sensitive 1o flaws in the small, highly
deformed zone under the applied force. Imperfections in the microstructure cause stress concen-
wations and reduce the load bearing seciion of the samples. Hence, the finally determined
strength is smaller than that expected from the outer geometry, However, there is no evident
difference in microstruciure berween the Cr and the Mn alloyed compound.

The fracture surfaces show britile cleavage failure, similar 1o those observed on samples failed
in compression. Even ai the edge to the inferior side of the sample, no signs of plastic deforma-
tion are detected. A first small crack, similar to those reported in the preceding section for
compression is probably catastrophic in bending. Considering the inexistence of characteristics
of plastic deformation on the fracture surfaces, such cracks epen under tensile load at very low
strains, directly after the purely elastic elongation. The purity may have an influence on the
toughness of these trialuminides. A pure material withow internal or external noiches will
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exhibit a larger tensile deformation. But failore will still occur by cleavage and the absolute
value of duciility will remain poor.

4.2.5 Activation Volume
Table 4.5 summarizes the results of the tests nsing strain rate changes.

A remark to the I values at 400 °C: A negative volume makes physicatly no sense. In this
special case, it means nothing more than the response of the material to a sudden increase in
strzin rate, A€, is an abrupt decrease in the flow stress. The negative AG gives rise 10 a negative
. The extremely small negative U values indicate & high negative Ag, about 5 % of the applied
stress. At 400 °C, both changes in strain rate, by a factor of three or ten, induce the same drop
in flow stress. At 500 °C, the small At leads to the normal increase in @ and the large A€ is
followed by & negative response of the stress. Hence, for 450 °C and 500 °C all U values in
table 4.5 are determined using strain rate changes by a factor of three. The representation of U
as mean values with a standard deviation is not a complete description of the test daa a1 each
temperature. At low temperatures {-196 °C to RT), there is a dependence of U on the strain.
The activation volumes determined by a series of strain rate changes on one sample of
AlsTiyCr and AlgTipMn, cach at room temperature, as well as one AlsTizFe (15) sample tested
at 700 °C are shown in figure 4.12. According to section 3.3.3, I is plotied as a maximum and
a minimuem valuc and the corresponding average. In both tests carried ont at RT, a decrease of
U with increasing strain and stress is observed. For AlsTiCr (figure 4.12a) the activation
volume decrases from D = 270 53 to 1) = 150 b3 and for AlsTipMn (figure 4.12b) from U =
320 53 to Il = 220 b>. At this temperature, a first jump in strain rate directly after yielding leads
to small I valaes. This is due to the region of low work hardening rate, 9, at the beginning of
plastic deformation in the Cr and Mn modificd trialuminides. The deformation mechanisms
seem to be different from those at higher £, where 4 is almost constant. At high temperatures,
U becomes essentially independent of @ and €. As an example, the U data of AlsTipFe (1) at
700 °C is presented in figure 4.12c. Over the whole range of strain (or stress), the data points
scatter around 300 &3,



Temp E Acrivation Volume
[°C) (%] [10-27m?3] (53]
AlsTigCr 23 0.8..9.3 4.1+09 1853 +41.]
400 12.2 -0.824 -37.6
450 6.7...13.0 13.8§+2.23 629.1 £101.5
500 25..148 110+ 1.71 S00.8+77.9
550 2.5...16.5 1204177 545.51 30.8
600 14...154 13.011.44 59351 65.8
650 12...17.0 104 1 1.62 47401 73.9
700 0.7...144 7.110.84 3279+ 38.2
AlsTisMn -196 1.7...133 1.12+0.29 51.1 4132
-60 - 26...12.2 2.66 1048 121.4+ 22.0
23 1.7...14.0 51413 2327+59.0
102 1.2...13.6 8.6+3.52 392.1 £ 160.5
200 2.0...14.1 138138 62721 173.5
250 1.5...6.3 1374117 62491 77.6
400 9.9...14.0 -0.83 +£0.06 -3781246
450 93,..16.9 11.5+2.6 524.11£117.2
500 3.5...13.4 11.3+2.1 5169197.0
550 23,130 13.4+290 612142931
600 1.3...13.7 105414 479.7 £ 63.1
650 1.4...15.7. 82109 37451429
700 1.6...17.3 79+1.1 361,01+ 48.5
AlsTipFe -196 1.2...48 0.9610.17 437115
(1st series) -60 - 1.5...103 22510.34 102.7 £ 15.7
23 0.8...7.4 39109 180.8 £41.7
101 0.7...7.5 6.0+12 27394527
200 08...50 96128 437.1+ 1259
400 76..9.0 -0.67 £ 0.03 -30.6+ 1.3
450 5.6...83 7.010.57 3188 +260
500 51..9.7 54105 24641214
350 21..84 6.1 10.44 276.2+20.2
600 2.6...125 68+0.8 30054343
630 19...13.2 6.3 1.1 28761 50.8
700 .1.1...16.3 6.5+0.7 29751317

Table 4.5: Activation volume at different test temperatures. b is the Burgers vector of a
14,<110> partial ( = 0.28 nm). The column & indicates the range cf plastic deformation over
which U is averaged.
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Figure 4.12: The activation volume as a function of the applied stress or aciual strain € (£ are
approximate values). The scatter band represents the maximum and minimum U with the cor-

responding average of each change in strain rate (¢f. section 3.3.3). a) AlsTi,Cr at RT, b)
AlsTipMn at RT and ¢) AlsTiyFe (15t at 700 °C,
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Figure 4.13 represents the influence of temperature on the activation volume of the three
intermetallic phases.

)

Activation Volume (b*)

I
400 z
i [ ]
g | | | Temperature
0 1 + } T } } I } %0—‘7 } } } : -
. 200 0 | 200 | 4 | 600 (*C)
200 t I i1 i 1V
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Figore 4.13: The activation volume as a function of temperature. The temperature axis is
divided in four zones, I to IV, cormesponding to different mechanisms controlling the defor-
mation. The data points in brackets represent the negative activation volumes at high strains.

In zone I, between abselute zero and room emperature, U decreases continuously with decrea-
sing temperature, This can be interpreted as the diminution of the thermal contribution to the
flow stress. Considering the steadiness of this decrease, itis likely that at0 K U will be smaller
than 51 b for AlsTi;Mn and 44 b3 for AlgTizFe (1), respectively. Unfortunately, the data
base is too uncertain and the scatter 100 important 1o establish a reliable extrapolation of U at 0
K. Dislocstion dissociation and recombination can be excluded as deformation mechanism,
because the activation volume for this mechanism is expected to be much greater than the
valves observed here (cf. section 2,3.2). Fer Shockley cross-ship the thermal activation is insuf-
ficient at the temperatures of zone 1. The question if a Peierls’ mechanism or solution hardening
controls deformation at very low temperatures cannot be answered conclusively enly on the
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base of the activation volume, since the steady decrease of U with decreasing temperature and a
valne of U = 50 b3 at -196 °C (> 0 K) fit the model of lattice friction as well as solution
hardening. In the case of solution hardening, the concentration ¢ i§ estimated as 410%<e< 10
2, depending on x in eq. 2,13, This concentration range is expected to be shifted towards hlgher
solute contents at O K, because at the same time U decreases.

Zone 11, in the range of RT to abowt 250 °C, is characterized by a sharp increase of Ul with
increasing temperature. Simultaneously, the first negative activation volumes are observed, at
high strains and starting at 100 °C for AlsTisMn and at 200 °C for AlsTigFe (1. In this
temperature range, the dynamic strain ageing (DSA) and the Portevin-LeChitelier effect start,
as described in section 4.2.2. The dislocations are locked by one of the mechanisms presented
earlier. After a jump in the crosshead speed to a bigher strain rate, the stress in the sample
reaches rapidly the level at which the dislocations break away from their pinning points. This
stress level is lower than the expected flow stress at the higher strain rate withont DSA. The
smaller AG recorded alters the activation volume to larger values. If the softening of the
material due to the unpinning of the dislocations is higher than the increase in stress up to the
break away point, the resulting Ag is negative. Comprebensively, in zone II the flow stress is
controlled by the onset of dislocation locking by the dynamic strain ageing mechanism.

In zone 111, i.c. the approximate temperature range between 250 °C and 450 °C, the flow is
characterized by the Portevin-LeChilelier effect. Even in regions of homogeneous flow, before
or after the serrations, each attempt lo increase the strain rate initializes a new drop in stress.
This negative strain rate sensitivity gives rise t0 a negative activation volume,

In zone IV, at temperatures higher than 450 °C, Al5TizFe (1) behaves differently than the two
athers, Cr and Mn alloyed compounds. The latter exhibit a I? in the range of 500 b3 10 630 &3
between 450 °C and 600 °C. At 700 °C, UV drops to about 350 5°. The AlsTisFe (131 exhibits a
rather constant activation volume of about 300 53 between 450 °C and 700 °C. A different
behaviour of AlsTigFe (159, on the one hand, and AlsTioCr and AlsTisMn on the other hand,
is observed in the yield stress in the same temperatare range (cf. figure 4.4). While the iron
alloyed zialuminide shows anomalous strengthening above 500 °C, the two other materials
have a rather constant yield stress at the temperatures of zone IV. At the same time an increase
in the ductility in compression is gbserved at the same temperature as the drop of U for
AlsTizCr and AlsTi;Mn occurs. A discussion of the relationships between the results of
compression testing and the measured activation volume is presented in section 5.3.
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4.2.6 Static Strain Ageing

For further investigation of the dynamic strain ageing and the Portevin-LeChiitelier effect, static
strain ageing tests have been undertaken. For a given temperature T, the complete ageing time
t, (the time the cross head is stopped plus the dme for reloading until yielding), the activation
cnergy of strain ageing, Qga, 'may be determined as follows. The Qg, are the apparemt
activation energies for the swrain ageing process. They are related 1o diffusion but also to the
mechanical Joading. There is a dependence of the strengthening, AC, on the strain, g, at which
the ageing is accomplished (figure 4.14a) as well as on the stress applied during ageing, o,
(figure 4.14b). Fignee 4.14¢, which illustrates the strengthening as a function of the ageing
stress at two different strains, summarizes both dependences, The relationship between g and
Ao is almost linear. The data of one experiment, carrying oot alternaiely ageings of 1 min and
20 min, is shown in figure 4.14a. Figure 4.14b depicts the data collected on several strain
ageing tests at 250 °C during which ageing procedures of 30 min are performed. The stress
during the strain ageing experiments was varied. Although the scaner due Yo the influence of
strain is considerable, there is a tendency of higher Ao at higher ageing stress, o, The steady
increase of A with the ageing stress makes sense only if the imternal stress oy, corresponds
almost to the flow stress. Under a shear stress © = vy, dislocations do not move. Without an
cxtemnally imposed deformation, dislocations creep likewise to the siress, if © > %, and
opposed ta the shear stress, if ¥ < Ty, A stationary dislocation is trapped best by diffusing
atoms. An intemal stress close to the flow stress is not common but it can be verified by two
different experiments.

First, assuming power law creep with an exponent of 4 and considering an internal stress, G;p,,
such that the effective stress is (0 - Oy,). After Burt, Dennison and Wilshire [54] the strain rate
£ can be expressed as

€ = B(0 - G @.2)

where B is constant at a given temperature. Taking the two strain rates nsed to determine the
activation volume, & and T|E, the internal stress Gy, is given by

_Si¥yn-oz

Sint = Va1 (4.3)
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Figure 4.14: Results of strain ageing tests on AlsTipMn at 250 °C. a) The influence of strain
on the strengthening. Data of one test with ageing procedures at 400 MPa for 1 min and 20 min
alternately. b} The influence of ageing stress on the sirengthening. Data of several tests with
ageing procedures of 30 min at different stress levels. ¢) Strengthening as a function of the
applied ageing stress. Two ageing series of 30 minutes on the same sample at about 5 % and
about 15 % strain are shown.
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n is a positive number, & and g, the flow stress at the lower and the higher suain rate,
respectively. For AlsTipMn s 250 °C, 0y is calculated as G;; =~ 0.98-0, independent if =3
or n = 10 and constant with strain in the range of 1.5 % <€ < 5.8 %.

Second, a stress relaxation test at 250 °C for the same material confirms the high value of @,
The test was accomplished by the incremental unloading method [55]. During this test the
deformation is stopped and the sample nnloaded by three to four steps. The response of the
matcrial ditectly after holding the cross head is recorded on every nnloading increment.
Afierwards the sample is reloaded, slightly deformed plastically and the nnloading procedure is
rcpeated aiming other stress steps for the relaxation. In total three unloading series are perfor-
med. A further decrease in load is defined as a negaiive rclaxation velocity, vegjas-
Anglogously, an increase in load afier stopping the machine corresponds to0 o poSitive Vppy-
Figure 4.15 shows a plot of the relaxation velocity vs the stress at which the relaxation is
carried out, The data points are interpolated by linear regression and o;, determined as the
intersection with the x axis, i.e. the sress at which the load remains constant during relaxaion.
With this method, the internal stress is determined as oy, = 0.92.0, where 6 is the maximum
flow stress reached before relaxation.

Figure 4.16 shows the cvolution of the swengthening Ao with ageing time at three different
temperatures.

It is seen that the saturation value of the strengthening, Aoy, increases with increasing tempe-
rature. This is in agreement with the model of Fricdel which predicts a finite time to saturate the
dislocation with solute atoms [30]. He assumcs that after a short time, all impurities at a
distance rg have been drawn towards the dislocation. This radius of the depleted region is a
function of the diffusion coefficient of the solutes. Therefore, the final solule concentration at
the dislocation increases with incteasing temperature [30], giving rise to a higher solnte harde-
ning effect and, at the same time, a higher satration strengthening at higher temperature. As
seen in figure 4.16, the effect of ageing on A0 is not the same for the three altoys. The smallest
strengthening is observed in AlsTiaMn, figure 4.16b. Aag, in AlsTipCr (figure 4.16a) and
AlsTiyFe (1) (figure 4.16¢c) arc similar but the latter reaches the same Adgy, at a lower
temperature. Figure 4.16c shows that at 225 °C, the satration becomes unstable in AlsTigFe
(1%Y, i.e. after a rapid increase of AG with ageing time, Aa scafters around a maximum value,
This maximum strengthening is lower than that reached at 200 °C. The same phenomenan,
namely a decrease of the maximum strengthening together with an unstable saturation, is scen
in the two other compounds, but at higher 1emperatures, This indicates that another process
interacts at sufficiently high temperatures and sufficiently long ageing times. However, the
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influence of this second process, possibly dislacation recovery, on Ag for ageing times in the
range of waiting tmes during dynamic strain ageing, i.¢. a few seconds, is negligible.

+10

Relaxation Velocity (N/min)

70 8l 1 1 ] 4 1 -
0 100 200 300 400 500 600

Initial Relaxation Stress (MPa)

Figure 4.15: The results of a relaxadons test for AlsTiyMn at 250 °C using the incremental
unloading method [55]. Representation of the data as plot relaxation velocity vs stress at the
beginning of the relaxation step.

The sawration valne of strengthening for the three altoy under investigation are summarized in
table 4.6. It is clearly seen that the maximuom of strengthening varies from material to material
and is observed at different temperatures in each material.
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Figure 4.16: Strengthening Ao as 4 function of ageing time, t,.
&) AlgTigCr at 150 °C, 200 °C and 250 °C

b) AlsTisMn at 150 °C, 200 °C and 225 °C

c) AlsTizFe (1%) a1 150 °C, 200 °C and 225 °C (unstable saturation)
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temperature [°C) saturation strengthening [MPa]
AlsTi,Cr Al<TisMn Al:TisFe
100 - - 21,5
150 207 113 35.7
175 - - 63.7
200 50.0 220 £0.0
225 - 33.7 63.9
250 65.7 43.1 -
275 64.0 49.7 -
300 47.5 - -

Table 4.6: Extrapolated saturation values of the strengthening measured during static sirain
ageing tests,

Figure 4.17 shows an example of the three graphs used to determine Qg,. As discussed in sec-
tion 2.3.2, the strengthening at a fixed time, AGy, and the slopes of the plots In(AS) vs In(t,)
and In(Aay) vs TV are necessary 1o deduce the activation energy of strain ageing, Qga. Three
different times are chosen to determine the corresponding A at each temperature, namely 125
sec (Agy25), 1000 sec (Ao ggo) and the saturation strengthening (AGgy,). The latier is
extrapolated by hand vsing the plot Ao vs t,, figure 4.17a. Only if the saturation value remains
stable, i.c. the model of the depleied cylinder around the dislocation presented above applies,
Adgy, is considered as valid for further calculations. The logarithmic plot In{AG) vs In(ty).
figore 4.17b, is used to determine AG 25 and AG oo, as well as the slope n. The value of n
used in eq 2.6 is the average of the slopes at all ageing temperatres. The other ierm required in
eq 2.6, m . is the slope of the Arrhenius plot In{Acg,) vs T, figure 4.17 ¢ to e. Figures 4.17
a to ¢ show characteristic plots for the AlsTi;Mn alloy. Figures 4.17d and 4.17¢ illustrate
Arrhenius plots for the iwo other materials under investigation, namely In{Ag)25) vs T for
AlsTi;Cr and In{AGgog} vs T! for AlsTisFe (1),
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Figure 4.17: Examples of the three plots and the specific values for determination of the
activation energy for strain ageing.

a) AG vs 1y 1o determine Adgy by extrapolation for 1 — =, AlsTizMn, 200 °C,

b) In{AG) vs In {1,) to determine the slope n as well as AG 95 and AGppp. AlsTigMn, 200 °C.
) Arrhenius plot In(Agg,) vs T} to determine the slope, ma, AlsTizMn.

d) Arhenius plot In(AG)25) vs T!, AlsTipCr.

€) Arrhenius plot In(Acyggo} vs T!, AlsTigFe (1),
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Table 4.7 gives an overview of the activatior energies for strain ageing. As seen in the second
column, the slope, n, is not constant neither for the three alloys nor for the same alloy at the
different ageing temperatures. A slight increase of n with increasing temperature is observed.
Disregarding the influence of n, the activation energies are more similar (cf. section 5.4).

altoy n Qsald0)25) | Qsaldoipnp) | Qsaldogy)
[k}/mol]) tk]J/mol) [kJ/mol}
AlTi,Cr | 0.39010.035 63 62 55
Al<TisMn (.308 £0.039 78 £3 7
AlcTisFe (1% | 0.403 4 0.058 62 64 49

Table 4.7: The activation energies for strain ageing. n is the slope in the In(AG) vs In(ty) plat.
The symbols in brackets, (AG35) (AT pp0) and (AG,) indicate how A was fixed to deter-
mine the values on the y-axis of the Arthenius plot. The indices “125" and "1000" refer to rime
fixed at 125 seconds and 1000 seconds and “sat” means the saturation value of AG fort — o,

As stated at the beginning of this section, the strengthening duce to strain ageing is a function of
lime, temperature, stress and strain, The first three parameters can be held constant while the
latter varies in the range from about 2 % to about 6 %. This is a direct consequence of the tast
procedure using only one specimen per temperature 10 avoid scatier due 10 different samples.
The influence of strain on the strengthening i3 documented in figure 4.14a for AlsTizMn at 250
*C. Using the almost linear relationship between Ao and e, the strengthening can be corrected
10 a value as if all strain ageing sieps were done at the strain of the firsi 15 seconds ageing.
These hypothetical, corrected values are compared to the measured strengthening in figure 4,18,
As expected, increasss the amount of comrection towards longer ageing times, because these
ageing steps are carried out at higher strains. This influence of strain has two consequences on
the further calculations. First, Ay for the Arrhenius plot is altered to smaller values. This
correction is more important for Ao fixed at long ageing times, especially for 464, The
second consequence is the reduction of n in the logarithmic plot Ao vs 1. For AlgTigMn at 250
°C (figure 4.18), the stope in this plot changes from n = 0.366 for AG as measured to n =
0.302 for the corrected Ao values. This variation is not greater than the scatter of n over the
temperature range investigated. A smaller n gives rise to higher activation energies while it is
not sure if and at which amount the variation of Aoy alters the slope of the Atrhenius plot. All
in all, it seems likely that there is a mild dependence of Qga on £ Hence the activation energies
presented in table 4.7 are average values of the range of approximately 2 % 10 6 % strain.
Another analysis of the data of the strain ageing tests, which is independent of n, will be
presented in section 4.3.3.
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Figure 4,18: Swengthening as a function of ageing time for AlsTisMn at 250 °C. The directly
measured values of AG are compared 1o Ag correcied for initial strain € = 2.8 % using the linear
relationship between Ac and e in figure 4.14a.

The activation energics are low for an ordered alloy, compared for example to the self-diffusion
of Ni in NisAl with Q = 2720 Xy, [56] or of Ni in NiFe with Q = 203 ¥/, {38). The small
Qg indicates high diffusivity, as generally observed for the lattice diffusion of interstitial
atoms. The amount of interstitials, like O, N and C, is not known. Cansidering the high Ti
content and the gas atomization during preparation, O and N contamination cannot be
completely avoided. As reported in [51], many small oxides and nitrides of aluminium are
observed in AlsTigFe (1%9). This indicates that the limit of sclubility of these twe interstitials is
reached and that the lattice may be saturated with oxygen and/or nitrogen. No quantitative data
on the solubility of O in Al3Ti based intermetallics are available. Potez, Lapasset and Kuhin
presume that it is smaller than 21¢ ppm in AlsTiyCu [57). On the other hand, titanium is known
to solve about 33 at.% of O at temperatures T 2 600 °C [10], while the solubility of O in Al is
about 3.10°8 at the melting point |10). For TiAl, Kawabata, Abumiya and Izumi repon a
solubility of oxygen higher than 0.89 at.% at exact stoichiometry and "nearly zero” for a
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compound with 56 al.% Al [58). This suggests that the solubility limit of oxygen in Al;Ti
based alloys may be high compared to Al but still arders of magnitude smaller than in Ti rich
Ti-Al alloys.

The occurrence of DSA in Ti in the same temperature range is nsually attributed to the presence
of interstitial oxygen. For the pinning and break away of the dislocations in the present materi-
als, segregation of O seems less likely because of the completely different solublility of this
interstitital. Other possible reasons, narnl:IAy the relaxation of the antiphase boundary (APB)
spread between the superpartials must be kept in mind. Such a mechanism is also governed by
diffusion and there is at least one known model to describe the time dependence of the
strengthening doe to APB relaxation. This time law is different from that proposed here for the
strain apeing by a "Cottrell atmosphere”. A deuiled discussion of APB relaxation will be
presented together with the TEM observations in section 4.3.3,
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4.3 Transmission Electron Microscopy

4.3.1 Dislocation Analysis

A demiled dislocarion analysis of the AlsTigFe (1%) material is reported in [51].

First, the dislocation confignration in the as-received state, i.c. spray deposited and HIPped, is
considered. There is a difference between AlsTizFe (15 and the two Cr and Mn alloyed com-
pounds concerning their dislocation densities. While in the latter, dislocations are observed only
occasianally and usuaily bound to particles, the dislocation density in AlgTioFe (1) is much
higher. There are dislocations, often connecting the particles, cf. figure 4.4. When imaged under
centain diffraction conditions the dislocations show fringe contrast. The Burgers vectors are
<100 for the most part of the dislocations. They are in edge orientation and lic ajong <011>
directions. There is no evidence of dissociation. The fringe contrast can be characterized by a
faclt vecior parallel to <001> in sech a way that the faults can be rendered invisible by the
suitable chaice of the diffraction vector g. These fanlts appear to lie on {011) planes, similar to
disk-like Al;Ti particles, seen aitached 1o some of the dislocations. As such, the likely interpre-
tation of these fringes seems to be solute segregation or incipient precipitarion on the <100>
dislocations during HIP,

Summarizing the disiccation configuration after deformation of about 1 % at three different
temperatures, it is seen that the dislocations created by deformation are uniformly distriboted.
After deformation of AlsTizFe (1) at RT, they are mostly undissociated at the resolution of
weak beam clectron microscopy and have Burgers vectors of & = <110> [51]. Although,
dislocations very close to each other are observed, imaging with +g and -g reveals them as dis-
location dipoles. For both, the dipoles and the single dislocations, straight as well as smoothly
curved segments are seen. Depending on the foil orientation, a dislocation may appear
alternately straight or slightly curved. These dislocations lie on {111} planes and are mobile on
those octahedral plancs. They are generally of the edge type, lying in 60° - 90° directions.

After straining AlsTizFe (15') | % at 500 °C, the dislocations exhibit no clear alignment in any
particular direction. Dipoles are still present bat less than in the sample deformed at RT.
Examination under weak beam conditions show that the majority of the dislocations are
dissociated as a pair of 1/p<110> dislocations, with an APB in between, The spacing of the
partial dislocations is measured to be d = 7 nm [51]. Analyzing the glide ptanes showed that
they are of the {111} type as at RT. There seems 1o be no cross-slip of superdislocations onto
{010} planes, at least no dislocations on cube planes are observed.
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The most important change in dislocation configuration is observed after deformation at 700
°C. Essentially all the dislocations ere now dissociated as a pair of 1/,<110> superdislocations.
A large number of them lies on {111} and at the same time on the corresponding {010] cross-
slip plane. The smooth curvature of the superdislocations on both planes indicate good mability
on octahedral as well as cube planes. The spacing of the superdislocations on {010} is about
d = 22 nm, the separation of the superpartials of dislocationson {111) isd = 16 nm.

In summary in AlsTigFe (15%), the dislocation configurations are characterized by first the
spacing of the superdislocations, which increases with increasing temperature, and second the
cross-slip of superdislocations from their {111} low temperature glide plane to their {010}
high temperature glide plane. At RT, the superdislocations are occasionally dissociated at a
degree just resolved under weak beam conditions, i.e. d = 2.7 nm. As reported by Morris,
samples deformed in liquid nitrogen exhibit dislocation configurations similar to those defor-
med at RT, namely dissociated (2 nm £ d £ 3 nm) as well as undissociated dislocations are
seen [59]. On the same occasion, he observes that the dissociation distance increases slightly
with increasing deformation, This suggests that mobile dislocations ere dissociated, even at
very low temperatures. Hence, it is justified to take the small Burgers vector, %/2<110>, to
determine the acdvatipn volume at the temperatures of zone 1 (cf. figure 4.13).

After deformation at 500 °C, the majority of the dislocations are dissociated inta two '/<110>
partials mobile on octahedral planes. The undissociated segments show a strong intensity con-
trast, stronger than (hat observed in samples deformed at RT [51]. This intense contrast
indicates a locally high distortion of the lattice around the dislocation core, Further discussion of
this subject will be presented in section 4.3.3. Classical Kear-Wilsdorf locks, manifested by
long straight screw dislocations are not observed. While no dislocation on {010) plane is seen,
there is evidence of cross-slip of superdislocations between octahedral planes. The precise
temperature of the onset of {111} to {010] cross-slip remains unclear. There is no sign of it a1
500 °C, and at 700 °C, almost half of the superdislocations lic on the cube cross-slip planes.
Independent of the cross-slip plane, if the panials of the superdislocations are further
dissociated into Shockley partials the latter have 1o constrict for cross-slip. In section 4.2.4,
Shockley cross-slip is postulated as the mechanism controlling the flow stress. The acual TEM
observations confirm this idea although there is neither direct evidence of the Shockley partials
nor of their constriction.

After deformation at 700 °C the dislocations are separated but the spacing of their superpartials
depend upon the plane on which they lie. Assuming isomopic elasticity, the APB energy ycan
be calculated for screw dislocations as



n

B2
y= %a (4.4)
where 1L is the shear modulus (4 = 84 GPa (607), b the Burgers vector and d the spacing of the
superdislocations. The APB energy on (111} is deduced as ¥, =72 m¥/m? and on {010} as
Yo10 = 45 mJ/m2, giving rise to the ratio ¥, 11/fp1g = 1.6. This anisotropy of the APB energy
can be seen as a driving force for ¢ross-slip of the superdislocations onto the cube planes. The
ratio ¥, 11010 = 1.6 is somewhat smaller than the value of ¥3 postulated by the Paidar, Pope
and Viwek (PPV) model (45] but it is also possible that clastic anisotropy plays a role in
assisting the ¢cross-slip process. Yoo completes the PPV eguation by an anisotropy term [61]

a+ rtm%%:»ﬁ @A5)

where f] is an anisotropic factor due to the tangential componem of the elastic imeraction
between two superpartials along scew orientation. f is of comparable magnitude to the radial
component, considered by the PPV model, ¢.g. f; = 0.62 for NizAl [61]. 1t is seen that for
AlsTi;Fe even a semall anisotropic contribution is sufficient to fulfill the Paidar-Pope-Vitek
criterion modified by Yoo. Consistent with the present TEM abservations, the increasing yield
stress in AlgTisFe (159 at test temperatures of 500 °C and above can be interpreted by pinning
effects caused by the cross-slip of superdislocations onto (010} planes.

The dislocations configuration observed in AlsTi;Cr and AlsTipMn are very similar and not
really different from that in AlsTisFe (15). The TEM investigations on AlsTizMn reported in
the following will be given as an example. Essentially, the observations on AlsTisMn are also
valid for AlsTisCr.

After 2 % deformation at room temperature the dislocations in AlsTiMn have a slight
tendency of arranging around particles. As shown in figure 4.19, several straight screw
dislocations, parallel to each other, are observed. They lie along the <011> directon and they
are marked with small arrows. Such screw segments may play an importam role, as will be
discussed in section 4.3.3. A few dipoles are seen in figure 4.19, marked with the letier "D".
Compared 10 AlsTizFe (159), the dipole density is relatively low. Examined at higher
magnification, some dislocations seem to be dissociated. Weak beam investigations confirm
that essentially all dislocadons are separated by an APB [59]. Dissociation takes place to a pair
of }/,<110> dislocation partials lying on the {111} plane. The spacing of the two superpartials
is about d = 5 nm. The curvature of the dislocations other than those in screw arientation
indicate their mobility an octahedral planes.
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1} In AlsTisFe, the separation distance is smaller and it is more difficult to achieve dissoci-
ation. A higher strain is necessary for dissociation to take place [59].

-2} In AlgTiyFe, the density of dipoles is considerably higher.
3) In AlsTiyFe, na groups of straight, parallel screw segments are observed.

The most important difference is the dissociation distance. Tt can be concleded that AlsTi;Cr
and AlsTizMn latices are mare snitable for dislocation dissociation. This is responsible for an
easier onset of the dislocation mavement and for a better ability of the dislocation to remasin
mabile, which can be explained by macroscopic observations, i.e. a lower yield stress and,
together with the smaller amount of dipoles, a lower hardening rate. Considering the conclu-
sions of section 4.2.2, the cansequence is an enhanced ductility of the material.

4.3.2 Dislocation Density

The evolution of the dislocation density is treated qualitatively by means of the alloy AlsTioMn.
Figure 4,21 depicts dislocations in samples deformed 10 different strains at room 1emperature,
namely a) 0.7 %, b) 2 % and ¢) 5 %. The nndeformed state is not shown because in such foils
dislocations are found only occasionally. In figure 4.21a, dislocations in the vicinity of a second
phase particle are seen. At this strain, the concentration of dislocations is generally higher at
particles than in the same grain far away from second phases. Considering the effectively
modest number of dislocations, this collection of dislocations at particles at such low strains
has no significance on the dislocation arrangement after severe plastic deformation. Since three
different <110> Bergers vectors are observed in this micrograph (dislocations with one of
these b are invisible actually), there seems to be a preference of only a few slip systems at low
strains, Long straight screw segments are not seen yet. It should be kept in mind that at 0.7 %
deformation, AlgTizMn is in a zone of low work hardening rate, the already mentioned
shoulder after yielding.

Figure 4.21b shows that at 2 % strain the dislocation density within one grain at a particle and
away from it is almost equalized. A rendency for concentration of dislocations at grain bounda-
ries is sometimes observed. Not all dislocations are analyzed conceming their Burgers vectors
but there are considerably more than three different orientations, indicating an increasing
number of dislocation sources and slip systems with increasing strain. Long straight screw
segments arc present. Analogous to such dislocations observed in CuAl [39] and NisAl [40],
these segments are thought to be relarively immabile. They give rise to & large amount of work
hardening. Interaction of these screw segments with other mobile dislocations is not seen,
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Figure 4.21c illusmates the dislocation arrangement after 5 % straining. The dislocations are
grouped in agglomerates, presumably pre-states of cetl walls, scen at grain boundaries (upper
left comer) and particles as well as in the "free” space within the grains. These dislocation
agglomerates are not linear pile-ups but rather arbitrary collections of dislocations. The
dislocation density in these agglomerates is so high that it renders difficult the separation of one
single dislocation or one dislocation interaction. Hence, no Burgers vectors are determined.
Occasionally, long straight segments in distinct directions are observed. But the amount of
these dislocation locks dees not increase at the same level as the other dislocations do.

No groups of screw segments are observed at low strains. This suggests that the yield stress is
not affected by the formation of such dislecation pinning but the flow stress after the shoulder
in the stress-strain curve is influenced. The observation that there is neither exclusive nor exten-
sive pile up of dislocations at grain boundaries or particles is consistent with the findings of the
fracture surface investigations. Panicles and grain boundaries are present on fraciure surfaces
but the main fracture mechanism is transgranular cleavage. Tt is likely that the "weakest point”
in this compound is the low cleavage strength. Hence, a sufficient pile-up of dislocations
separates atomic planes, independent of the exact microstructural site of this stress
cencentration.
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4.3.3 Antiphase Boundary Relaxation

An important observation conceming the dissociation width of the superdislocations is reported
in detail by Morris [62, 63]. In situ TEM examinations are used to investigate the influence of
annealing on dislocations in deformed AlsTiFe (1. The separation of the partials constituting
the superdislocation increases rapidly in a non-recoverable manner during annealing, After
straining 4 % at RT some dislocations are just detectably dissociated by weak beam micro-
scopy. After annealing 5 min at 500 °C, most dislocations exhibit a distincr dissociation of
about d = 7 nm. After annealing at 700 °C, all dislocations are dissociated.

The changes described above take place very rapidly. At 200 °C, an apparent increase of d is
noted after about 5 min, at 400 °C, an equilibriom dissociation is reached after about 3 min
only. The effect is not reversible. On cooling, the separation width remains at the dimension
obtained during annealing, Table 4.8 summarizes the dissociaton distances at equilibrium,

AlcTisMn AlsTisFe (159 AlsTipFe (151) annealed

temperature deformed deformed SCTew edge

[°C) d [nm] d [nm] d [nm) d [nm]
23 5.0 27 - -
200 - - 30 3.5
300 ] - 4.0 43
400 - - 4.0 5.3
500 20 7.0 5.0 6.9
700 {111} - 16 25 25
{010} - 22 - -

Table 4.8: Dissociation distance of superdislocations after deformation at different
temperatures ("deformed”) or deformed at RT and anncaled afierwards a1 differem
temperatutes {"annealed*). Laner values are taken from ref. [63].

The experimental evidence of the increasing separation width of stationary superdislocations at
intermediare and high temperatures is in good agreement with the previously reported increa-
sing saturation strengthening, Adg,, in strain ageing tests. Over a certain lemperatute range,
AG,, depends directly on the diffusion coefficient of the solutes (section 4.2.6). In the present
chapter, it is assumed first of all that the strengthening observed in the static strain ageing expe-
rimems is due to APB relaxation. The increasing equilibrium dissociation width of the super-
partdials with increasing temperature is taken as a measure for the pinning effect. The following



g4

analysis is based on the fact that the equilibrium energy of the APB ribbon enclosed by the
superdislocations depends on temperature.

A model for dislocation pinning by APB relaxation is proposed. Like in the work of van den
Beukel [28], dislocation movement is considered as characterized by alternately waiting in front
of an obstacle and running through the tattice until the dislocation meets the next impediment.
The obstacle can be surmounted with the help of thermal and/or mechanical activation. In a
superlattice, the dissociation distance of the snpendislocation may increase during this waiting
time, t,, &t obstacles. The change in separation width reported before is rapid enongh to affect
dislocations in the temperature range of the Portevin-LeChitelier effect, i.e. from about 200 °C
to 600 °C. While direct in-situ TEM measurements of the evolution of the separation width d
are not available, the effect of the APB relaxation can be related 10 the flow stress. According 10
Brown [33], there is a linear relationship between the increase in flow stress, Ag, and the
decrease in APB energy, AY

AG ~ Ay (2.7

Using this linear dependence, the classical relaxation kinetic, model A afier Schoeck and
Komer [38], is adapted to the present case (cf. section 2.3.3). The rate at which the APB
energy, ¥, changes is assumed to be proportional to the deviation from its equilibrinm energy ¥

== - k(Y- (2.8)

where Kk, is the rate constant and ¥ is constant at a given temperature. Integration gives

¥-¥= (- P exp{ke) (4.6)

where g is the APB energy at the time t = 0, i.e. the energy of the APB ribbon produced by
shear, Defining Ay as AY := (Yp - 1) and AYgy, := (¥ - ¥) and using the linear relationship
between Ao and Ay eq. 4.6 yields

AGgy - AT = A0, expl-k,t)
or, by taking the natural Jogarithm

lr{l .. & P 15
A 4.7
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The rate constant k, can be determined by a plot of the left hand side of eq. 4.7 vst. k;
represents the slope of the straight line fitting the data points using linear regression. By plotting
lak,) vs T'1, a so called Arrhenius diagram, the activation energy of APB relaxation Qpg can
be deduced as

QAPB = l'l'lmk (4.8)
where mp,; is the slope in of the line through the data points in the Arthenius plot.

The term on the left hand side of eq. 47 varies sensitively for values of Ac/AG g, close to 1.
While AC can be measured precisely, ADg, is an extrapolated value. To avoid significant
deviations because of the uncerntainty of Aoy, the strain ageing tests with the longest ageing
time, where AG approaches Ac,, are not taken into consideration for the determination of k.

As shown in figure 4.22, the graphical representation of eq. 4.7, the data for AlsTioCr (figure
4.22a), AlsTipMn (figure 4.22b) and AlsTi,Fe (1% (figure 4.22c) can be fitted reasonably well
by a straight line, perhaps with exception of the data points at lowest temperatures and shortest
ageing rimes. Plotting the natural logarithm of the slope of the lines in figure 4.22 against T'1, it
is seen in figure 4.23 that for all three alloys (figure 4.23a: AlsTi,Cr, 4.23b: AlsTi;Mn and
4.23c: AlsTigFe (1Y) only the data points at the three highest ilemperatures can be approached
relatively well by a straight line. This indicates that this classical relaxation model is too simple
to apply to all temperatures where strain ageing occurs. The kinetic model discussed in section
4.2.6 (solute segregation) seems to be the betier approach for the present phenomenon.
Nevertheless, activation energies of APB relaxation, Qapp, are deduced using only the data
points at the three highest temperatures in figure 4.23. Table 4.9 summarizes the activation
energies, determined using figures 4.22 and 4.23 and compares them to the average values of
the aciivation energies of strain ageing, cf. section 4.2.6.

activation energy Al<TiCr AlTisMn Al<TiyFe (159
Qapp [KImol 1) 62 29 56
Qe [KImol!) 60 79 58

Table 4.9: The activavion energies for APB relaxation, Qapg, compared to the average values
of activation energies for strain ageing, Qga.
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For AlsTizCr and AlgTizFe (15 the agreement of Qapp and Qg is good, but for AlsTipMn
Qapp is much lower than Qg 4. Bearing in mind that the data points in figure 4.24 represent
rather & hyperbolic curve than a straight line, it seems that APB relaxation is the domirant
- strengthening mechanism only in a small temperature range. While AlsTiyCr and AlgTigFe
(I') exhibit unstable saturation at the highest temperature used for strain ageing tests {ie. 300
°C and 225 °C, respectively), AlsTi;Mn does not at 275 °C, the highest temperature
investigated in this compound. Hence, the temperature range examined for AlsTisMn is lower
relative to AlsTioCr and AlsTiaFe (151, Taking only the data points at the two highest
temperatures for AlsTi;Mn, the actviation energy is determined as Qapp = 50 KJmot™!, It is
seen that the value of the activation energy depends on the temperatures range where it is
determined. The upper limit of this temperature range should be the temperature where the
saturation becomes unsiable. This prerequisite is not fulfilled in the case of AlsTi;Mn.
However, this stray value of Q,pp for this material is believed to have no relevance on the
general tnterpretation of Qpp as welt as Qg .

Although only three temperatures are taken into consideration and the simplest model for APB
relaxation is chosen, this analysis confirms the low values of the activation energics. In the case
of segregation of solute atoms to the dislocation, Qg 4, the driving force is the difference in
interaction energy of the solute in the lattce to the solute near the dislocation core. This variation
is minimal if the dislocation is "saturated” with solute atoms and the rate of segregation is pro-
portional to the gradient of concentration. In the case of APB relaxation, Qapp, the driving
force is the 1endency of the atoms at the APB interface to minimize their average energy by
rearrangement. The rate of relaxation is proportional to the deviation from the equilibrium
energy of the rearranged APB. With both an apparent activation energy for diffusion in the
vicinity of a dislocation core is determined and, both times, the effect of the same process and
the same species of atoms is measured. Only the interpretation is different. Considering the fit
of the experimental data to the theories, the segregation model agrees better with the results of
the strain ageing test at low temperatures, where apparently the same strengthening mechanism
is observed. Therefore, the static strain ageing experiments support the segregation hypothesis.
The varying APB energy would represent the effects of composition changes at the fault plane
rather than a simple reshuffling of the atoms a1 the APB ribbon.
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5. Discussion
5.1 Synopsis

Tt is useful 1o give a condensed overview of the results presented in chapter 4. Table 5.1
summarizes the most important properties of the seven different alloys under investigation
(following page).

§.2 Strength, Ductility and Failure

The two main hardering mecharisms in the present trialuminides are precipitation hardening
and a type of solid solution hardening. The first is observed in the AlsTizCu alloy and the
AlsTipFe alloy of the second series. The precipitation of Al;Ti particles is due 10 a minor
excess of Ti in these materials. While for AlsTioFe a restriction and a shift of the L1, field
towards the Fe comer in the Al-Ti-Fe equilibrium diagram with decreasing temperature is
reported [4, 44], the extent of the AlsTipCu phase field in the corresponding equilibrium
diagram is controversial (for an overview see ref. [19]). At the same time, the L1 - AlpTi field
seems to broaden in both systems. Although the L1; field in AlsTi2>Cu is richer in Cu than the
AlsTigFe field is in iron, it is likely that there is a similar constriction towards lower
temperatures. The neminal composition of the AlsTigFe {29 billet is close 1o the border of the
the single phase field presented in section 2.2.4. Hence, a slight difference in the effective
chemical composition as well as a minor error in the diagram or a further constriction of the
single phase field at lower (not reported) temperatares explain precipitation. The formation of
the Al Ti plates is an effective hardening mechanism, the slight difference in the composition
between the AlsTigFe alloys of the two series gives rise to a yield point differing by a factor of
two,

The other hardening mechanism consists of clectronic effects of the different elements
replacing Al. The simulations by Morinaga et al. show that the M4 - Tid interactions increase
and the Md - Alp interactions decrease in the order Fe - Mn - Cr in TiAIM alloys [3]. The
addidon of the next element in this sequence of decreasing atomic numbers, V, replaces Ti and
conserves the DOpp structare of Al3Ti. In AlsTi2Cr, it is obvious that Cr replaces at least
partially Ti and is no longer available on the Al site 10 weaken the p-d bonds, as confirmed by
Nic et al. [7]. Hence, the order of alloy strength, AlsTizFe - AlsTizCr - AlsTizMn, is plausible
in terms of p-d imeraction in L1, trialuminides and, corresponding to the lowering
directionality of these bonds, the shear strength decreases in the same sequence.
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This order of strength of the temary additions in L15 trialuminides is confirmed by the work of
another research group. Nic et al. report the results of hardness tests on a series of AlyTi based
compounds alloyed with transition metals of the fourth row of the periodic table, comprising
the six elements between Cr and Cu. These hardness data are presented in figure 5.1 and are
compared to the hardness and the compression tests of the current work |
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Figure 5.1: Yicld stress and hardness of ternary compounds as a function of the atomic
number of termary alloying element. The hardness data tabelled by an open star are taken from
tef. (7).

The results of Nic and his co-workers show the same tendency as the hardness or the yield
stress reported in sections 4.2.2 and 4.2.3, respectively. Beginning with the highest atomic
number, the element Cu, the strength decreases continuously 1owards Mo and increases slighdy
at the lowest atomic number shown, the clement Cr. The difference in the absolue value of
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hardness berween ref. [7] and the present measuremenis can be explained in terms of the grain
size, which lies between 100 um and 500 um in {7] and 20 pum and 35 pm the the own com-
pounds. All in all, there is an agreement between the tendency of the theoretical refative shear
strength computed by simulation methods and the experimental findings for L1 4 trialuminides.

Very high work hardening rates ¢ are observed in all alloys and over the whaole temperature
range investigated: 5 GPs, even & GPa for AlsTigFe (1¥), are measured at RT and stil} 4 GPa
for all alloys at 700 °C. In fact, these values are much higher than those found in other interme-
tallics with the L1, structure. For instance, the work hardening rate in NizAl alloyed with 1 %
Taisrcported as ¢ = 1 GPa at RT and & ~ 2 GPa at 500 *C and 700 °C {64]. A high work
hardening rate is related 1o a jarge density of obstacles formed during sraining. The following
obstacles created by deformation are observed by TEM investigations:

Dipoles: The density of dipoles in plastically deformed AlsTizFe (15 is high. A smaller, bt
considerable amount of dipoles is also seen in AlgTi;Cr and AlsTioMn. These dipoles can
form by the intersection of a mobile dislocation with another dislocation leading to the creation
of a jog. If the dislocations are apparently undissociated, this jog will be large and strong. Such
undissociated dislocation segments are present in all alloys at lower temperatures, in AlsTi;Fe
{1%) up to 500 °C [63]. While further dislocation dissociation is hindered, stable dipoles can be
formed.

Straight screw segments: Segments of disiocations in screw orientation are found in 2l mate-
rials investigated in TEM and in AlsTi;Mn these are sometimes seen as groups of smaight
paralle] dislocations. Screw segments are less dissociated than edge segments (59] and lie often
along specific crysiallographic directions. These segments liec probably in deep Peierls’ valley
and need a high shear stress (o glide through the crysial. On one hand, these straight screw
segments can act directly as gbstacles to the motion of ather dislocations and, on the other
hand, they can promote the formaricn cf dipoles as mentioned in the preceding paragraph.

Dislocation agglomerates: Arbitrary collections of dislocations within a grain are observed ar
higher strains. Such large, three dimensional agglomerates, probably pre-stages of cell walls,
are effective obstacles to the movement of dislocations amriving from the free zones inside the
prain, These dislocation agglomerates grow with every caught dislocation, i.e. with increasing
strain.

The ensemble of these barriers, and, indirectly, with the presumably high Peierls' stress is
responsible for the high work hardening rate in the present trialuminides and the preponderance
of onc of these three obstacles gives rise 10 the differences between the different alloys at RT
and 500 °C. As seen in figure 4.6, at 700 °C the behaviour is similar for all materials, & is
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lower and decreases with increasing stress and strain. At this temperature, neither dipoles and
nor straight screw dislocations are observed. However, there is extensive cross-slip, both
between octahedral planes and between octahedral and cube planes. Crogs-slip serves to relax
local stress concentrations (the dislocation agglomerates) and to overcome barriers as well as to
create more obstacles by the {111)-{010) cross-slip. All in ali, the result is the decrease in
work hardening rate.

It is imeresting to compare the yield stress of the current materials to those of L1, trialuminides
investigated by other groups of researchers. As an example, figure 5.2 shows the yield stress as
a function of test temperature for the compound AlsTiyCr. The results published by Brown,
Kumar and Whittenberger [65), by Mabuchi, Hirukawa, Tsuda and Nakayama [66] and by
Zhang, Nic, Milligan and Mikkola [67] are presented together with the findings of the present
work. There is no uniform behaviour of these four materials, even disregarding the different
stress fevels. Mabuchi et al. are the only group to find a clear anomalous strengthening with a
peak at 600 °C, In the three other compounds, a zone of rather constant yield stress beginning
at 300 °C is seen. In the material of Brown et al. this zone ends a1 900 *C, Zhang et al. report
the end at 600 °C and in the current AlsTi;Cr alloy this zone is not overcome at 700 °C. Brown
et al. find & marked increase of the yield point at cryogenic temperatures while in the present
investigation no such increase is observed. All four intermetallics have the target composition
AlgTizsCrg (in at-%). Chemical analysis of the materials used for compression iesting are
published by Brown et al. and by Mabuchi et al. The laner is close to the target composition but
Brown et al. complain a loss of aluminium. Although the four alloys are prepared by four
different techniques, stoichiometry seems to have a crucial imporiance on controlling the
mechanical propenies. The marked influence of the Cr content on the hardness of Al-Ti-Cr
alloys reported by Nic et al, [7] confirms this hypothesis.

For AlsTisMn the agreement of the results of the different research groups is better. The alloy
of Zhang et al. [67] scems o be considerably softer than those of Brown et al. [65] and of the
own compound but a yield stress relatively constant in the temperature range from 300 °C up
to gbout 800 °C is confirmed by all three investigations. There is a difference at very low
temperatures. Contrary 1o the current results, Brown et al. report a pronounced increase in yield
stress at temperatures below RT.

As seen in section 4.2.3 for the AlsTioFe alloys of the two series, the results of compression
tests on such trialuminides published in the literature also differ markedly. Nevertheless, there
are two common findings. No marked increase of the yield point a1 the temperature of liquid
nitrogen is observed, neither in the present AlsTisFe (1%) compound nor in the work reported
by Kumar and Pickens [20]. In every case an anomalous strengthening is seen. In ref. [20] the
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stress peaks at about 400 °C, DiPietro, Kumar and Whittenberger [68] observe a peak at 500
°C and in the current case the strengthening continues np to 700 °C.

500 F
Brown et al.

= 400 | present work
&
= )
:’ 300 Mahuchi et al.
[T
§ Zhung et al.
< 200
2
b

100 |

0 1 1 ] 1 1 A 1 1 1 1 1 1 L 1

Test Temperature ("C)

Figure 5.2: Yield stress as a function of the test temperature for different AlsTisCr alloys.
Synopsis of curmrent results compared with the findings of other research groups.

Considering the reaction schemes of superdislocations on {111} planes presented in section
2.3.4, figure 2.8, the results of the compression tests must be analyzed under this aspect. While
antiphase boandary (APB) type dissociation is known to give rise to anomalous strengthening
in many cases, superlattice inrinsic stacking fault SISF rype dissociation leads 10 &t unusua)
increase in strength at very low emperatures because the complex, three dimensional fault
immobilizes the dislocation in the absence of thermal activation. Prototypes of these two
classes are NijA| for the APB type, showing a large anomalous strengthening, and Py Al for
the SISF type, known to exhibit a sharp increase of the yield point at temperatores below RT.
Figure 5.3 illustrates the yield stress of these two intermetallics and compeares it o the
behaviour of AlsTiyFe {14, It is clearly seen that the anomalous strengthening of the
trialuminide is small in comparisen to that of NijAl. Bui at low (emperatures, the increase of
the yield stress in AlgTisFe is negligible in relation to that exhibited by PtyAl, The latter fact
sustains the findings of TEM analysis, namely that the superdislocations are separated by an
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APB. This type of dissociation is confirmed for all compounds examined by TEM, ic.
AlsTizCr, AlsTisMn and AlsTizFe (15) and none of these three alloys show a pronounced rise
in yield stress at cryogenic temperatures. A SISF immobilizes wopographically the super-
dislocatien enclesing it, while a superdislocation separated by an APB does neither
antomatically undergo {111)-{010) cross-slip nor has this cross-slip always a pinning effect
on the dislocation. Both depend on the energetic and elastic anisotropy of the crystal.
Therefore, L1 intermetallics showing no distinct anomalous strengthening, like AlsTi;Cr and
AlsTiaMn, can belong to the APB class.
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Figure 5.3: Yieid stress as & function of test temperature. Data for AlsTisFe (15) are part of
the present work, NijAl after Mishima, Oya and Suzuki [69] and Pt3Al after Wee, Noguchi,

Oya and Suzuki [70).

As presented in figure 2.9, a further dissociation of the partials of the superdislocations in
Shockley partials is possible. Even under weak beam conditions, such Shockley partials are
never observed during TEM investigations. Taking eq. 2.19, it is seen that cross-slip of
Shockely partials, so closely scparated that they are not resolved in weak beamn, is relaied to an
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sctivation volume U < 400 b3 for the present alloys with a Burgers’ vector & = 0.28 nm (cf.
section 2.3.2).

TEM examinations of AlsTipFe (1) reveal cross-slip between octahedral planes at 500 °C and
{111}-(010) cross-slip at 700 °C. The serrated flow is most persistent in AlsTizFe (1%). In
this compound the saturation during static swain ageing tests becomes unstable at 225 °C
already, the activation energy is the lowest and it is the only material which exhibits a few
serrations even &t 700 °C. In spite of this, the measured sctivation volume confirms cross-slip
being the mechanism controlling deformation between 450 °C and 700 °C. The increasing
yicld stress seen &t these temperatures can be thus be interpreted, as for NijAl alloys, by
pinning cffects caused by the cross-slip of (111]1<01 1> superdislocations onto the cube planc.
The driving force of this cross-slip can be the anisotropy of the APB encergy, namely 72 '“Jlmo]
on {111} against 45 "‘Jlm, on {010) at 700 °C (cf. section 4.3.1). It is also possible that efastic
anisoropy may play 4 role in assisting the cross-slip process.

In AlsTi2Cr &nd Al5TigMn, the experimental activation volume in the range of 450 °C to 600
°C is too high to interpret the dominant deformation mechanism as cross-slip. It is likely that
the I values in this temperature range (500 b3 and mare) are related to the dynamic strain
ageing. At first sight, this a disagreement ta the findings of the strain ageing tests. In these two
alloys, the Portevin-LeCh#elier effect is less persistent and these materials have a higher acti-
vation energy, determined as Qg as well as Qapp. The contradiction that the deformation in
this temperature range seems to be dominated by DSA slthough strain ageing is less favoured
in AlsTizCr and AlsTizMn compared to AlsTioFe (1) can only be solved if the tendency to
cross-slip of dislocations in the Cr and Mn alloyed compounds is smaller than in AlsTipFe
(15, In this view-point the moderate srengthening identified in these alloys as a constant yield
stress between gbout 300 °C and about 600 °C is attributed to DSA. Above 600 °C, the
activation volume drops below 400 b3, suggesting cross-slip as the deformation mechanism.
At the same temperature, 8 marked increase in the ductility in compression is noticed,
indicating that the dislocations may overcome obstacles and reduce stress concentrations.
Cross-slip is a plausible explanation of such & dynamic recovery. Bearing in mind that 700 °C
corresponds o (.6 T, artother possible explanation for this increase in ductility is dislocation
climb. Unfortunately, no TEM investigations are available 1o check the correciness of these two
hypothesis.

It is interesting to speculate on the reasons for the differences in behaviour of the Fe containing
alloy versus the AlsTi2Cr and Al;TisMn alloys. The ease of cross-slip found in AlsTi;Fe (15
could be atributed 10 & higher driving force. Although no experimental values of the anisotropy
of the APB energy, v, in AlsTi;Cr and AlsTi;Mn are available, the difference beiween vy
and g are thought to be smaller than in AlsTisFe. Using a local density functional approach,
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Fu calculates the APB energies for AlySc and Al3Ti [26]. The high energy on [111]) plane is
attributed to the directonal bonding of d - p electrons. The decrease of the charge transfer from
Al1toTi,ie. the lowering of the directionality of the d - p bonds, accomplished by alloying of
less electropositive transition metals has two effects: First, the DOoq crystal structure of AlyTi
is converted to L1, and second, the APB energy on [111}, 13, is considerably reduced [60].
The lower dircctionality of the 4 - p bonds changes essentially vy, because an antiphase
boundary on an octahedral plane involves exclusively nearest neighbours with this type of
bonding. The APB energy on [010} is less affected [26]. As stated at the beginning of this
section, Cr and Mn lower the directionality of the p - d bonds more efficiently than Fe does.
The more isotropic bonding in Cr and Mn modified trialuminides gives rise to more equal
APB encrgies and, hence, smaller elastic anisoropy. Tt seems that dislocation pinning by cross-
slip is less common in AlsTizCr and AlsTisMn than in AlgTi;Fe becanse the driving force for
[111}-{010} cross-slip is insufficient. However, at a certain temperature, about 650 °C in the
present case, thermally activated cross-slip assists the dislocations to surmount obstacles,
enhances ductility and lowers the work hardening rate.

[c is difficult to estimate differences in the shear strength of atomic bonds due 10 the different
alloying additions in L1 wialuminides. Bearing in mind that all samples fail by transgranular
cleavage, that compresston samples of all alloys have the same dimensions and that the grain
sizes are similar, the variation of the stress at failure of only 30 % between the the most brittle
and the most ductile compound at RT suggests that differences in the strengih of atomic bonds
are relatively small. However, large changes in atomic interaction would destabilize the L1
crystal structure. The local stress within a stress concentration which leads 1o the separation of
atomic planes is not known. Unfortunately, it seems that for the L1; trialuminides the cleavage
strength is low and does not vary significantly from a phase with one alloying element to a
another. Hence, the similar ultimate compression strength observed in the five different
materials with L15 crystal structure {(cf. figure 4.7) can be understood, 1sking into account that
all compression samples have the same geometrical dimensions.

Considering the difference at RT in maximum stress Ry, and maximum strain, €nay, between
the two AlsTigFe intermetallics of the 15 and the 2™ series, it is seen that the excessive precipi-
tation in the atloy of the second series reduces both Ry, and €g,,,. At 700 °C, AlsTigFe (2™)
fails at a similar strain as at RT but at a higher stress than AlgTi;Fe (151, This indicates that
thermal activation helps the dislocations ta overcome the most active site of stress concentration
at RT, namely the Al;Ti precipitates, but the low cleavage strength hinders a further
deformation without breaking. Hence, the brittle fracture in all these trialuminides is not particle
or impurity induced but is directly related to their inwrinsically low cleavage strength,
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The ictragonal Aly(V,Ti) alloy must be considered separately. It does not have five independent
dislocation slip systems and deformation is accomplished primarily by twinning and only par-
tially by dislocation movement [14], Twinning provides only little macroscopic deformation
and, consequently, at low temperatores, samples made of this DOy material fail at very low
strains, even when deformed in compression. At high temperatures, dislocation slip is
enhanced and failure occurs at higher strains but still in a brittle manner. 1t is likely that
Al3(V,Ti) exhibit also an intrinsically low cleavage strength, since Ni3V which exhibits the
same crystal structure and the same deformation systems, is reported to have a good ductlity in
compression [16).

As presented in section 4.2.2, the first cracks on the surface of the compression semples appear
at very low strains. For the brittle compounds, such as AlsTipCu and Aly(V,Ti), the first
cracking is already catastrophic, while in the more ductile intermetallics these flaws grow and
join over a large range of strain before failure occurs. The cracks form under tensile stress at the
circumference where barrelling of the initially cylindrica! sample induces triaxial stress states.
In the brittle materials, the cracks seem to run through the whole sample although at very low
strains, before barrelling becomes imporiant, the sample is under nniaxial compressive stress.
In the ductile alloys, the compressive stress state inside the sample seems to stop the propaga-
tion of cracks. In this case, failure occurs after severe deformation. The zone of trigxial stress is
full of cracks, extends towards the middle of the sample and Joweres the load bearing section.
At a certain amount of deformation, shear deformation between the scarcely deformed dead
zone and the rest of the sample reaches its limit. Breaking spares the conical dead zones but
disintegrates the deformed region of the sample. The fragments found after failure support this
failure hypothesis.

Even the alloys appearing ductile in compression exhibit only minor plastic deformation under
tensile stress. This is seen in bend testing at RT, where the maximum strain is estimated 10 be
0.34 % in the best case. Tensile ests carried cut by Kumar and Brown confirm the poor tensile
ductility [71, 72). They investigate cast, hamogenized and isothermally forged AlgyTiosCrg and
AlgsTigsMng alloys. At room temperature, no measurable ductility is observed for the Cr
madified compound and the Mn modified imermetallic exhibits 0.2 % plastic daformation. At
800 °C, the maximum strain, A, is reported as A = 19 % for AlgyTipsCrg and as A =5 % for
Alﬁﬁ’l‘istﬂg.

Unfortunately, the ductility of the present mialuminides could not be related and compared to
the technically useful fracture toughness, Kye. Ky is a measure for the resistance of a material
against crack propagation and an interesting value considering the early flaws observed in
compression sample. As reported in section 4.2.2, cracks starting from a Vickers indemation
are much too imegular to deduce fracture toughness data. Taking the maximum load at which
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no cracks form by hardness testing, the materials can be separated into two groups. The first
group, containing AlgTi;Cr, AlsTiy(Mn,Cr), AlsTi;Mn and AlTiyFe {1%%), exhibit a crack free
load of about 30 kgf and extensive plastic deformation around the indentation. The second
group includes AlsTisFe (2, AlsTt,Co and Al3(V.Ti} and withstands a load of about 5 kgf
withont cracking and at higher loads, the cracks are irregular. Qualitatively, the indentation
experiments confirm the findings of ductility in compression.

The publication of Tumer et al. [23], mentioned in section 2.1.4, considers the deformation
occuring by slip of undissociated <110> dislocations, because at that time, these authors do not
see separated superdislocations by TEM examinations. Although the present work proofs the
dissociation of the dislocations into pairs of 1,|'2<110> partials, the Rice-Thomson citerion
(thfy; < 10 for ductile behaviour, [22]) is stll fulfilled, since a single partial dislocation cannot
slip away from the crack tip and the Burgers' vector & = a<110> must be considered. Taking
b =10.56 nm and y = 84 GPa [60] and the true surface energy, ¥, =~ 2.4 Jm2 [23], the Rice-
Thomson ratio is calculated as jbfy; = 20 for the present L1, wialuminides. Hence, the Rice-
Thomson approach predicts britileness correctly. Decreasing the Rice-Thomson ratio would
require either lowering the shear modulus or increasing the surface energy or finding a smaller
Burgers vector. The latter is baund to the operating slip system and the other two parameters
depend on the electronic structure of the crystal and can be modificd by suitable alloying. As
shown previously, varying the temary alloying additions does not provide an effect which
would suppress cleavage and enhance ductility fundamentally. Another criterion, similar to the
Rice-Thomson ratio, is proposed by Pugh [73). He expects ductile behaviour if K/ > 2, where
K is the bulk modulus. For AlsTiFe, the bulk modulus is reported as K = 89 GPa [23], giving
rise to K/t = 1.1. Apain, the Pugh criterion predicts brittleness correctly.
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5.3 Activation Volume and Dislocation Dynamics

The dependence of the activation volume, U, on temperature in zone 1 proofs that deformation
occurs not by an athermal process (cf. table 2.1). An increasing U with increasing applied
stress, ©, can be interpreted as the increase of the thermal stress component (@ = 0y, ), where
Ojt is the internal stress. As reported in section 2.3.2, Biget and Saada observe a dependence
of the activation volume on stress as

U = B{o ~ o2 (2.23)

where B is a constant [49]. There is a reasonable agreement with eq. 2.23 for the current
imermetallic alloys. As an example, figure 5.4 depicts a plot of the applied stress as a function
of UL:5 for AlsTiMn (figure 5.4a) and AlsTigFe (159 (figure 5.4b) at RT.

Unfortunately, only a few data on o and U at the temperatures of zone I are available. Even
worse, the yield stress measured at - 60 °C is unusually high for AlgTi;Mn and AlsTigFe (159
(cf. table 4.3), so that a siatistically relevant extrapolation of the activation volume at 0 K
following the method of Biget and Saada [49] is not possible. In spite of this, the consequences
of such an extrapolation will be discussed guatitatively.

Bearing in mind that at 250 °C the internal stress in AlsTipMn is determined as
Gim = (0.95 £ 0.03) o, thus (a - G;,) = (0.05 £ 0.03)5, fipure 5.4a shows in fact a depen-
dence U ~v (0.056)2. AlsTiyCr and AlsTigFe (1) are believed to behave similarly although
neither measurcments of activation velume at temperatures below RT are performed in the first
case nor data on Gy, arc available in the second case. The following discussion focuses on
AlsTi;Mn as an example for all three alloys. Considering the small variation of the yield stress
between - 196 °C and 300 °C only a mild dependence of O, on temperature is expected. On
the other hand, at very low temperatures close to absolute zero, o is expected to increase which
in tum gives rise to a large difference (o — Gipy).
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Assuming for a Peierls’ mechanism U = 10 53 a1 0 K, it is seen by means of eq. 2.22 that
{0 - Gipe) would have to increase by a factor of five, i.¢. a drop by a factor of 25 in U, between
RT and O K, which would lead to a yield stress of more than 450 MPa at 0 K (compared to 310

-MPa at RT and 340 MPa at -196 °C). However, a relatively sharp increase of the yield stress
between 77 K and 0 K as would be expected for V < 10 b} at 0 K scems rather unlikely, since
such a behaviour of the flow stress is comman for ordered phases which deform by superdis-
locations separated by a SISF and not by an APB as the present rialuminides. In this view-
point, a Peierls’ mechanism controlling deformation at very low temperatares is not excluded
but unlikely. '

If solution hardening dominates dislocation glide at 0 K, the expected activation volume at this
temperature can be deduced using eq. 2.20. Assuming & concentration of oxygen in solution of
200 ppm (cf. ref [57]), the corresponding activation volume is deduced as 70 i<l <3503
{depending on x in ¢q. 2.20). Even the lower limit is more than the measured U ar -196 °C,
while U is thought to decrease towards lower temperatures. Under the condition that the order
of magnitude of the limit of solubility of O in AlsTi;M type intermetallics is correct [57],
oxygen as the element responsible for salutian hardening is ruled out. Taking the concentration
of the ternary alloying addition, 8 %, the corresponding activation volume at 0 K is estimated as
4 b3 < U <18 b3, depending on x in eq. 2.20. For U = 18 b3, (0 = ;q,) would have 10 increase
by a factor of 3.5 between RT and 0 K. In wm, this would give rise to a yield stress in the
magnitude of 400 MPa at 0 K, which seems a reasonable value for an ordered atloy in which
dislocations are dissociated by an APB and for which no marked increase of the flow stress at
very low temperatures is expected.

It must be emphasized that this is a rough estimation using the small data base on the activation
volume available at low wemperatores. Qualitatively, U is expected 10 decrease considerably
(e.g. by a factor of two) but not drastically (e.g. by a factor of ten)} between the lowest
experimentally measured value at -196 °C and absolute zero. The consequences for the defar-
mation mechanisms are the following:

+ A Peierls’ mechanism controlling the dislocation movement at very tow temperatures is
unlikely.

+ Solution hardening as the mechanism controlling deformation at 0 K would base on solutes
in a concentration in the order of magnitude of %. The ternary alloying additions (Cr, Mn
and Fe) with a concentration of B % cannot be excluded as the solute atoms responsible for
sclution hardening,
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in zone 11, beginning at RT, the influence of dynamic strain ageing (DS A) becomes increasing-
ly important. Solute atoms are shown to act as obstacles and control dislocation slip at low
temperatures, But in zone 11, these obstacles evolve during dislocation movement, or more
precisely, solution hardening becomes more pronounced during the waiting time a dislocation
is pinned in front of an obstacle. The interaction of solute atoms with dislocations draws the
solutes towards the dislocation and they segregate around it. While the model of the activation
volume considers one single dislocation, i.c. one single superpartial in the present case, DSA
affects the superdislocation as a system comprising the pair of partials and the APB ribbon. For
example, the increasing concentration of solutes at the APB will change the APB energy which
additionally influences the mobility of the whole dislocation system. Another cxampie, the
leading partial of a superdislocation cannot break away of the solute pinning unless the trailing
partial is also enabled to do the same. It is not a simple atmosphere of solutes which affects the
dislocation slip but a complex diffusional process increasing the effective local selution harde-
ning as well as lowering the APB energy. Compared to this, the base of the model of activation
volume, i.e. sTip of one independent superpartial, does not hold. Hence, the values of U measu-
red in zone II have poor significance. Just as the findings of activation volume measurements
and static strain ageing experiments cannot be compared directly because the atomic model of
the dislocation is different in each case. In this view-point it is also useless to try an
interpretation of the quantitative difference of the activation volume of AlsTioMn and AlsTioFe
(1% in zone 11, The plastic behaviour at the temperatores of zone 11 is dominated by the
dynamic strain ageing. The strain ageing experiments provide a further description of this
process, which take into account the whole superdislocation as a system, cf. section 5.4.

Dynamic strain ageing controls deformation in zone III. As mentioned above, a further
interpretacdion of the deformation mechanisms in terms of the activation velume are impossible.

In zone 1V, Shockley cross-slip is the most likely mechanism controlling deformation in
AlsTipFe (I%). This means that there is a continuous transition from the DSA process 10 the
cross-slip process. Indeed, both processes could exist in parallels over a certain range of tempe-
rature. In this case, the mechanism controlling deformadon is that ene which provides the more
effective dislocation pinning. Cross-slip gives rise to the anomalous strengthening, while the
effect of DSA on strength is much lower and in AlsTi;Fe (1%) it is probably even masked by
the influence of (111} - {010} cross-slip. Hence, the immobilizing effect of cube cross-slip on
dislocations must be higher than in the case of DSA.

The parallel existence of DSA and cross-slip, even at the same temperature, is illustrated by the
fact that at low strains, serrated flow is observed, while at higher strains, the flow is continous
(cf. figure 4.8, 600 °C). This suggests that DSA plays a major role in the small range of
deformation ar the beginning of the plastic flow (cf. table 4.5). A prerequisite for measurements
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of U is homogeneous flow, thus no experimental data of the activation velume in the regions of
serrated flow are available, but U is expected to be negative. The activation volume indicates the
mechanism relevant 1o deformation or, in other words, identifies the main obstacle to disloca-
tion slip. Considering the model of Paidar, Pope and Vitek for the anomalous strengthening,
{111} - [D10] cross-slip can pin a superdislocation before it has completely cross-slipped, i.c.
hefore the APB it encloses, lies on the cube plane. Although <1 10> superdislocations on {010}
are observed only at 700 °C, cube cross-slip can be the most imponant obstacle to dislocation
glide in the whole temperature range of zone I'V. This implies that the driving foree for cube
cross-slip must be relatively high in AlsTisFe (159, otherwise the effect of strain ageing, i.e. an
"atmosphere” of solotes dragged along with the dislocation, could not be masked by the cube
cross-slip. The anisotropy of the APB energy in AlsTioFe (yy14/¥p19 = 1.6) support the
assumption of a high driving force for (111} - (010} cross-slip.

The activation volume for AlsTi;Cr and AlsTi»Mn, measured when serrated flow is overcome,
is considerably higher than that observed for the Fe alloyed compound. The values,
500 b* < U 5630 b3, cannot be astributed to one of the obstacles o dislocation glide presented
in section 2.4.2. There is no objection, neither on the microscopic nor on the macroscopic level,
to suppose that dominant deformation mechanism in the region of homogeneaus flow is the
same as in the region of serrated flaw. This means that there is a ansition from severs
dynamic strain ageing, manifested as the Portevin-LeChftelier effect with a corresponding
negative U, to DSA manifest as a solute “atmosphere” dragged along with the moving
dislocation and changing the dissociation distance of the superpartials quasi instantly. This
steady strain ageing gives rise 10 a macroscopically continuous flow and controls the
dislocation movement in AlsTi;Cr and AlsTi;Mn in 1he 1emperature range from 450 °C 10
about 600 °C. The effect of DSA is not masked by the beginning of {111} - [010} cross-slip
as in AlgTiyFe. This fact indicates that the driving force for such cross-slip is smaller in
AlsTipCr and AlsTizMn. Unfortunately, ne experimental data on the APB anisotropy of the
latter two alloys are available, but the tendency of Crand Mn to create more isotropic atomic
bonds than Fe does, sopports the hypothesis of different driving forces for cube cross-slip
esiablished in section 5.2,

At even higher tlemperatures, the acdvation volume for AlsTioCr and AlsTi;Mn drops to values
consisient with cross-slip. As seen above, the {111}-{010} anisotmopy of the APB energy in
these intermetallics is probably lower than in AlsTisFe. Hence, the driving force is smaller and
the onset of {111} - {010} cross-slip is shifted to higher temperatores where thermal activation
is enhanced. The absence of an anomalous strengthening in these two alloys at 700 °C indicates
that the dislocation pinning effect due to cube cross-slip is relatively moderare. In this case, the
transifion from DSA 10 cube cross-slip as the dominant deformarion mechanism is explained
rather by exhaustion of DSA than by energeuically more favorable cross-slip. Although less
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effective than in AlsTi,Fe, dislocation pinning by cube cross-slip becomes the most important
obstacle to dislocation movement in the Cr and Mn alloyed trialuminides, as suggested by the
activation volume. However, cross-slip acts not only as anchoring point it is also an anxiliary
means for dislocations to overcome obstacles, as indicated by the enhanced ductility of
AlgTiyCr and AlsTisMn a1 700 °C.
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5.4 Diffusion and Strain Ageing

Serrated flow seems to be a phenomenon commonly observed at intermediate temperatures in
Li, wialuminides. It is reported for different alloys, e.g. Alp;TigFe; [74], AlgyTiasAgg [75],
AlsTipCr, AlsTigMn and AlsTiQCu. [57]. Kumar, Herring and Whittenberger observe a coingi-
dence of the temperature range of serrated flow and of the positive temperature dependence of
smength in their Fe modified wrialuminide (74). The authors believe the serrations to originate in
the cross-slip behaviour intrinsic to this material. Mabuchi, Hirukawa, Katayama, Tsnda and
Nakayama see continuous serrations during the compressive deformation of their Ag alloyed
compound at 400 °C [75]. For these authors, it is doubtful that this Portevin-LeChételier effect
is intrinsic 10 the terpary L1, alloys, but no explanation is offered. More recently, Potez,
Lapasset and Kubin identify the serrated flow of Cr, Mn and Cu modified trialuminides in the
temperature range of 300 °C to 500 °C as dynamic strain ageing [57]. This gronp of searchers
try 10 explain the phenomenon by segregation of oxygen to the dislocations. Two AlsTizCu
alloys with different O content exhibit almost the same strain rate sensitivity and similar
serrated flow at 300 °C. It is argued that, on the one hand, the solubility of O in the L14 matrix
can be lower than the oxygen concemration in the purer intermetallic, thus O can still be
responsible for DSA, or, on the other hand, a simple redistribution of solutes within the
distorted regions of the dislocadon cores can canse DSA.

One reason for the disagreement on the interpretadon of the serrated flow is the hardly investi-
gated and poorly undersiood diffusion properties of solutes in ordered compounds. Van Loo
and Rieck [76] investigate diffusion in the binary system Al-Ti. Using diffusion couples of
different Al-Ti alloys, the cocfficient of diffusion is measured. The diffusivity is seen to be the
highest in Al3Ti compared to all other stable phases in the Al-Ti system. For the diffusion
couple AI-AlsTi, the activation energy of diffusion is determined as D = 94 X/, .. Conscious
of the relatively low temperatures investigared (516 °C 10 642 °C}, the authors atribute this low
value to grain boundary diffusion.

Kumar and Whittenberger deduce the interdiffusion coefficients from concentration-distance
profiles that are generated from AlgyTiagCrg - AlggTiasMng diffusion couples which are
exposed to temperstures in the range of 700 °C to 1000 °C [77]. Both materials are completely
soluble in one another and the couple system is treated as pseudobinary. The activation energy
for Mn (Cr) interdiffusion varies between 260 M/ < D 350 ¥/, 1 depending on the
relative Mn concentration. The marked deviadon of the interdiffusion data a1 700 °C is assumed
to be the result of grain bonndary diffusion. Considering only the diffusion data between 700
°C and 800 °C, the activation energy is determined as D = 90 ¥/ ., compared to 350 K/, in
the temperature range of 80O °C to 1000 °C. Thus, at intermediate temperatures, there is an
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agrecment with the actvation energy of diffusion in the Al-Al;Ti couple of van Loo and Rieck
[76]. Bearing in mind that Mn replaces Al in Al3Ti, this seems to be reasonable.

Apparently, there is a large difference between the diffusion coefficients of volume controlled
diffusion at high temperatures and of grain boundary or pipe diffusion at intermediate tempe-
ratures. It is supposed that the degree of long-range order in Al3Ti-based ordered compounds
hinders bulk diffusion and gives rise to correspondingly high activation coergics for volume
diffusion but diffusion in regions of disturbed order such as APB or grain boundaries is much
more favorable. It is generally accepted that there is a complex dependence of diffusional
mobility and the degree of order. An increase in the degree of long range order, S, leads to a
decrease in diffusional motility. There is experimental evidence for the dependence of the self
diffusion coefficients on § in Al-Fe intermetallic phases, in Nig(Al,Ti) and in P brass [78). This
is explained by the energy point of view. In 2 material with a high degree of order, the transfer
of an atom to on¢ of the nearest neighbour sites of another sublattice is not favorable, It is
assumed that the diffusion mechanism involves the movement of atomic groups withont
disturbing the long-range order {78]. On the other hand, in a partially ordered alloy a normal
diffusion mechanism involving single vacancies is possible. The present case of ternary
ordered intgrmetallics has its own peculiarities, There are not only Al and Ti sublattice sites,
furthermore it is not known whether there is a cenain preferential ordering of the ternary
element within the Al sublattice and whar this ordering would comprise. X-ray diffraction
shows no peak which can be attributed 10 such an additional order. Considerations, what a
region of disturbed order means on the atomistic level, are only speculation. I is clear that a
1ermary atom in excess on a shear produced APB reduces the APB energy. Higher
concentrations of the ternary alloying sdditions are thought to destabilize the L15 order. On the
other hand, a shear produced APB creates a new stacking sequence which can represent a new
local order (cf. the relationship between DOj; and LI, figure 2.1}, However, the great
difference in the activation encrgy of diffusion between high and intermediate temperatures
snggest that there is a pronounced preference for diffusion along the superdislocations or grain
boundaries in Al3Ti based compounds at intermediate temperatures.

The activation energy has been determined a second time using the model of varying APB
cnergics. As seen in section 4.3.3, the activation energies calculated for the APB relaxation
theory are similar to those for the segregation model for AlsTizCr and AlgTizFe (15). For
AlsTigMn, the marked difference between Qg4 (79 Ufmol) and Qapp (29 Winan is explained
by the, considering the whole temperature range under investigation, poor approach of the
simple APB relaxation model to the experimenial results. Q4 pg determined by the method in
section 4.3.3 depends on the temperature homologous 10 the onset of the unstable saturation.
Contrary to the Cr and Fe alloyed compounds, unstable saturation is not yet observed at the
highest temperature nsed during static strain ageing tests for AlsTipMn. However, only direct
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TEM observations of the evolution of the dissociation distance would supply further APB
relaxation data to establish more complex antiphase boundary relaxation kinetic models ( cf. ref
[38)) or an identification of different ageing steps, ¢.g. locally higher solution hardening and
only minor APB relaxation at lower temperatvres and APB relaxation with almost canstam
local solution hardening at higher temperatures.

Static strain ageing cannot be used 10 establish diffusion coefficients. The system investigated
docs not correspond to a diffusion couple, fience. the pre-exponential factor is not defined and
it is not known which species of atoms diffuse. Nevertheless, the values of Qgu can be com-
pared to known activation energies of diffusion to check if there is a correspondence. The
activation encrgies determined by strain ageing tests are believed to describe the same process
which controls diffusion in the experiments of van Loo and Rieck [76] and Kumar and
Whirtenberger at lower temperatures [77]. Diffusion in regions of disturbed order in the case of
strain ageing means diffnsion around the APB ribbon spread out by the superdislocations, This
explains also the increase of the dissociation distance of superpartials observed by in-situ
annealing in TEM [62]. Considering that the segregation model agrees better with the experi-
mental data than the APB relaxation model (cf. figure 4.17¢ to 4.17e and 4.27, respectively), it
is supposed that the process of breadening of the APB ribbon comprises not only the
rearrangement of atoms lying directly at the favlt plane but also the segregation of atoms
normally occupying the Al sites to the fault. In disordered alloys this phenomenen is known as
Svzoki effect. The driving farce is the terdency to equalize the overall energy by lowering the
APB energy. The disturbed order at the fault plane promotes diffusion.

Again, the tetragonal Aly(V.Ti) intermerallic behaves differendy. On deforming this material in
the eritical temperature range, no regular serrated flow is seen. The sporadic drops in the stress-
strain curve gre clearly due to cracking. It must be kept in mind that this DOy phase is still
very brittle at these temperatnres. Although no detailed analysis has been accomplished on the
strain ageing behaviour of Aly(V,Ti), it is interesting to specolate on the reasons for the absence
of the Porevin-LeChételier effect. It is kaown that deformation in this compound is carried by
twinning and dislocation glide wogether [14]. In the present case, zones of a considerable
dislocarion density and free of 1wins are seen in a sample deformed 0.5 % at 300 °C. Figure 5.5
shows a TEM micrograph of such a zone.

The question of the missing pinning effect at this temperature rises. The content of interstitials
in Al3(V,Ti) is thought to be similar to that in the other L14 intermetallics becanse the same
preparation technique is used. As in AlsTizCr, AlsTiaMn and AlsTisFe (1), segregation of
interstitial atoms is vnlikely to cause dislocation pinning. There is no evident reason that
serrated flow shonld be intrinsic to the L1; crystal structure. The active dislocation slip
systems are the same and the APB energy is similar, e.g. ¥y, ~ 200 mJm 2 for AlyTi at 400
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6. Two Phase Materials
6.1 Introduction

Since even AlyTi-based intermetallic phases with a cubic crystal structure are probably
intrinsically brittle, it is obvious to start the research for the combination of the good properties
of these trialuminides (low density, good oxidation resistance, good strength at elevated
temperatures) with the ductitity of other marerials. The two methods to improve ductility by
creating a composite investigated within the frame of this work are:

» Embedding the brittle intermetallic in a ductile matrix. Such a type of aluminium base
"superalloy” is prepared by mechanical alloying of elemental Al and Ti powder.

= Reinforcing the brittle intermetallic matrix with a ductile second phase. This composite is
prepared by mixing intermetallic and element powder and HIP.

The results of both material developments are presented in the following section.

6.2 Mechanically Alloyed Al - Ti Materials
6.2.1 Evolution of the Powder Morphology

A detailed analysis of the Al-Ti alloys prepared by mechanical alloying (MAY) is reported in ref.
[20].

Figore 6.12 and 6.1b show the evolution of the degree of mixing of the elemental components
within the Al-12.5%Ti alloy. During the initial stages of milling, a lametlar strucmure of welded
elementat Al and Ti plates is produced. After 5 b milling (figure 6.1a), the coarsest lamellae are
a few pm thick. Further milling leads to a refinement of the lamellac thickness. After 10 h mil-
ling (Figure 6.1b), their thickness is close to the resolution of light microscopy. Still further mil-
ling leads to optically uniform powder particles but severe powder welding occuors and only a
small fraction of the initial charge can be removed as uscful powder. The decrease in paricle
size with increasing milling time is characteristic for all MA alloys presented here. The grains
presented in figare 6.1 correspond 10 the largest size found in each powder charge. The shape
of the powder particles up to a milling time of 10 h is relatively spherical, having a smoother
surface with increasing milling time. For alloys containing more Ti a similar evolution of
powder morphology is seen. For comparison, figure 6.1c illustrates the lamellar strucrure of a
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The yield and maximom strength decrease generally as the homogenization temperamres
increases, while at the same time the tensile ductility increases considerably, The material heat
weated at 600 °C is not as homogeneous as the two samples annealed at 700 °C and 80¢ °C (cf.
figure 6.2). The properties of this less homogeneous material are expected to be inferior than
those of the other two samples.

alloy consolidation 0.2 % yield maximum reduction in
temperature stress [MPa]) stress {MPa) length (%]
[°C]

Al-12.5%Ti 500 340 553 7.5
Al-20%Ti 700 490 664 7.8
{extruded) 200 468 678 8.0

820 503 625 5.3

850 474 658 58

Al-20%Ti 500 839 1295 2.2
(compacted) 700 1202 1425 0.8
800 792 947 0.2

Al-24%Ti 800 - 319 03
900 - 734 0.2

1000 - 894 0.2

Al-25%Ti 700 - 221 0.0
900 - 357 0.1

1000 - 795 02

Al-26%Ti 800 - 226 0.0
900 - 278 0.1

1000 - 449 0.1

Table 6.2: Resuvlts of the compression tests on Al-Ti alloys milled for 5 h. Al-12.5%Ti is
homogenized at 700 °C all other materials at 800 °C.

Figore 6.5 illustrates graphically the influence of the Ti content and of the temperature used for
extrusion (Al-12.5%Ti ) or hot compaction (Al-20%Ti, Al-24%Ti, Al-25%Ti, and Al-26%Ti)
on the strength of these alloys. For the more ductile materials the 0.2 % yield stress is shown,
for the other very brittle materials, the maximum stress is taken. The 12.5 % Ti sample exhibits
a strength of 340 MPa and a strain at failure of 7.5 %. The 20 % Ti material is sensitive (o the
consolidation temperature used. Compaction at 500 °C leads to a weaker but more ductile
material. But this sample is not fully dense and the improved ductility may appear because of
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densification during testing. Compaction at 700 °C leads 1o a very strong material with almost
1 % lengih change. Compaction at the highest temperature of 800 °C leads to a reduced
strength and ductility. The 24 % to 26 % Ti alloys all fail in a brittle manner at a stress strongly
. dependent on the compaction temperature. The strength continues 10 increase up to the compac-
tion temperawre of 1000 °C, implying that still higher temperatures should be used for
consolidztion. If the compaction temperatre is rised towards 1000 °C, all these three alloys

begin to show signs of plestic deformation before failure, namely 0.1 % to 0.2 % length
change.
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Figure 6.5; Compressive strength as a function of titanium content and of the temperature used
for consolidation.

6.2.4 Discussion

Although the powder particles of Al-12.5%Ti and the more titanium-rich alloys have similar
microstructures (¢f, figure 6.1}, the temperature of consolidation has a different influence on
materials with either low or high Ti content. For Al-12.5%Ti, a lower homogenization tempera-
ture is seen to lead to higher swength, Experiments with a milling time of 12 h show that a fur-
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ther gain in yield stress is possible using longer milling times. An optimum strength is reached
milling the powders to a fire, almost homogeneous scale of elemental mixing and employing
low temperatures of homogenization and consolidation. By this method, a very fine
microstructure is maintained. However, in the present experiments the milling time is limited
by severe welding of powders to the balls and container which occurs in spite of the process
contrel agent. The coarsening of the microstructure observed after heat treatment at 700 °C or
BOO °C suggests that only mehing of the aluminium phase promotes the loss of the fine scale
microstructure. Considering also the fact that extrusion of Al-12.5%Ti is impossible at 400 °C,
the thermal stability and mechanical properties at intermediate temperatures are expected to be
good for aluminism altoys.

Densification of this material is a question of filling the voids between the Al3Ti phase. A
temperamre low enough o avoid coarsening but high enough for aluminium to form a continu-
ous matrix will be the best compromise for consolidation. While coarsening leads to a decrease
in strength and an increase in ductility, insufficient bonding of the Al phase is expected to
reduce both strength and ductility. The strength of these MA alloys is related to the
eftectiveness of the milling process in producing a uniform dispersion of Ti within the Al
powder particles, giving ris¢ w0 a fine uniform dispersion of Al3Ti in the final alloy. Further,
since the Al;Ti phase is likely to be well bonded to the Al matrix (having been formed "in-
situ”), interface decohesion does not hinder plasrical deformation, as is confirmed by fracture
sorface investigations (cf. ref. [E0]).

For the materials richer in Ti, namely Al-24%Ti, Al-25%Ti and Al-26%Ti, the influence of
homogenization temperature is opposite 1o that observed for Al-12.5%Ti, i.c. the strength
increases with increasing annealing temperature. Furthermore, under the conditions of hot
pressing vsed, it is not possible o effectively consolidate the materials with 24 % 10 26 % Ti.
The mechanisms involved in consolidation of these materials is completely different from the
consolidation process in Al-12,5%Ti. In the latter case, hard AlyTi particles are embedded in a
soft or even molten matrix during consolidation. For alloys with 24 % to 26 % Ti, there is no
evidence of a soft second phase. They consist of nearly single phase Al3Ti. Densification is a
process of diffusional bending and flow of the former powder panicles. After homogenization,
these particles are intermetallic Al3Ti with a very fine microstructure and, probably, still cold
worked from MA. 1t is obvious that a higher consciidation temperature means easier diffusion
and betier bonding and it is logical that samples compacted at higher temperatures exhibit better
strength.

The stress at failure of this not optimaily consolidated MA Al-25%Ti material is much greater
than the maximpm stress reported for cast Al3Ti [12], Such cast alloys have a very coarse
microstructore with a grain size on the order of 1 mm and are very britile. The strength of the
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MA material is stll twice that of the closely related Aly(V,Ti) compound which has a grain size
of abont 20 pm (cf. table 4.3). This underlines the importance of the fine microstructure on the
mechanical strength of the alloys prepared by mechanical alloying.

The compacied Al-20%Ti material exhibits both mechanisms, the drop in strength by consoli-
dation at 800 °C due to structural coarsening as well as the lower strength at the 500 °C con-
solidation temperature due 10 insufficient bonding. Following exirusion, the strength of this
alloy is considerably lower than after comﬁacﬁon at the same 1emperaare (cf. rable 6.2). Two
reasons can be advanced to explain this difference. First, during extrusion there is a preferental
extrusion of the softer Al phase such that the alloy becomes effectively poorer in Ti content.
Second, during extrusion there is a significant adiabatic heating which leads to structural
coarsening. Quamitative analysis confirms both, a higher apparent volume fraction of the Al
phase as well as coarser Al3Ti particles in the extruded material [80]).

Comprehensively, near single phase AlyTi material prepared by MA exhibit very good strength
at RT, but the milled powders are difficult to consolidate and the compression samples fail in a
very britile manner. Two phase Al-Al;Ti materials, similar to Ni-y superalloys, can be conso-
lidated successfully on a laboratory scale. These alloys have promising mechanical properties
and offer the potential to be developed as high temperature aluminium alloys. Properties
comparative or better than those of sophisticated Al alloys (e.g. Al-8Fe-4Ce) can be expected.
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6.3 Intermetallic Matrix Compaosites
6.3.1 Introduction

Brintle solids an be toughened by incorporating a ductile second phase into them, i.¢. creating a
composite. The physical mechanism of toughening is clear: if ductile ligaments bridge the
advancing crack, they must stretch as the crack opens until they fracture or decohere. The work
of siretching contributes to the energy absorbed to open the crack and increases the overall
toughness of the composite. Figure 6.6 illustrates a crack advancing in a brittle matnix,
intersected by ductile particles.

Figure 6.6: A crack in a brittle mairix, bridged by ductile particles.

If the particle is so weakly bonded to the matrix that it easily pulls free from the matrix as the
crack approaches, then it is not stretched and there is almost no contribution 10 the 10ughness.
Apan from decohesion, another mechanism can diminish the contribution to the toughness. If a
brittle reaction zone forms berween the particle and the matrix, an approaching crack will frac-
ture this weak interface and incorporate it into its path. The ductile particle is not deformed
plastically and does not absorb energy. Ashby, Bilunt and Bannister show that the energy
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absorbed in stretching the panticle depends strongly on the degree of constraint (813, They find
that a completely adhering particle can constrain only poorly. Hence, an optimum in tonghening
effect is achieved if the particle decoheres pandally from the matrix a1 the crack surface. The

. best effect on increasing the fracture toughness is observed when the particle-matrix interface
strength is of the order of magnitude of the shear stress of the matrix.

6.3.2 Microstructure

Figure 6.7 shows the microstructures of HIPped AlsTipFe powders mixed with different
amounts of clemental Fe powder. In figure 6.72, the volume fraction of Fe powder is 1.4
vol.%, in figure 6.7b 2.8 vol.%, and in figure 6.7c 5.5 vol.%. Optically, the material is
completely dense, but contaminated with some dark appearing impurities. In the intermetzllic
matrix, the former spherical powder particles are still visible. Around the iron particles there are
large reaction zones comprising a1 least two different layers. Tt seems that the elemental Fe
dissolves in the AlsTizFe matrix forming different intermetallic compounds. No chemical
analysis of the reaction zones are performed but phases like Al,FeTi, AlFe,Ti or Aly(Fe,Ti) are
reported to ocour in the ternary phase diagram [6). The distribution of the Fe grains is not
homogeneons over the whole section of the HIP can. There are zones of higher and lower
densities of elemental Fe, but there seems 1o be no preferential site for these zones, Allin all,
the distribution of the ductile phase can be characterized as almost arbitrary with a slight
tendency to form agglomerates. Al micrographs in figure 6.7 are taken in zones of higher iron
density. As expected, the microstructures of all three composites are very similar apart from the
varying content of the Fe phase.

Figure 6.8 depicts composites based on an AlsTioMn marrix and mixed with about 4 vol.% of
different clemental metal powders, namely Nb, V and W. These materials are prepared by the
same method as those presented above. This second series of inlermetallic matrix composites
seems to be completely dense. Figure 6.8a shows niobium particles in the AlsTizMn matrix.
As seen in the micrograph, this material is severely cracked after the HIP treatment. There is a
large multi-layer reaction zone having a thickness of about 10 um around each Nb grain. The
owermost layer is optically anisotropic which gives rise to the speckled Bppearance under pola-
rized light. According 1o the temary Al-Ti-Nb phase diagram Al;Ti and Al3Nbare completely
soluble in each other and (he phases AINb; and AINby have a large range of solubility for Ti
[82, 83). It is likely that the different layers are composed of phases structurally related to the
four compounds mentioned before. For TiAl-Nb composices, the existence of the o phase
AlINDb; is confirmed by the work of Evans, Bartlett, Davis, Flinn, Turner, and Reimanis [84].
The reaction zones seem to be very brittle considering the cracks following them. On the other









123

hand, crack stopage is seen when the crack tup enters the Nb phase. The reaction zone around
vanadium particles (figure 6.8b) is an order of magnitude smaller than that around Nb. In the V
composite, the reaction zone consists presumably of AlgVs which has a certain range of

-solubility for Ti [13]. In this sample, only minor cracking is observed afier HIP consolidation.
Figure 6.8c presemis tungsien particles in the AlsTiyMn matrix. Optically ro reaction zone
between W and the intermetallic matrix is seen. This composite shows severe cracking after
HIP. If a crack meets a W particle, it does not crack but it does not stop the crack either. The W
phase seems not to affect the propagation of cracks.

6.3.3 Ductilization Effect

The aim of the addition of a second, ductile phase to the intermetallic matrix 15 increasing the
toughness by hindering crack growth and bridging existing cracks by plastically deformable
particles. Hence, hardness tests are performed to study the crack formation and propagation
originating from the indentation (¢f. section 4.2.2). Unfortunately, the AlsTi;Mn + Nb and the
AlsTizMn + W composites are completely cracked, probably due to large differences in
thermal expansion. In both materials a flawless zone large enough to assure nndisturbed crack
growth from an indentation cannot be found. For the AlsTiyMn + V material, a severely
deformed region full of small cracks around the mark of the diamond pyramid and no long
cracks starting from the indentation are observed. Consequentty, for the AlsTisMn based
composites the influence of the ductile phase is studied on the existing cracks after HIP. Table
6.3 summarizes the results of the hardness 